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Activities of Oxides in CaO-FeO-Fe,O; Melts 


E. T. Turkdogan 


The activities of CaO, FeO, and Fe2,0s are calcu- 
lated from the available experimental data on the 
activity of oxygen in Fe-Ca-O melts. The free en- 
ergies of formation of magnetite and dicalcium fer- 
rite computed from the oxide-activity data agree 
within about 3 kcal with those derived from thermo- 
dynamic data. The molal and excess free energies 
of formation obtained from the activity data show a 
progressive increase in the negative deviation from 
the ideal solution law as the composition of the melt 
approaches the CaO-Fe,O, binary side. Indications 
are that for a given ferrous oxide or calcium oxide 
content, the free energy of formation for different 
systems decreases in the following order: 
CaO-Al,O;, CaO-Fe,03, and CaO-SiO,z. 


Tue state of oxidation of iron in Fe-Ca-O melts 
was first studied by White’ and later by Gurry and Dar- 
ken,?and by Larson and Chipman;’ they equilibrated 
calcium ferrite melts withair, CO,,and CO,-CO mix- 
tures at 1500° to 1600°C over a wide composition 
range. The results of these three independent stu- 
dies are generally in good agreement. Using these 
data on oxygen activities, Larson and Chipman* com- 
puted the activities of CaO, FeO, and Fe,O, in CaO- 
FeO- Fe,O, melts. 

In a recent paper by Turkdogan and Darken® con-. 
cerning the equilibrium measurements on sulphur- 
reaction in calcium ferrite melts, it was shown that 
the ratio ¥¢, 50, /Yc,0 increased with decreasing cal- 
cium oxide content of Fe-Ca-O melts at Po, = 1.0. 

If the CaO activities computed by Larson and Chip- 
man were used, unusually high y-,>59, values were 
obtained, and closer examination of their computed 
activity data indicated some inconsistency in their 
calculations; this inconsistency may be checked by 
applying the tangent-intercept rule derived by Schuh- 
mann® from the Gibbs-Duhem equation, as described 
later in this paper. In view of the above observations, 
it was considered desirable to recalculate the acti- 
vities in the CaO-FeO-Fe,O, ternary system and to 
evaluate the equilibrium constants for the reactions 
between calcium oxide, ferric oxide and calcium fer- 
rites. 


APPLICATION OF GIBBS-DUHEM EQUATION 


When the activity of one of the components of a 
ternary system is known, the activities or chemical 
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potentials of the other two components may be cal- 
culated by the application of the Gibbs-Duhem equa- 
tion. This method of computation was first derived 
by Darken’ and later by Wagner.® More recently, 
Schuhmann® formulated another method applicable 

to the ternary systems. Although these three meth- 
ods are similar in principle, equations derived by 
Schuhmann are somewhat easier to use, and there- 
fore, his method was employed in the present compu- 
tations. The principal features of Schuhmann’s meth- 
od are as follows: 

1) If the chemical potential of component (1) of a 
ternary system 1-2-3 is known, the chemical poten- 
tial of the component (2) is given by the following ex- 
pression, for a constant ratio N,/N, where N repre- 
sents composition in mole fraction. 


f (GR), [1] 


/Ng 


A similar equation may also be written for y,. The 
partial derivative (@\,/aN,), is the slope of the tan- 
1 


gent drawn to the iso-y curve at composition N,. 


2) The iso-y (or activity) curves of a ternary sys- 
tem are interrelated through an algebraic relation- 
ship between the values of tangent-intercepts for the 
three iso-y curves, thus 


~ (ent) (2) 


That is, the intercepts of tangents (aN,/ @N2)y 5 
3 
(aN,/aN;),,, and (aN,/aN,), with the extended sides 
2 1 


of the triangle opposite to components 3, 2 and 1, re- 

spectively, lie ona straight line. This geometric rela- 

tionship is very useful for quick assessment of the 

shape and position of the iso-y, curves when the iso- 

and -y curves are known. ° 
2 


ACTIVITIES IN CaO-FeO-Fe,0, MELTS 


Representing the composition of Fe-Ca-O melts 
in terms of mole fraction of CaO, Fe, and O, the iso- 
oxygen activities were drawn for the ternary system 
CaO-Fe-O using the experimental data of Larson and 
Chipman® and Gurry and Darken? for 1550°C, covering 
a range of oxygen partial pressures from 1 atm to 
about 10~° atm where the melt is in equilibrium with 
liquid iron. For several ratios of Nr./Nc,o, tangents 
dNo/aNre were drawn to the iso-oxygen activity 
curves and the activity of iron was evaluated by gra- 
phical integration, thus using Eq. [1], 
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a 


oN, 
[108 ay, = log ay, - f d log 


[3] 


Choosing liquid iron as the standard state for iron 
in the oxide melt, at oxygen activity a) in equilibrium 
with liquid iron, log af, = 0. That is, the integration 
can be carried out within the composition range 


where a, = vPo, 


where the sections along constant N,./Nc,o ratios ter- 


minate at the phase boundary along which the melt is 
saturated with liquid iron. As shown schematically 
in Fig. 1, this region lies within the O corner, the 
triple-point T, and the quadruple-point Q. Similar 
integration can be made to determine the activity of 
calcium oxide within the composition range on the 
left hand side of section OQ, from O corner to point 
Q, in Fig. 1. 

Along an iso-oxygen activity curve d log a, = O, 
and therefore, the activity of calcium oxide can be 
calculated from the activity of iron and vice versa, 
thus within the composition range OTQ in Fig. 1: 

{Fe 


= 10 - 


and within the composition range OCQ in Fig. 1: 
a 


CeO 


a' 
CaO 

The values of log a4, and log were initially 
obtained by the first integration, Eq. [3], along the 
path OQ. 

Since it is convenient to represent the components 
of oxide melts in terms of simple oxides, e.g., CaO, 
FeO, Fe,0,, the iron activities are converted to fer- 


rous oxide activities, thus 


[6] 


Fig. 2—Iso-activity curves in 
CaO-FeO-Fe,0; melts at 1550°C. 
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Fe + MELT 


TO Fe CORNER 


Fig. 1—Schematic composition—diagram of CaO-Fe-O 
melts at 1550°C and iso-oxygen activity curves. Standard 
State 1 atm Oy. 


where dg = VPop in atm and using the data of Dar- 
ken and Gurry,’ the proportionality factor for 
1550°C is found to be 5.35 x 1075, taking ap., = 1.0 
for the liquid oxide in equilibrium with liquid iron. 

If solid ferric oxide is chosen as the reference 
state, the activity of ferric oxide in the melt cannot 
be evaluated in a manner similar to that of ferrous 
oxide for reasons obvious from the composition dia- 
gram in Fig. 1. However, this difficulty may be over- 
come by considering the following reaction 


2FeO (1) + 1/2 O, (g) = Fe,0, (s) 


K Os 


Using the available thermodynamic data,’ at 
1550°C log K, = 1.77 +0.2. The subsequent analysis 
of the interrelation between the activities in CaO- 
FeO-Fe,0, system revealed that computed data on 
activities are more consistent among themselves if 


[7] 
[8] 


-—— - ——- PHASE BOUNDARIES 

—— —— —— Activity oF cao 

------- ACTIVITY OF FeO 
ACTIVITY OF Fep 03 


STANDARD STATES: SOLID Ca0, SOLID Fe,03 AND LIQUID 
FeO IN EQUILIBRIUM WITH LIQUID IRON 


LIQUID IRON + MELT 


cad Ol 
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Fig. 3—Activities in pseudobinary section Fe,;04-CaO at 
1550°C. 


the value of log K, is taken as 1.95 which is still 
within the limit of certainty of the above-mentioned 
value. 

The activities of CaO, FeO, and Fe,O0,, thus com- 
puted, are given as iso-activity curves in Fig. 2; ex- 
tensions of the curves above one atm pressure of oxy- 
gen are shown by dotted lines. 


ACTIVITIES ALONG PSEUDO-BINARY SECTIONS 


Although derivations based on the Gibbs-Duhem 
equation are theoretically rigorous, a certain amount 
of error inevitably occurs in the drawing of tangents to 
the iso-activity curves and during the subsequent 
graphical integrations. Although these errors may 
be reduced by repeated back and forth computations, 
some other check should be made to determine the 
consistency and the limit of accuracy of the calcu- 
lated activities. This may be achieved by consider - 
ing the activities along pseudobinary sections. 

Fe,O,-CaO Section. Using iso-activity curves of 
calcium oxide in Fig. 2, the activity of magnetite 
(standard state being solid Fe,O,) is calculated for 
this pseudobinary section and the results obtained 
are given in Fig. 3. Since the activities of ferrous 
and ferric oxides are known, it is then possible to 
evaluate the equilibrium constant of reaction 


FeO (1) + Fe,0, (s) = Fe,O, (s) [9] 


K, = [10] 


From the activity data along Fe,O,-CaO section it is 
found that log K, = 0.75 +0.1 for 1550°C; the limit of 
uncertainty of +0.1 is that due to accumulative er- 
rors involved in the calculation of the activities. In 
the estimation of the total limit of accuracy, however, 
account should also be taken of the errors in the ori- 
ginal experimental data on the oxygen activities. 
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Fig. 4—Activities in pseudobinary sections at 1550°C. 
(a) Fe304-Ca,Fe,05 (b) FeO-Ca,Fe,05 


Taking log K, = 1.95 and the thermodynamic data?" 
on magnetite log K, is found to be 0.85 +0.26 which 
is in agreement with the value derived from the acti- 
vities of iron oxides. 

Fe,O, -Ca, Fe,0, and FeO-Ca,Fe,O, Sections. 
Since the value of K, is known, the activity of magne- 
tite can be derived from Fig. 2, and by the Gibbs-Duhem 
equation the activity of dicalcium ferrite along the 
pseudobinary section Fe,0,-Ca,Fe,0, may be calcu- 
lated. Similarly the activity of dicalcium ferrite 
along the FeO-Ca,Fe,O, section may be obtained. 
The results of these calculations are given in Figs. 
4(a) and 4(b). Using these activity data, the equili- 
brium constant for the following reaction can be cal- 
culated. 


2CaO(s) + Fe,0, (s) = [11] 


a e 
K; = [12] 
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Fig. 5—Activities in pseudobinary sections at 1550°C. 
(a) FegO4-CaFe,O, section (b) FeO-CaFe,Q, section 


where subscript C,F is an abbreviation for dicalcium 
ferrite for which the standard state is pure liquid 
Ca,Fe,0,. Along both pseudobinary sections the val- 
ue of log K, for 1550°C is 2.2 +0.1; in terms of the 
standard free energy change AF = -18.3 +1.0 kcal 
per mole, 

Recently, the heat of formation of dicalcium fer - 
rite from its oxides was measured by Koehler, Ba- 
rany, and Kelley!” (AH$,, = -10.55 kcal per mole), 
the entropy by King's (S$, = 45.1 cal per deg per 
mole) and high-temperature heat capacity by Bon- 
nickson.'* Using these values together with those for 
calcium and ferric oxides,’*»'! the standard free- 
energy change associated with reaction (11) at 1550°C 
is found to be AF, = -19.0 +1.0 kcal per mole. In 
order to minimize the errors involved in the calcu- 
lation of calcium oxide activities by graphical integ- 
rations, the calcium oxide activities were also cal- 
culated for a number of critical points in the compo- 
sition diagram by using this value of AF>. 

It should be pointed out that the above value of 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


CaO + MELT 


oT — 
MELT+LIQ. IRON LIQUID IRON+ MELT ~~ 
Or 02 O03 04 O05 06 O7 


Cad 


Fig. 6—Free energy of formation of CaO-FeO-Fe,0; melts 
at 1550°C from solid CaO, solid Fe,O3, and liquid ‘FeO’ in 
kcal. 


AH3$,, for dicalcium ferrite is about 3 kcal lower 
than that given by Newman and Offman;'?* the value 
of AF, used in this paper is based on AH$,, obtained 
by Koehler e al. 

Fe;0,-CaFe2O, and FeO-CaFe20, Sections. 

Similar calculations are carried out for the melts 
along these two pseudobinary sections, again using 
log Kz = 0.8; the activities obtained are given in Figs. 
5(a) and 5(b). Considering the following reaction 


CaO(s) + Fe,0, (s) = CaFe,0, (2) 


the free energy of formation of liquid monocalcium 
ferrite from solid calcium and ferric oxides at 
1550°C may be obtained from the activities given in 
Figs. 2, 5(a) and 5(d), i.e., AF = -13.1 kcal per 
mole, Although the values of AF? obtained for melts 
along both pseudobinary sections agree within +1.0 
kcal, the over-all accuracy of AF may not be better 
than +3 kcal per mole. 

The heat of formation of monocalcium ferrite from 
its oxides has been measured by Koehler et al.,'? 
AH%,= -14.6 kcal per mole. Using the available 
thermal data for the entropies and high-temperature 
heat contents, AF = -22.8 +1.0 kcal per mole at 
1550°C. There is a large discrepancy between this 
value of AF? and that derived from the activity data. 
When the activities of calcium oxide were computed 
using AF? = -22.8 kcal per mole, the values ob- 
tained completely disagreed with those calculated by 
integration, Eq. [4], or by using the value of AF, = 
-19.0 kcal per mole as described above. That is, 
although there is a close agreement between the val- 
ue of AF, derived from the activities in Fig. 2 with 
that given by Koehler ef al., their value of AF? is 
much lower than that derived from Fig. 2. This ano- 
maly on the value of AF? must await the future for 
resolution. 
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MOLAL AND EXCESS FREE ENERGIES OF 
SOLUTION 


The molal and excess free energies of solution of 
solid calcium oxide, solid ferric oxide, and liquid 
wustite to form a mole of CaO-FeO-Fe,O, melt can 
readily be calculated for 1550°C from the activity 
data in Fig. 2. As seen from Fig. 6, iso-molal free- 
energy curves follow a simple pattern and the mini- 
mum on the free-energy surface lies along a section 
close to the FeO-CaFe,0, pseudobinary section. The 
deviation from the ideal solution becomes more ne- 
gative as the composition of the melt approaches 
CaO-Fe,O, binary side. 


COMPARISON WITH OTHER ACTIVITY DATA 


Although several activity data (measured or cal- 
culated) on binary and ternary oxide-melts are 
available in the technical literature, large discre- 
pancies between them make it almost impossible to 
compare activities in silicate and aluminate melts 
with those given in this paper. 

For example, the activity of silica in CaO-SiO, melts 
was determined by Chang and Derge’® (by electromo- 
tive force measurements), Fulton and Chipman?® (over 
anarrow composition range, by reduction-equilibria 
measurements), Yang, McCabe, and Miller?” (by the 

effusion method), and Sanbongi and Omori’® (by elec- 
tromotive force measurements). The results of these 
authors differ * to such an extent that it is unjustified to 


*Recent findings by a number of investigators indicate that these 
apparent discrepancies may be attributed to the inaccuracy of the 
known standard free energy of formation of silica. 


draw even an approximate activity curve through the 
experimental results. However, using the highest and 
the lowest activity values on CaO-SiO, melts, the molal 
free energies of solution obtained are found to be 
lower by about 5 to 7 kcal per mole than those for 
CaO-Fe,O, melts (extrapolated to zero N;., as in 
Fig. 6). 

The present knowledge on the activities in CaO- 
Al,O, melts is even less satisfactory. Carter and 
Macfarlane’® equilibrated CO,-CO-SO, gas mix- 
tures with calcium aluminate melts and on the 
assumption that the activity coefficient of calcium 
sulphide did not vary with composition, they de- 
rived the activity of calcium oxide. However, their 
assumption may be questionable, particularly in 
view of the observation made by Turkdogan and Dar- 
ken® on the variation of ¥¢,50,/Yc,0 With composi- 
tion of ferrite, silicate, and aluminate melts. How- 
ever, recently Chipman” computed the activities in 
CaO-Al,O, melts, using the phase equilibrium dia- 
gram and some thermodynamic data. The molal free 
energies of solution derived from Chipman’s calcu- 
lated activities are higher than those of the CaO- 
Fe,0, melts by about 2 kcal; this appears to be of 
the right order. However, in contrast, the approxi- 
mate molal free-energy curve drawn by Fincham 
and Richardson” is lower by about 3 kcal. 
According to Fig. 2, the activity of ferrous oxide 
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in ‘FeO’-CaO melts, in equilibrium with iron, devi- 
ates positively from Raoult’s law, whilst the results 
obtained by Taylor and Chipman” show a small but 
a definite negative deviation. 

On the whole, the shape of the iso-activity curves 
for ferrous oxide follows a pattern similar to those 
in (CaO + MgO) —- ‘FeO’-SiO, melts in equilibrium 
with liquid iron,?? indicating some similarity in the 
behaviors of ferrite and silicate anions in oxide- 
melts. 


CONCLUSIONS 


The iso-activity curves for calcium and ferric ox- 
ides in CaO-FeO-Fe,0, melts follow a simple pat- 
tern in the composition diagram, but those for fer- 
rous oxide form loops with the apex lying on a curve 
joining FeO corner to CaO-Fe,O, side at about the 
composition of monocalcium ferrite. 

The equilibrium constant for the reaction FeO (J) 

+ Fe,O, (s) = Fe,0,(s) derived from the activity dia- 
gram along the Fe,O,-CaO section agrees well with 
that calculated from the thermal data. The free ener- 
gy of formation of dicalcium ferrite (from its oxides) 
calculated from the activity data along the pseudo- 
binary sections Fe,O,-Ca,Fe,0, and FeO-Ca,Fe,O, 
is -18.3 +1.0 kcal per mole at 1550°C, as compared 
with -19.0 +1.0 kcal per mole derived from the 
thermal data. From the oxide activities along the 
sections Fe,O,-CaFe,0, and FeO-CaFe,0, the free 
energy of formation of monocalcium ferrite (from 
its oxides) is found to be -13.1 +1.0 kcal per mole 
at 1550°C. This value is much higher than that ob- 
tained by Koehler et al. using their result of AH, 
for CaFe,O, together with the thermal data. 

The activities of oxides in calcium silicate and 
aluminates are less accurately known, and therefore, 
detailed comparison of the activities in different 
oxide-melts is not possible at present. However, in- 
dications are that the molal free energies of solu- 
tion, AF™, for calcium silicate melts are about 5 
to 7 kcal per mole lower than those for the calcium 
ferrite melts; AF™ for calcium aluminate, on the 
other hand, may be higher than those for the ferrite 
melts by about 2 kcal. 
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E. Hein and R. A. Dodd 


The fatigue softening of prior strain-hardened 
polycrystalline copper has been determined by 
measuring changes in flow stress resulting from 
fatigue treatments. Tensile fatigue does not soften 
the metal, while the softening due to reversed stress 
fatigue depends on the extent to which fully reversed 
stressing is approached, True tensile fatigue is 
shown to be possible only in the case of long wire 
specimens. Annealing following fatiguing of strain- 
hardened metal shows that tensile fatigue is very 
effective in modifying normal recovery and vecrys- 
tallization. 


ObsservaTIONS by Ludwik and Scheu,’ Kenyon,? 
Polakowski and Palchoudhuri,* Kemsley,* and Broom 
and Ham,°’® have shown beyond doubt that strain- 
hardened metals are softened by reversed-stress 
fatigue. To some extent the softening might be asso- 
ciated with a rearrangement of dislocations, but the 
results of Broom and Ham’? on the temperature de- 
pendency of the fatigue hardening of annealed copper, 
and those of McCammon and Rosenberg’ on the par- 
tial recovery at 100°C of fatigue-hardened copper 
suggest that point defects may be involved. 

Since lattice vacancies are the only species of point 
defect present in appreciable quantities in thermody - 
namic equilibrium, most attention has been accorded 
them in the various theories advanced to explain 
hardening and softening effects resulting from fa- 
tigue. Precise mechanisms remain uncertain, and 
while some effects may be due to single vacancies, 
defects arising from vacancy clusters may also con- 
tribute to the changes in properties. 

All types of plastic deformation result in point- 
defect formation, one frequently invoked formation 
mechanism involving the nonconservative motion of 
jogs formed by the intersection of, for example, 
mixed dislocations. But since fatigue deformation is 
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thought to be a particularly effective way of forming 
point defects,® additional mechanisms peculiar to fa- 
tigue must be sought. One possibility is that jogged 
loops contract during the unloading cycle to give 

rows of vacancies. 

A local high-vacancy concentration could conceiv- 
ably promote polygonization and recovery by climb, 
and, therefore, could explain the fatigue softening of 
strain-hardened metals under appropriate conditions 
of temperature. Conversely, the experiments by 
Broom and Ham‘* on the fatigue hardening of copper 
single crystals involving subsequent tensile testing 
of previously fatigued specimens, resulted in the ob- 
servation of distinctly lowered yield points. This 
could be due to vacancy atmospheres associated with 
dislocations, possibly augmented by jogs on disloca- 
tions. In addition to the yield-point phenomenon, a 
post-yield hardening was observed, with a tempera- 
ture-dependence resembling the “friction-hardening” 
of irradiated metals,° this again suggesting a point- 
defect mechanism. 

An important development in this field has been 
the observation,’ by transmission electron micro- 
scopy, of high concentrations of prismatic loops in 
fatigued aluminum. By analogy with quenched alumi- 
num films” it seems certain that these loops origi- 
nate in the collapse of vacancy clusters formed dur- 
ing deformation. Metals, such as copper, having a 
relatively low-stacking fault energy would tend to 
produce Frank sessile loops (in practice tetrahedral 
defects with stacking faults on all (111) planes) rather 
than the glissile prismatic loops observed in alumi- 
num. The manner in which these various defects af- 
fect the different aspects of fatigue behavior has not 
yet been fully investigated. 

The present work was designed principally to in- 
dicate whether tensile fatigue gives rise to hardening 
and softening effects similar to those associated with 
reversed stress fatigue, and with the hope of provid- 
ing additional information on the contribution of point 
defects to fatigue deformation. Despite the uncertain- 
ty often associated with the interpretation of resisti- 
vity data, i.e., the relative contribution of stacking 
faults and other defects, such measurements are 
conveniently employed to study point defect pheno- 
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Table |. Resistivity Changes Accompanying the Tensile Fatigue Deformation of Annealed Copper and Nickel Wires 


Number of Cycles 0 10 10? 510° 10° 10° 
Resist ivity, p, Cu Ni Cu Ni Cu Ni Cu Ni Cu Ni Cu Ni 
in microhm cm. 1.731 9.530 1.754 9.730 1.759 9.733 1.756 9.736 1.763 9.732 1.760 9.738 

Ap - - 0.023 0.200 0.028 0.203 0.025 0.206 0.032 0.202 0.029 0.208 


p (copper) for 5 pct tensile strain — 0.030 cm. 
p (nickel) for 5 pct tensile strain — 0.211 pQ cm. 


mena. For example, McCammon and McCrone?? have 


reported that the resistivity increase associated 
with the fatigue deformations of copper at liquid hy- 
drogen temperature is approximately ten times that 
associated with tensile deformation at a comparable 
stress level. In the light of these observations, it 
was decided to include some resistivity measure- 
ments in the present investigation, and to attempt to 
correlate them with the data pertaining to fatigue 
hardening and fatigue softening. 


RESISTIVITY MEASUREMENTS 


Since wire specimens are desirable for resistivity 
measurements, fatigue in pulsating tension only was 
employed, and a machine for this purpose has been 


(a) 


(6) 


Fig. 1—Specimens used for (z) tensile fatigue and (5) ten- 
sion-compression fatigue. 
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described.'* In this portion of the work both annealed 
copper and nickel wires were investigated, the wire 
diameter being 0.02 in., and the fatigue tests con- 
ducted at room temperature. The resistivity meas- 
urements were also made at room temperature. A 
fatigue stress was chosen which gave a specimen ex- 
tension of about 5 pct; such a stress is a typical fa- 
tigue stress in the sense that specimen failure might 
be anticipated after 105 to 10’ cycles under normal 
reversed stress fatigue. 

The results are summarized in Table I, together 
with the resistivity changes accompanying 5 pct 
strain resulting from ordinary tensile deformation. 

The measurements do not agree with those of Mc- 
Cammon and McCrone since the resistivity increase 
is sensibly independent of the number of cycles, and 
approximately equal to that produced by uniaxial 
tensile strain with the tensile stress equal to the 
peak fatigue stress. A detailed comparison of the 
two sets of observations would necessitate consid- 
eration of the differences in testing temperature, 
but the discrepancies in results are thought to be 
mainly due to the fact that McCammon and McCrone 
fatigued in axial tension-compression—made possible 
by the use of 0.10-in.-diam specimens. The minor 
erratic variations in p apparent in Table I are un- 
doubtedly due to the repeated attaching and detaching 
of current and potential leads to the specimen. 


FATIGUE SOFTENING OBSERVATIONS 


a) Effect of Specimen Configuration. ‘The ability 
of tensile fatigue to cause fatigue softening can only 
be accurately assessed under conditions of pure ten- 
sion. However, in all tensile tests, both static and 
cyclic, some misalignment of grips has to be toler- 
ated, and this causes bending of the specimen. In 
the case of a relatively long wire specimen the bend- 
ing is negligible and fatigue in pure tension is ap- 
proached. As the parallel gage length is reduced, 
bending due to grip misalignment is concentrated 
over a shorter distance, and will reach a maximum 
concentration with that type of specimen incorporat- 
ing a continuous radius gage section with no parallel 
portion, Fig. 1(b). Specimen bending will undoubtedly 
affect fatigue life, but grip misalignment is difficult 
to determine quantitatively. Therefore, in the pres- 
ent case it was decided to attempt to secure appar- 
ently perfect alignment in all cases, and to accentu- 
ate any misalignment by comparing specimens of 
different design. 
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Fig. 2—Annealing characteristics of OFHC copper following 
prior strain hardening and/or fatigue. (1) Strain hardened 
to 24,000 psi, then annealed at various temps., (2) Annealed, 
then fatigued at + 15,000 psi for 105 cycles, (3) Strain har- 
dened to 24,000 psi, then fatigued at + 15,000 psi for 105 cy- 
cles, (4) Strain hardened to 24,000 psi, then fatigued at zero 
to + 15,000 psi for 105 cycles. 


TEMPERATURE, 


The designs investigated are shown in Fig. 1, 1(a) 
representing a specimen design in which the effect 
of specimen bending is minimized, and 1(b) repre- 
senting a commonly used design believed to be sen- 
sitive to bending on the basis of the above arguments. 
Specimens were machined from hot-rolled OFHC 
copper rods, and, after annealing at 500°C, they were 
individually pre-strained in tension on an INSTRON 
machine to 24,000 psi. They were then electropol- 
ished and fatigued in pulsating tension from zero to 
+15,000 psi for 105 cycles in a Baldwin- Lima-Hamil- 
ton SFOIU machine. In this machine tensile fatigue 
is achieved by preloading the specimen in tension to 
one-half the desired maximum fatigue stress, and 
then superimposing an alternating stress on the 
static pre-stress. Therefore, in the sense that the 
fatigue stress cannot be approached incrementally, 
it is not possible to fatigue annealed specimens in 
tension, and this accounted for the original pre- 
straining to 24,000 psi. Typical fatigue slip bands 
developed in both designs, but were noticeably more 
concentrated in design (6). It is presumed that this 

effect is caused by increased bending in this type of 
specimen for the reasons already discussed. Several 
duplicate specimens confirmed the observations. It 
was also metallographically observed that the density 
and rate of development of fatigue slip bands were 
considerably less in tensile fatigue (design (6), zero 
to +15,000 psi) than in tension-compression (design 
(b), +15,000 to -15,000 psi. 

There is no doubt that in specimens subjected to 
tensile fatigue only a relatively small number of sur- 
face grains are suitably oriented for deformation 
under reversed shear, and it is suggested that this 
accounts for the relatively long life in tensile fatigue, 
and for the lack of macroscopically detectable mani- 
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Table II. Fatigue-Softening of OFHC Copper Specimens 
Prestrained in Tension to 24,000 psi 


Specimen Fatigue Stress Number Flow Stress 
No. Range in psi of Cycles in psi 
3 +15,000 5 x 10° 20,500 
4 +15,000 10° 21,700 
5 +15,000 5 x 10° 19,300 
8 +15,000 10° 19.300 
9 -12,000 to +15,000 10 21,200 
10 - 9,000 to +15,000 10° 23,200 
12 — 6,000 to +15,000 10° 24,000 
13 —- 3,000 to +15.000 10° 24,000 
22 Zero to +15,000 5x 10° 24,300 
23 Zero to +15,000 2 x 10° 24,000 
24 Zero to +15,000 5 x 10° 24,000 
25 Zero to +15,000 10’ 24,300 


festations of fatigue damage, such as resistivity 
changes. The present metallographic work indicates 
that true tensile fatigue conditions are found only in 
the case of long wire specimens such as are used for 
resistivity studies, and in which bending effects can 
be ignored. 

b) Flow Stress Experiments. A comparison was 
made of the fatigue-softening behavior of strain- 
hardened OFHC copper specimens fatigued in pulsat- 
ing tension, type “a” specimens, and in tension-com- 
pression, type “b” specimens. The pre-straining 
treatments and flow stress measurements were 
carried out on an INSTRON testing machine, the term 
“flow stress” being used in the present context to 
mean the stress corresponding to the first observable 
departure from linearity of the autographically re- 
corded stress-strain curve. The fatigue-softening 
observations, as manifested by lowering of the flow 
stress, are summarized in Table II. 

The softening observed under conditions of re- 
versed stressing (specimens 3-8) confirms the nu- 
merous earlier observations by Broom and Ham, 
Kemsley, and so forth and possible mechanisms have 
already been mentioned. The results pertaining to 
specimens 9-13 can be partly interpreted in terms 
of a Bauschinger mechanism, and show that substan- 
tial softening occurs only when the maximum stress 
in the compressive half of the cycle exceeds about 
half the value of the maximum stress in the tensile 
half-cycle. Specimens 22-25 indicate that no macro- 
scopic softening occurs as a result of tensile fatigue, 
even after 10’ cycles. The slight hardening occur - 
ring in two of the specimens was probably due to a 
combination of a small error in the preload setting 
and overloading during the initial buildup to peak 
operating stress. The measuring technique is thought 
to be accurate to about 100 psi, in which case none 
of the observations can be ascribed to scatter. 

c) Effect of Annealing After Fatiguing. A further 
series of specimens was fatigued under various 
conditions following different initial treatments. They 
were then annealed at appropriate temperatures, and 
the amount of softening was determined. The effect 
of the various treatments is shown in Fig. 2, sepa- 
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rate specimens being used for each experimental 
point. 

Curve 1 refers to type “a” specimens initially 
strain-hardened to 24,000 psi, then annealed at vari- 
ous temperatures. The results are substantially what 
might be expected from cold-worked OFHC copper, 
some recovery taking place at 200°C and recrystal- 
lization occurring between 200° and 300°C. There is 
very little further softening at higher temperatures. 

Curve 2 refers to type “b” specimens annealed 
and subsequently fatigued for 10° cycles at +15,000 
psi. The results again follow the anticipated pattern, 
and agree with several earlier observations to the 
effect that complete resoftening is usually not ob- 
tained, and that softening occurs gradually as the 
annealing temperature is increased rather than by 
abrupt recrystallization. The initial hardness of 
these specimens is worth noting, the initial flow 
stress being considerably greater than the maximum 
fatigue stress, a point-defect mechanism again being 
the likely cause.5 Vacancy atmospheres around dis- 
locations, together with the production of immobile 
helices and Frank sessiles are likely causes of this 
hardening. 

The interpretation of curves 3 and 4 offers some 
difficulty. The former refers to initially strain- 
hardening “b” specimens to 24,000 psi and then fa- 
tiguing for 10° cycles at + 15,000 psi, while curve 4 
refers to initially strain-hardening “a” specimens 
to 24,000 psi and then fatiguing for 10° cycles at zero 
to +15,000 psi. Recrystallization occurred in speci- 
mens subjected to either treatment, but at a consid- 
erably higher temperature (~350°C) than in the case 
of specimens simply hardened by tensile strain. How- 
ever, full softening was not attained, even at 700°C. 
In view of the evidence presented in this paper re- 
garding some characteristics of tensile fatigue, it is 
surprising that it is so effective in modifying the an- 
nealing behavior of strain-hardened copper. Recov- 
ery is negligible at 300°C, and the annealing curve 
4 is consistently above that corresponding to re- 
versed stress specimens, curve 3. 


DISCUSSION 


Tensile fatigue of polycrystalline nickel and cop- 
per at room temperature results in a resistivity 
change which approximates that associated with ten- 
sile deformation at a comparable stress level. This 
is believed to be due to the fact that only relatively 
few surface grains are oriented such that they will 
deform in reversed shear. Specimen design is im- 
portant in this same connection, short-gage-length 
specimens accentuating grip misalignment and re- 
sulting in more grains being exposed to reversed 
shear conditions. 

Fatigue softening of strain-hardened OFHC copper 
is only possible under reversed straining. Point de- 
fects are undoubtedly involved in the softening me- 


1098-VOLUME 221, DECEMBER 1961 


chanism, but it appears that the results are also 
related to the Bauschinger effect, z.e., a dislocation 
rearrangement effect. Certainly one would expect 
fewer vacancies to be formed in tensile fatigue than 
reversed stress fatigue. For example, jogged loops 
should more readily collapse to lines of vacancies 
during the reverse part of a stress cycle than during 
simple unloading. If the temperature is such that 
these vacancies can promote local diffusion, soften- 
ing will result. Although the overall softening me- 
chanism will certainly be more complicated than this, 
suggestions along these lines are needed to account 
for the different resistivity results obtained by the 
present authors and McCammon and McCrone. 

Although tensile fatigue is ineffective in terms of 
resistivity changes or fatigue softening, this type of 
deformation substantially modifies the annealing be- 
havior of strain-hardened copper. Softening occurs 
over a more extended temperature range, and the 
temperature of recrystallization is increased from 
(approximately) 250° to 375°C. This effect of tensile 
fatigue was not discernible in back-reflection X-ray 
patterns taken before annealing, but the original re- 
crystallization nuclei are evidently modified during 
the fatiguing. Under reversed stress conditions it is 
likely that some dislocations introduced by previous 
deformation can move in a reverse direction when 
the stress is reversed, so that dislocations of oppo- 
site sign combine and mutually cancel one another. 
Such a process would continue at a decreasing rate, 
a stationary level of softening finally being attained. 
Applying this argument to tensile fatigue, only grains 
deformed in reversed shear should contribute—and 
only then when the magnitude of the reversed shear 
stress causes a Bauschinger strain. Since it is shown 
that tensile fatigue does not soften strain-hardened 
metal, the manner of elimination or modification of 
the original recrystallization nuclei is obscure. 
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Robert J. Schafer, Max Quatinetz, 
and John W. Weeton 


ticle size were combined with 0.05- 1 MgO powder. 


Oxide was added in quantities of 4, 12, and 20 vol pet. 


The mixtures were vacuum hot pressed and extruded 
at 2100°F. In spite of a general tendency to growth 
of oxide particles during processing, dispersions of 
fineness comparable to those of Sintered Aluminum 
Powder, SAP, were achieved. A small amount of ox- 
ide considerably improved 1800°F stress-rupture 
strength, but further oxide addition resulted in a de- 
crease of strength. 


REcENTLY there has been much speculation con- 
cerning the requisites for strong and stable disper- 
sion-strengthened alloys. The nature of the dis- 
persed phase, the stability of the alloys, and varia- 
bles influencing the mechanical properties of alloys 
have been given consideration. Such topics have 
been reviewed by Bunshah and Goetzel.* 

Of the many parameters related to the mechanical 
properties of dispersion alloys, mean free path be- 


tween dispersed particles (a measure of the fineness 


of the dispersion), particle size, and vol pct of the 
dispersed phase have been shown to be very im- 
portant. Generally, strength increases with de- 
creasing mean free path, and there is an optimum 
vol pet of dispersed phase. 

Just how fine a dispersion ought to be is some- 
what open to debate, but Irmann,” Lenel, Backensto, 
and Rose,® Gregory and Grant,* and others have 
shown in the original SAP-type alloys, aluminum 
plus aluminum oxide alloys, that better strength is 
generally obtained with finer dispersions and the 
best strengths were obtained when the mean free 
path was less than lu. Further, Cremens, and 
Grant® showed that in nickel plus aluminum oxide 
alloys, stress-rupture strength at 1500°F was 
definitely increasing with decreasing’ mean free 
path. In their investigation, however, the finest 
dispersions that were produced were about 2.0u 
mean free path. To determine the potential of the 
nickel plus oxide type of product, it would be neces- 
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Strength and High-Temperature Stability 
of Dispersion Strengthened Nickel-MgO Alloys 


Nickel powders of 1-, 0.4-, and 0.2- u average par- 


sary to obtain dispersions analogous to those of SAP 
alloys; namely, ones where the mean free path be- 
tween oxides is less than lu. 

Unfortunately, however, it is very difficult to 
produce extremely fine dispersions of oxides in 
metals other than those which naturally form re- 
fractory oxide skins. There are several approaches 
to this problem including such procedures as mech- 
anical mixing, internal oxidation, reduction of 
mixed oxides, and metal deposition from solution. 

Work at the Lewis Research Center has shown 
that metal powders 0.1y or finer could be produced 
by ball milling, when selected grinding aids were 
utilized.® Because these unusually fine powders 
were available, it was an initial objective of this 
study to determine if by mixing of these fine Ni 
powders with various amounts of MgO (0.05y) a fine 
dispersion of MgO in Ni comparable to those in 
Al-Al,O, might be achieved. A second objective was 
then to attempt to relate the parameters of struc- 
ture to 1800°F stress-rupture strength of the alloys. 

Nickel powders of 1-, 0.4-, and 0.2-u average 
particle size were combined with 0.05-y average 
particle size MgO powder. This oxide was added in 
quantities of 4, 12, and 20 vol pct. The mixtures 
were hot pressed and extruded at 2100°F. 


Table |. Distribution of MgO in Ni after Processing 


{Initial MgO size, 0.05p.] 


Lineal Analysis Results from 
Electron Micrographs 


Stress for 
Size Ni Mean Free Average Oxide 100 Hr 
Powders, Vol Vol Path, Particle Size, Rupture Life, 
Pct MgO* Pct Oxide psi? 
1.0 0 - 620 
4 6.8 213 0.20 3170 
12 x7 1.40 0.21 2060 
20 19.5 1.28 0.39 ~ 
0.4 0 620 
4 10.7 LZ 0.18 3260 
12 11.8 0.70 0.06 2150 
20 23.0 1.15 0.38 1320 
0.2 0 620 
4 8.0 1.89 0.21 2750 
12 20.5 1.12 0.31 1120 
20 28.1 1.18 0.64 710 


* Volume percent MgO added to alloys. 
> Data from curves in Fig, 3. 
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Table Il. Chemical Analyses of Materials 


International Nickel Company Carbonyl! ‘‘B’’ Nickel Powder* 


Element Wt Pct 
Ni 99.79 
Fe 0.008 
Cc 0.09 
oO, 0.11 
Nil 


Baker Analyzed Reagent Magnesium Oxide” 


MgO 98.6 
0.005 
-NO, 0.005 
0.002 


Ba 0.005 


Heavy metals (as Pb) 0.002 
Fe 0.003 


* Analysis supplied by supplier. 
> Typical analysis. 


EXPERIMENTAL 


The specimens for this investigation were pre- 
pared from nickel and magnesium oxide powders 
by milling, mixing, washing, drying, hydrogen 
cleaning, cold pressing, and vacuum hot pressing of 
the powders with subsequent canning and extrusion 
of the hot-pressed billets. Table I lists the alloys 
so prepared. 

International Nickel Company ‘‘Carbonyl B’’ 
nickel powder, 2.5-y particle size, and Baker 
Analyzed Reagent Magnesium Oxide, 2.0-y particle 
size, were used as Starting materials. Chemical 
analyses are shown in Table II. Special precautions 
were used throughout the specimen preparation to 
avoid oxygen contamination since it was known that 
the nickel powders oxidized readily when exposed to 
oxygen and in some cases were pyrophoric in air. 

To reduce the size of the nickel and MgO powders, 
they were premilled in a Szegvari Attritor Mill in 
n-heptane with 2 pct oleic acid* under argon atmos- 


*Wt pet acid determined on the basis of weight of powder charge. 


phere and then were mixed in this same mill. The 
nickel powders were milled for 10, 24, or 72 hr de- 
pending upon whether 1.0-, 0.4-, or 0.2-u powders 
were desired. If oxide was added, it was done 5 hr 
prior to the end of these milling periods. The MgO 
had been pre- milled for 72 hr in the attritor mill 
in n-heptane with 2 pct oleic acid to produce 0.05-u 
average particle size powder. After milling and 
mixing, the powders were washed on Buchner 
funnels and dried in vacuum at room temperature. 
The powders were then hydrogen cleaned for 4 hr at 
650°F in purified hydrogen in an attempt to reduce 
nickel oxide that had been formed as an impurity 
and to drive off from the powders any volatile 
adsorbed material. 
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The cleaned powders were subsequently handled 
under argon or vacuum where possible. This was 
accomplished by working in dry boxes filled with 
argon and by sealing the powders in polyvinyl 
chloride bags during transfer operations. 

After hydrogen cleaning, the powders were cold 
pressed in graphite dies at pressures of 1920 lb per 
Sq in. and then subsequently vacuum hot pressed at 
4000 lb per sq in. and 2100°F for 1 hr. The chamber 
was evacuated to about 0.5-y pressure prior to the 
start of the heating cycle. 

After hot pressing, the billets, which measured 
2 in. in diameter by nominally 2 in. long, were 
skinned of about 1/16 in. on all surfaces and were 
vacuum canned in mild steel for extrusion. Ex- 
trusion was carried out at 2100°F at a reduction 
ratio of 16 to 1 and at a speed of 200 in. per min. 


RESULTS 


The results of microstructural studies of extruded 
specimens are shown in Table I. Lineal analysis of 
electron micrographs permitted determination of the 
vol pct of oxide, the mean free path, and the average 
oxide particle sizes of all specimens. Each value 
was determined independently. To determine mean 
free path, the number of particles per unit length 
intersected by a random line, N;, was determined. 
Mean free path is then equal to (1-f)/N, where f 
equals volume fraction of oxide.’ Vol pct oxide was 
determined by measuring the total length of random 
line intercepted by particles, A, and the total length 
of random line, B. Vol pct oxide then equals A 
divided by B.” Average oxide particle size was de- 
termined by measuring the Martin’s Diameter® of 
individual particles and then taking an arithmetic 
mean of the measured diameters multiplied by 4/7. 
Martin’s Diameter is the distance between opposite 
sides of a particle, measured on a line bisecting the 
area of the particle. All bisecting lines must be 
parallel to one another. 

Of particular significance here is that the vol pct 
oxide measured, in some instances, is considerably 
greater than the amount of MgO added. This con- 
ceivably could be due to the method of measurement 
Since etching and other factors could magnify the 
size of the oxide particles and then increase the ob- 
served pct oxide. It is not believed that this accounts 
for all of the increased oxide content, however; 
rather it is believed that the general tendency to- 
ward an increase of oxide content with decreasing 
nickel particle size indicates, in Some instances, a 
considerable oxidation of some nickel powders. 

This hypothesis is supported by the fact that chemi- 
cal analysis of the cleaned nickel powders indicated 
nickel oxide contents as high as 2 vol pct immedi- 
ately after cleaning. Further, after the cleaning 
operation additional oxidation could have, and 
probably did, occur during the loading of and subse- 
quent handling of hot-pressing dies. This is believed 
to be so because the powders are very reactive to 
oxygen, being pyrophoric in some instances. Fur- 
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ther, it is known that the dry box in which the work 
was done was not completely airtight, in spite of 
reasonable precautions, and in fact, contained up to 
2 pet O at the end of the working day, as determined 
indirectly by chromatographic analysis for N,. In 
addition, observation of microstructures of the 
nickel specimens, which were made from 1.0-, 0.4-, 
and 0.2- powders with no oxide additions, indicates 
a considerable content of a phase that is probably 
NiO. An example is shown in Fig. 1, which is a 
nickel specimen prepared from 0.2-y nickel powder 
without MgO addition. In the case of the specimens 
which contained MgO, this NiO would combine with 
the MgO because it is mutually soluble in all propor- 
tions with the MgO and the result would be an in- 
crease in the observed oxide content. 

As mentioned, one of the objectives of this study 
was to achieve particle spacings of MgO in Ni as 
fine as those in Al-Al2O, bodies, that is, less than 
lu. Again referring to Table I, it can be noted that 
such dimensions have been realized with the 
smallest being about 0.7. In one case the particle 
size, 0.06u, was very close to the original particle 


mately 2 pct for reproduction. 
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Fig. 1—Nickel oxide in extruded specimen pre- 
pared from 0.2u nickel powder with no oxide 
addition. Etch: 3 lactic acid, 2 HNO;, 1 HF; 
X750. Reduced approximately 46 pct for re- 

production. 


size of the MgO, 0.05yu, that was added to the alloys. 
In this case it can be noted that there was no indica- 
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Fig. 3—Stress rupture strength of Ni + MgO 
dispersion alloys at 1800°F. 


tion of oxygen pickup in the body. It was somewhat 
disappointing that in all the others the oxide phase 
grew appreciably. 

It should also be noted that, in general, particle 
size increased with increasing vol pct oxide. For 
example, the specimen with the largest vol pct 
oxide, 28.1 pct, also had the largest particle size, 
0.64, and the specimen with the lowest pct oxide, 
6.8 pct, had one of the lower particle sizes, 0.20y. 

The growth of the oxide phase can be seen visually 
in Fig. 2, which presents electron photomicrographs 
of the bodies at a magnification of 15,000. Note that 
in general the oxide particle size increases with in- 
creasing oxide content and also with decreasing 
nickel particle size. This subject of oxide agglomer- 
ation is treated more extensively in another report? 

Fig. 3 shows the stress-rupture properties of 
these alloys at 1800°F in a helium atmosphere. The 
helium atmosphere was selected for testing to 
eliminate the strong influence that oxygen can have 
on the stress-rupture properties of nickel at this 
temperature. The strength of the alloys containing 
oxide dispersions is considerably above that of the 
powder products containing no oxide. In general, 
however, it can be noted that when oxides were 
present, the bodies having lower oxide contents 
tended to have the greater strength; that strength 
decreased with increasing oxide content. 


DISCUSSION OF RESULTS 


The 100-hr stress-rupture strengths of the alloys 
of this investigation are compared with the particle 
size, the vol pct, and the mean free path of the dis- 
persed phase in Figs. 4, 5, and 6, respectively. It 
should be noted in considering the effect of these 
parameters on strength that mean free path, parti- 
cle size, and vol pct oxide are interrelated. Increas- 
ing vol pct oxide decreases mean free path for a 
constant particle size. Decreasing particle size de- 
creases mean free path for a constant vol pct oxide. 
Also, decreasing particle size allows a decrease in 
vol pct oxide for a given mean free path. Therefore, 
one must be careful to consider the variables simul- 
taneously before drawing any conclusion as to the 
significance of one variable on the properties of the 
alloys. 
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Fig 4—Relation of particle size, of dispersed 
MgO, to strength in Ni-MgO dispersed alloys 
at 1800°F. 

In Fig. 4 a comparison of stress for 100-hr 
stress-rupture life with average particle size of 
the oxide shows that as particle size decreased the 
strength increased. Similar results were obtained 
by Adkins, Sims, and Jaffee,” who found that stress- 
rupture strengths at 500°C of cobalt alloys increased 
as finer oxide dispersoids were added to the alloys. 
It is generally agreed that finer particle sizes 
should give better stress-rupture strengths, but the 
reasoning is generally associated with the effect of 
particle size on the mean free path, that is, the 
mean free path decreases with decreasing particle 
size for a given vol pct oxide and that the significant 
parameter is mean free path. It will be shown sub- 
sequently that even though strength was related to 
particle size, mean free path was not a significant 
parameter for the alloys studied in this investiga- 
tion. 

Fig. 5 compares measured vol pct oxide with 
stress for 100-hr rupture life. Strength decreased 
with increasing vol pct oxide in the range of oxide 
contents studied, from 7 to 28 pct. Further, in this 
case there obviously is an optimum vol pct of oxide 
somewhere between 0 and 7 pct. Optimum vol per- 
centages of oxide have been observed to occur in 
other dispersion-strengthened products. For ex- 
ample, in a Cu-Al.O, alloy, Zwilsky and Grant” 
found that an optimum tensile strength occurred at 
approximately 7 pct and that increasing the oxide 
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Fig. 5—Relation of vol pct oxide to strength, in 
Ni-MgO dispersed alloys, at 1800°F 
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content caused a reduction in strength. The original 
dispersion-strengthened aluminum-aluminum oxide 
materials created by Irmann, however, exhibited 
steadily increasing strengths with increasing vol 
pct oxides although the rate of increase began to 
diminish as more oxide was added. 

In Fig. 6 stress for 100-hr stress-rupture life is 
plotted vs reciprocal mean free path. It can be noted 
that the effect of increasing stress-rupture strength 
with decreasing mean free path was not observed in 
the range of mean free paths investigated herein, all 
of which were less than 2u (reciprocal of greater 
than 0.5). In fact, it may be seen that a well defined 
relation between mean free path and strength is not 
evident. In view of the Cremens and Grant data 
mentioned previously,” it might be expected that 
stress-rupture strength would increase with a 
decrease in the mean free path. On the other hand, 
there are occasions when stress-rupture strength 
does not increase with a decrease in mean free path. 
For example, Grant and Preston” have noted that, in 
Al- Al20O; SAP alloys, if stress for 100-hr rupture 
life is plotted vs mean free path, the slopes of the 
lines relating strength to mean free path level off 
with increasing test temperatures. Since the stress- 
rupture tests of this study were run at 1800°F while 
the tests of Cremens and Grant were run at 1500°F a 
leveling off of a strength- mean free path curve 
might have been expected. It would not, however, be 
expected that the data would have the scatter that is 
noted in Fig. 6. Thus one is led to look for another 
explanation for this lack of correlation. 

Further considering the data, it is significant that 
some oxide addition was very beneficial to strength. 
On the other hand, too much oxide addition contrib- 
uted little if anything to the 100-hr stress-rupture 
strength of nickel. Further, in the range of oxide 
additions studied, mean free path was evidently not 
related to strength. Finally, strength was consider- 
ably greater for fine particle sizes than for coarse 
particle sizes. 

Whether fine particle size is or is not the im- 
portant parameter for strengthening is questionable. 
The reason for this is that the variables of particle 
Size and vol pct oxide were, as was noted previ- 
ously, in general, proportional to one another in the 
alloys studied in this investigation, see Table I. 

There is reason to believe, however, that the vol 
pct of oxide is the most significant factor relating 
to the strength of these alloys. The following postu- 
late is offered as a likely explanation for the re- 
sults: The decrease in strength with increasing vol 
pct oxide may be related to the interaction of im- 
purities in the matrix and/or the impurities in the 
MgO with the NiO that was picked up during various 
stages of handling. As more oxide was added or 
finer nickel was used, more impurities became 
available. Thus, for example, C and H, which 
might have been adsorbed during the grinding of the 
MgO, and C and H and NiO associated with the 
nickel could react to form such gases as COz2, CO, 
CHa, and H2O vapor during any high-temperature 
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Fig. 6—Relation of mean free path to strength 
in Ni-Mgo dispersion alloys at 1800°F. 


operation or test. This could give rise to gas 
pockets at the metal-oxide interfaces, which could 
be the cause of weakness and failure in stress- 
rupture testing. 

Annealing of extruded specimens, at a temperature 
of 2100°F for 16 hr showed metallographically that 
pores did develop in some of the alloys around the 
oxide particles and that the pores were larger and 
more numerous as the amount of oxide in the alloys 
was increased. This may be a somewhat similar 
phenomenon to that observed by Cremens, Bryan, 
and Grant™ on aluminum-aluminum oxide SAP 
alloys which were heated at very high temperatures 
relative to the melting point of aluminum. These 
heat treatments produced what was thought to be 
gas pockets. It should be noted, however, that when 
gas pockets formed in the aluminum-aluminum 
oxide system they did so very near the melting point 
of aluminum; while in this study the gas pockets 
formed at 2100°F, a temperature well below the 
melting point of nickel. This would suggest that the 
gas pressures in the alloys studied in this investi- 
gation were much higher than they were in the 
aluminum-aluminum oxide alloys and that gas pres- 
sure around oxide particles could contribute to the 
weakness of the specimens. In a stress-rupture test 
this tendency to form voids around oxide particles 
could lead to the early failure of the specimen 
through the movement of vacancies to the voids at 
the oxide- metal interfaces and to related dislocation 
movement. Ultimately the voids could grow by dif- 
fusion of vacancies and could grow large enough to 
become interconnected, thereby forming incipient 
cracks. Thus, these considerations could explain 
why the alloys of this study behaved differently from 
Ni-Al.O3 SAP alloys, which increased in strength 
with decreasing mean free path, and why they de- 
creased in strength with decreasing vol pct oxide. 

It would also indicate that, very possibly, the re- 
lation of stress-rupture strength to particle size is 
subordinate to the impurity situation in the alloys. 

It is interesting to speculate at this point on the 
effect of impurities in other metal-oxide alloys that 
will be prepared in the future. It is possible that 
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Fig. 7—A comparison of stress rupture strength 
of several Ni alloys. 


the properties of these alloys might be considerably 
enhanced by the removal of impurities from both 
oxides and metal matrices. In any case, it is certain 
that a better understanding of dispersion-strength- 
ened alloys could be reached if efforts to decrease 
impurity contents would be pursued. 

Fig. 7 compares the strength of the best of the 
alloys of this study with other Ni-SAP type alloys 
and with two commercial nickel alloys. The 
strength of the best of the alloys of this investigation 
is much better than that of pure nickel, but is only 
fair when compared with the nickel alloys, Inconel X, 
and Inconel 700. 

Since it was felt that cold working of this alloy 
might be beneficial, the best alloy was cold rolled 
to 30 pct reduction in area and thereby a large in- 
crease in the stress-rupture strength was noted. It 
is interesting that this alloy in the cold-worked con- 
dition has almost identical properties to a nickel 
plus 9 vol pct Al,O; alloy prepared by Bonis and 
Grant.'* 


CONCLUDING REMARKS 


As a result of this study it was found possible to 
achieve dispersions of MgO in nickel of a fineness 
or mean free path comparable to that of SAP. This 
is the first time to our knowledge that such fine 
dispersions have been achieved by the mechanical 
mixing technique. A significant factor that permitted 
the achievement of such fine dispersions was the use 
of nickel powders of less than 1y particle size— 
achieved by ball milling. 
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In one case the initial particle size of the MgO 
powder, 0.05u, was retained during processing from 
powder to extruded bodies. It was somewhat disap- 
pointing, however, to note that in general the MgO 
particles grew very rapidly during processing. It is 
believed that a significant factor in causing MgO 
particle growth was the fact that the oxide content of 
the bodies increased during processing even though 
reasonable precautions were taken to avoid oxygen 
contamination of the powders. Thus, the particles 
measured are undoubtedly in part NiO as well as 
MgO. These data would indicate that extremely 
careful techniques may, in some cases, be required 
to avoid oxidation of the powders during processing 
and concomitant growth of the dispersed oxide phase. 

It was also shown that in these alloys the 1800°F 
stress-rupture strength improvement over unalloyed 
nickel was greatest for low oxide additions and de- 
creased as the oxide content increased. This relation 
indicates that the oxide (with concurrent impurity 
oxides that were obtained during processing) at 
some level become a source of weakness rather than 
of strength. 

Finally, cold working significantly increased the 
strength of the best of these alloys and made it 
equivalent in strength at 1800°F to the best reported 
nickel plus oxide alloys made with mechanical mix- 
ing techniques. 
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The Production of Submicron Metal Powders 
by Ball-Milling with Grinding Aids 


Max Quatinetz, Robert J. Schafer, 


and Charles Smeal 


Normally metal powders cannot be ground to sub- 
micron sizes because of welding and agglomeration 
phenomena. Through the use of selected grinding 
aids and grinding fluids, nickel and other metal pow- 
ders have been ball-milled as fine as 0.1u. It was 
found that certain inorganic salts are more effective 
grinding aids for metal powders than conventionally 
used surfactants. 


Meta and alloy powders are used to produce 
reagents, pigments, coatings, solders, brazes, and 
parts for industry by powder metallurgy techniques. 
They are also combined with refractory compounds 
to produce cermets and dispersion-hardened prod- 
ucts. 

One of the interests at the Lewis Research Center 
has been to explore the potentialities of the disper- 
sion strengthening process. Since the work of Ir- 
mann,’ many investigators have shown that the 
strength of dispersion-hardened products may in- 
crease with decreasing interparticle spacing.?~* 
One approach to achieving small interparticle spac- 
ing is to combine fine refractory compounds and 
metal powders, preferably below 1 yin size. In at- 
tempting to obtain fine metal powders, it was found 
that until very recently the best that could be ob- 
tained from commercial suppliers, particularly of 
ductile metals, was about 1.0 yu. Interest was there- 
fore developed in providing finer metal powders for 
dispersion-hardening studies. Information obtained 
from the literature, from others working in the field, 
and from prior experimental work performed at 
NASA, led to a consideration of ball-milling as a 
technique to produce the desired materials. 

Some of the variables associated with ball-milling 
are the size, material, and nature of construction of 
the grinding container; the nature and amount of the 
grinding material and material to be ground; and 
the nature and amount of the grinding liquid and 
grinding aid, if employed, and the grinding time. In 
all ball-milling, welding and agglomeration can oc- 
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cur as well as grinding. Because of the tendency of 
ductile metals to weld together, they are difficult to 
grind.® The ultimate particle size obtained on grind- 
ing is generally the one at which the rate of grinding 
becomes equal to the rate of welding. To help delay 
welding and thus obtain smaller particle sizes, 
grinding aids are often employed.® ® 

The principal objective of this investigation was to 
produce submicron metal powders by ball-milling 
the powders with selected grinding aids and grinding 
fluids. A secondary objective has been to attempt to 
explain the variations observed in grinding behavior 
by considering possible grinding mechanisms and 
correlating various parameters with grinding effec- 
tiveness. 

Three groups of ball-milling experiments were 
run; one in which the grinding aid was varied, a sec- 
ond in which the grinding fluid was varied, and a 
third in which the material being ground was 
varied. 


MATERIALS, APPARATUS, AND PROCEDURE 


In the first group of experiments in which the 
grinding aid was varied Inco Carbonyl Grade B 
nickel powder initially 2.5 p (all sizes refer to aver- 
age particle size as measured by Fisher Sub-Sieve 
Sizer) was used as the material being ground and 
200-proof ethyl-alcohol as the grinding fluid. Sur- 
factants, representative of typical organic structures, 
were selected as grinding aids. Inorganic salts used 
as grinding aids were chosen on the basis of the 
size and valence of their ions. Water soluble salts 
were used in order to facilitate their removal from 
the slurry after grinding. 

In the second set of experiments, grinding of the 
2.5-y Ni powder was tried in four different grinding 
liquids; water, cyclohexane, ”-heptane, and methy- 
lene chloride. In this study seven grinding aids 
selected from those tried in the first group of exper - 
iments were employed. 

In the third group of experiments 200-proof ethyl 
alcohol was again used as the grinding fluid to mill 
Cu, Cr, Fe, Ag, and Ni powders of various initial 
particle sizes. 

All mill charges contained 300 ml of grinding 
liquid and 3000 g of 1/2 in. stainless steel balls. 
When inorganic salts were used as the grinding aid, 
70 g of salt and 210 g of metal powder were employed, 
and with surfactants 6 g of grinding aid and 300 g of 
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Table |. Effectiveness of Inorganic Salts as Grinding Aids 


2.5- Ni Powder Milled 15 Days in 200-Proof Ethyl Alcohol. 


Salts and Final Average Particle Size in Microns 


I — Standard II — Agglomerated Ill — Slight IV — Slight V — Submicron 
Agglomeration Grinding 
No salt — 7.4 KI 4.9 CsCl 2:8 SnCl, 23 CuSO ,5H,O 0.9 
NaBr 4.8 BaCl, 2.6 NH,CH,O, 2.1 NaF 0.8 
Nal 4.7 LiCl 1.8 ThCl, 0.8 
NaCl 4.0 NiC1,6H,O 1.6 Al {SO,),;18H,O 0.5 
KH,PO, 0.5 
(NH,).Mo,0,,°4H,O 0.4 
Na,P,0, 0.3 
K,Fe(CN),°3H,O 0.3 
K,Fe(CN), 0.2 
Na,Cr,0,-2H,O0 0.2 
Al(NO,),-9H,O 0.1 


Ce(NO,),-6H,0 0.1 


metal powder were used. The amounts used were based 
on general commercial practice and previous exper - 
iments. In most experiments with salts the amount 
used exceeded the solubility in the grinding fluid, 
and an excess of salt was present during the grind- 
ing operation. NaI, CsCl, and Ce(NO,), -6H,O were 
exceptions because of their very high solubility in 
ethyl alcohol. 

All experiments were performed in 3-pt stainless 
steel containers rotated at 48 rpm. After nominally 
2, 4, 8, and 15 days of grinding, a sample was re- 
moved for particle size determination. Samples 
were washed ten times by decantation. Water was 
used for washing where salts were employed, and 
190-proof ethyl alcohol was used for experiments 
with surfactants. The final slurry was then filtered 
on a Buchner funnel, and the filter cakes were dried 
in air at room temperature. Where possible, qual- 
itative tests were used to determine when a salt was 
no longer present in the wash water. Dried filter 
cakes were crushed and stirred for 30 to 60 sec in 
an Osterizer in order to break up agglomerates; 
then weighed amounts of powder were taken for par - 
ticle size analysis. The as-received powder showed 
no change in particle size when stirred for 60 sec 
in the Osterizer. 

A Fisher Sub-Sieve Sizer was used to determine 
all reported average particle sizes. In a few cases, 
where the results were below 0.2 y or the porosity 
of the powder when compacted in the sample tube 
was greater than 0.8 (limit of the chart supplied by 
manufacturer), the results were calculated using the 
formula given in the instruction manual. The results 
in this range, however, were reproducible, and it is 
believed the values given are correct in order of 
relative size. 


RESULTS 


Effect of Varying the Grinding Aid (Salts). Table 
I shows the final general results of 15-day grinds in 
which inorganic salts were used as grinding aids in 
200-proof ethyl alcohol to grind 2.5-y Inco Carbonyl 
Grade B nickel powder. A standard for comparison, 
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ground without any salt additive, is shown in column 
I. This lot agglomerated from an initial size of 2.5 
to a final size of 7.4 ». All the experiments with 
salts, columns II, III, IV, and V, improved upon this 
result. In comparing the final particle sizes with the 
initial size it can be observed that a marked agglom- 
eration occurred with the four salts in column II, 
slight agglomeration occurred with the two salts in 
column III, slight grinding was obtained with the four 
salts in column IV, and a very large particle size de- 
crease was obtained with the twelve salts in column 
V. Thus, of twenty -two salts tried, sixteen gave 
positive grinding results (below the initial size) and 
twelve of these produced results in the submicron 
range. The smallest final particle sizes noted (0.1 ) 
were obtained with aluminum nitrate Al(NO, ),°9H,O 
and cerium nitrate Ce(NO,),°6H,O. In the most ef- 
fective experiments the powders were ground to be- 
low 1 uy within 5 days. 

Ten salts that produced varying degrees of grind- 
ing effectiveness were rerun to determine the re- 
producibility of the grinding methods employed. In 
all cases good reproducibility in final particle size 
was obtained. The results are shown in Fig. 1. 


Effect of Varying the Grinding Aid (Surfactants). 
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Fig. 1—Reproducibility of grinding data using inorganic 
salts as grinding aids. 2.5u Ni powder milled 15 days in 
200-proof ethyl alcohol. 
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Table Il. Effectiveness of Surfactants as Grinding Aids 


2.5-u Ni Powder Milled 15 Days in 200-Proof Ethyl Alcohol. 


Final 

Particle 
Size, 

Surfactant 

Cetyl alcohol 8.2 
Standard 7.4 
Aerosol OT 6.1 
Surfynol 102 6.1 
Atlas G672 4.6 
Armeen 18 3.9 
Tenlo 70 3.8 
Atlas G2854 
Nuosperse 657 37 
Alkaterge A 2.8 
Oleic acid 0.8 
Stearic acid 0.3 


The results obtained on ball-milling 2.5 » Ni pow- 
der in 200-proof ethyl alcohol with surfactants as 
grinding aids are shown in Table II. All the sur- 
factants except cetyl alcohol improved on the 
results of the lot milled without additive; how- 
ever, in most cases the final particle size obtained 
was greater than the initial size. It can be seen 
that of eleven products investigated nine produced 
particle sizes greater than the original size and 
two produced smaller sizes. Both of these positive 
grinding results were in the submicron range. 

Of the compounds tried as grinding aids a greater 
percentage of salts than surfactants produced sub- 
micron powders. Also, four salts produced finer 
particle sizes than the smallest size obtained with a 
surfactant. 

Effect of Varying the Grinding Liquid. The 
marked effect produced by the grinding fluid is evi- 
dent from the final particle sizes listed in Table III. 
With NaCl, Aerosol OT, and Armeen 18 grinding or 
agglomeration was obtained depending on which 
grinding fluid was used. Even when grinding was 
achieved with all five liquids, significant differences 
in final particle size were obtained by varying the 
grinding fluid. No consistent pattern of effective 
grinding combinations such as salts or surfactants 
with polar or nonpolar liquids can be noted in these 
results. 


Table Ill. Effect of Various Grinding Liquids on Grinding Efficiency 


2.5-4 Ni Powder; Milling Time, 15 Days. 


Grinding Grinding Fluid 
Aid 
Water Ethyl Alcohol, Cyclohexane n-Heptane Methylene 
200 proof Chloride 
Final Average Particle Size, u 
NaCl 23 4.0 0.7 LS 0.7 
Na,P,0, 1.4 0.3 0.7 2.2 0.2 
AI(NO,),;-9H,O — 0.1 1.4 - 0.3 
Aerosol OT 1.6 6.1 1.6 15 £2 
Armeen 18 0.9 3.9 0.6 0.5 2.2 
Oleic acid pS | 0.8 0.9 1.0 Lg 
Stearic acid p BS 0.3 0.8 0.3 2.0 


Effect of Varying the Metal Powder Being Ground. 
In the third group of experiments ball-milling with 
grinding aids was applied to a number of different 
metal powders varying widely in properties. Also 
a number of different nickel powders varying in 
source, grade, method of manufacture, and particle 
size were milled. The powders used are listed in 
Table IV, and the results obtained are shown in Fig. 
2. Potassium ferricyanide K, Fe(CN), was used as 
the grinding aid. Powders varying in initial particle 
size from 2.0 to 30 » were ground in 15 days to par- 
ticle sizes ranging from 0.1to 0.6 u. The smallest 
particle size obtained here, 0.14, was produced by 
grinding a 7.3-y Fe powder. The largest powder 
tried, 30-u Cu, was reduced to a final particle size 
of 0.4 yu. 

General Results ~- Grinding Curves. One observa- 
tion of interest that points up the wide variation ob- 
served in grinding behavior can be seen from Fig. 3 
in which are noted the types of curves obtained when 
plotting particle size against milling time for the 
various experiments. When this is done, the curves 
obtained fall into one of four categories which show 
either a continuous increase in particle size (Type 
A), an increase followed by a decrease (Type C), a 
decrease followed by an increase (Type B), or a 
continuous decrease (Type D). All of the most ef- 
fective grinding aids (Table I, column V) produced 
Type D curves. The standard and the salts which 


Table 1V. Metal Powders Used in Investigation 


Fisher 
Particle 


Size, 
Metal Source Type or Grade u 
Nickel (Ni) International Nickel Co. Carbonyl *B” 2.5 
National Radiator Co. F89A-A2 23 
C. A. Hardy Co. -300 mesh 9.3 
Sherritt Gordon Co. Grade F325 17 
Grade FF325 4.8 
Grade FF 100 
Silver (Ag) Metals Disintegrating Co. Lot 61A 24 
Iron (Fe) City Chemical Co. Carbonyl, reduced 7.3 
Iron (Fe) A. D. MacKay Co. Carbonyl 3.2 
Copper (Cu) Metals Disintegrating Co. Lot 61A 30 
Chromium (Cr) C. A. Hardy Co. -325 mesh electrolytic 8.5 
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Fig. 2—Use of K,;Fe(CN)g to grind various metal powders, 
milled 15 days in 200-proof ethyl alcohol. 


produced marked agglomeration of the particles 
(Table I, column II) fall into the Type A category. 
The anomalous reversal in slope from agglomera- 
tion to grinding, and vice versa, noted in the Type 
B and Type C curves is of particular interest and 
is considered further in the DISCUSSION OF RE- 
SULTS. Graphs of the experiments with salts that 
produced slight agglomeration or grinding (Table I, 
columns III and IV) gave either Type B or Type C 
grinding curves. 


DISCUSSION OF RESULTS 


The wide applicability of ball-milling with grind- 
ing aids was demonstrated by the fact that a number 
of metal powders differing greatly in properties and 
initial size could be ground to particle sizes as fine 
as 0.1. It was also shown that variations in both 
grinding aids and grinding fluids produced very sig- 
nificant differences in the effectiveness of ball- 
milling metal powders. 

It has been proposed as part of the objective to 
attempt to explain the large variation in grinding be- 
havior noted in the results. It was hoped that theo- 
retical considerations of grinding mechanisms and 
parameters related to grinding effectiveness might 
assist in the selection of more effective grinding aid 
and grinding liquid combinations. 

The mechanisms that were considered by which 
a grinding aid may actively promote comminution 
may be broadly classified as mechanical, chemical, 
and physical. The mechanical factors operate di- 
rectly on the particle by such means as abrasion 
and deformation and facilitate fracture, particularly 
of soft, brittle, flat, lacey, or dendritic particles. 
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Fig. 3—Classification of grinding aids by shape of grind- 
ing curves. 


The chemical and physical factors may operate by 
forming a surface film on the particle which tends 
to retard the welding and agglomeration or enhance 
the fracture and dispersion. A number of observa- 
tions related to these mechanisms will be noted 
briefly. 

Mechanical Abrasion. Ball-milling operates by 
the impacting of the balls on the powder. Some of 
the variables influencing the effect of the impact in- 
clude the size and material of the balls, the size and 
rate of rotation of the mill, and the shape and hard- 
ness of the material to be ground. Since an excess 
of salt was present in most of the milling experi- 
ments, it is conceivable that the salt could assist the 
balls in abrading the metal powder. The evidence, 
however, tends to discount the importance of this 
effect. For one thing, the salts are considerably 
softer than the metal powders, and inaddition marked 
agglomeration was noted in some cases in the pres- 
ence of salts while effective grinding occurred in ex- 
periments where the salt was completely soluble in 
the grinding fluid as, for example, cerium nitrate in 
ethyl alcohol. 

Effect of Surface Films on Welding and Fracture. 
Clean metal particles tend to weld together under 
impact, particularly if they are ductile. Surface 
films that would tend to retard welding of the metal 
powders may be acquired with lubricants, like an 
oil or grease, chemically by compound formation, 
or physically by adsorption of gases, liquids, salts, 
ions, or surfactants. 

Chemically and physically absorbed films may 
also increase the tendency of the particles to frac- 
ture. Thus chemically produced films like an oxide 
or other compound tend to be more brittle than the 
metal and are more likely to crack and abrade. 
Physically adsorbed films can promote fracture of 
the metal particles by affecting the mechanical prop- 
erties. This effect has been noted by Rebinder® and 
others. The adsorbed film may promote the forma- 
tion of microcracks by embrittling the surface. Also, 
by lowering the surface energy of the particles the 
adsorbed films may increase the rate and extent of 
embrittlement by permitting more rapid diffusion of 
ions to the surface and interior of the powder. Fi- 
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nally, the films may promote the propagation of mi- 
crocracks by similarly embrittling any fresh sur- 
faces formed. 

Effect of Adsorbed Ion Films on Surface Charge 
and Dispersion. Besides influencing the mechanical 
properties of surface layers, adsorbed ions can also 
promote dispersion of the particles through the for- 
mation of similarly charged electrostatic layers on 
the surface of the ground particles, which then tend 
to repel one another. This phenomenon is analogous 
to the surface charges which lend stability to col- 
loidal suspensions. 

In colloids, the stability of a suspension is in- 
creased by increasing the concentration of similarly 
charged ions and decreased by adding ions of oppo- 
site charge. If a sufficient concentration of oppo- 
sitely charged ions is added, the surface charge is 
neutralized, and at the point where the positive and 
negative charges approach equality (the isoelectric 
point) the suspension becomes unstable and the par- 
ticles agglomerate. An important consideration in 
colloid stability is the charge per unit area or the 
charge density. For example, it has been shown that 
polyvalent ions are much more effective than mono- 
valent ions in affecting the charge density and sta- 
bilizing colloids of like charge or agglomerating col- 
loids of opposite charge.!°"}2 It is interesting to note 
that there are similarities between the behavior of 
colloidal suspensions and the grinding behavior of 
the various metal powders. This is not too surpris- 
ing since the powders ground in this investigation 
are approaching close to the colloidal size range. 

If it is assumed in the grinding experiments that 


a minimum charge density is required on the surface 


of a metal particle for grinding to occur, the ion 
sorption mechanism can explain the anomalous 
grinding behavior shown by the Type B and Type C 
grinding curves in Fig. 3. For experiments that 
give curves of Type D, which decrease continuously, 
the minimum surface charge required for grinding 
would be exceeded; and grinding would occur through 
out the run. In experiments with Type A grinding 
curves, which increase continuously, the minimum 
charge density required for grinding would not be 
exceeded at any point; and agglomeration would oc- 
cur throughout the run. In cases with Type B grind- 
ing curves, which decrease and then increase, the 
minimum charge density required for grinding would 
be present initially; but, as the surface area of the 
powder increases on grinding, the charge per unit 
area decreases below the minimum, and the par- 
ticles would start to agglomerate. In cases with 
Type C grinding curves, which increase and then de- 
crease, the surface charge density would be below 
the required minimum initially; but, as the surface 


area decreases because of agglomeration, the charge 


per unit area increases until it would be above the 
required minimum, and grinding of the particles to 
smaller sizes would then follow. 

In the Type C cases one may expect the curve to 
continue to go up and down, and the powder alter- 
nately toagglomerate and grind because of the change 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


in charge density as the surface area decreases and 
then increases. The probable reason that this has 
not occurred is believed to be due to the fact that the 
fresh surfaces formed on grinding have a greater 
adsorptive capacity than the surfaces initially pres- 
ent and can better utilize the available ions to main- 
tain the required charge density. Therefore, once 
grinding starts, the particles will continue to grind 
below the original size. 

Evidence supporting the ion adsorption mechanism 
is obtained from the observation that, in the data 
presented in Table I, the nine most effective salts, 
all of which give Type D curves, have at least one 
multivalent ion and a complex anion consisting of a 
radical with two or more atoms rather than a single 
atom. While the significance of the complex anion 
is not immediately apparent, it can be noted that no 
salt which fulfilled these two conditions gave poor 
results. 

Thus it appears that the formation of a film of 
salt ions on the surface of the powder is the most 
important factor in influencing the effectiveness of 
inorganic salts as grinding aids. The support for an 
ion adsorption mechanism comes from the fact that 
the nature of the observed grinding curves can be 
explained by drawing an analogy to the behavior of 
colloids and that multivalent ions, which are very 
effective in stabilizing colloids, are also effective in 
promoting good grinding when they occur in salts 
with a complex anion. 

Additional details and discussion of a number of 
other factors related to the grinding investigation 
will subsequently be published as a NASA Technical 
Note. 


SUMMARY OF RESULTS 


This investigation, undertaken to produce submi- 
cron metal powders and to explain variations in 
grinding behavior, yielded the following results: 

1) Submicron powders, as small as 0.1, were 
produced by ball-milling by the use of suitable 
grinding aids and grinding liquids. 

2) Varying the grinding aid or the grinding liquid 
had a very significant influence on grinding effec- 
tiveness. 

3) Some inorganic salts were found to be more 
effective than various conventional surfactants for 
grinding metal powders in ethyl alcohol. 

4) The grinding method employed was shown to be 
widely applicable. Powders of five different metals 
(Cu, Cr, Fe, Ag, and Ni) of varying properties and 
particle sizes were ground to less than 1.0y. 

5) On plotting particle size against grinding time 
the curves for the experiments fell into four cate- 
gories, which showed either a continuous increase 
in particle size, an increase followed by a decrease, 
a decrease followed by an increase, or a continuous 
decrease. 

6) The nine salts most effective as grinding aids 
in ball-milling metal powders were found to have a 
multivalent ion and a complex anion. 
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7) A proposed ion sorption mechanism offers a 
possible explanation for some of the observed grind- 
ing behavior. 
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Effects of Alpha-Soluble Additions (Aluminum, Carbon, 
Oxygen) on the Structure and Properties of 
Titanium-Molybdenum Alloys 


F. C. Holden, H. R. Ogden, and R. |. Jaffee 


The effects of ternary and quaternary additions of 


aluminum, oxygen, and carbon on the mechanical prop- 
erties of high-purity titanium-molybdenum alloys were 


studied for several microstructural conditions. Heat 
treatments were designed to produce 1) B-quenched, 
2) equiaxed 3) transformed (aciculay) a-B, and 
4) stabilized Q-B microstructures. Tension, impact, 
and hardness tests were performed. Transformations 
from the B phase were followed by hardness meas- 
urements and metallography. The B-to-w transforma- 
tion was slowed by aluminum additions; carbon and 
oxygen additions increased the transformation rate. 

In addition to solid-solution strengthening, these sol- 
utes may increase or decrease strength by altering 
the B transformation kinetics. Aluminum additions 
promote the formation of strain-induced martensite, 
and lower yield strengths at compositions near 12 pct 
molybdenum,.@-8 alloys are more ductile with equi- 
axed than with transformed microstructures. High 
strength levels can be reached by aging in many cases. 
Strength levels of the aged specimens usually are 
lowered slightly by straining prior to aging. 


A.Loys of molybdenum with titanium form an iso- 
morphous alloy system which has been the subject 
of several investigations.'»? Additions of substitu- 
tional and interstitial a-stabilizing elements provide 
means of improving mechanical strength and con- 
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trolling the heat-treatment response of the binary 
alloys. The work reported here forms a part of a 
continued study of the effects of microstructure on 
the mechanical properties of high-purity titanium 
alloys. Previous papers have considered the various 
binary alloys (Ti-Mo, Ti-Al, Ti-C, and Ti-O) that 
form the bases for the ternary and quaternary alloys 
included here. The compositions were selected to 
correspond with the previous binary alloys. Further, 
the high purity of the alloying components was main- 
tained, so that direct comparisons with earlier work 
can be made. 

The total research program included a large num- 
ber of compositional, microstructural, and testing 
variables. The data reported here have been selected 
to provide a reasonably complete and representative 
summary of the results. The reader is referred to 
the original Air Force Report® for a complete tabu- 
lation of the results. 


EXPERIMENTAL PROCEDURES 


All the alloys used in this work were prepared 
from high-purity electrolytic titanium produced by 
the U.S. Bureau of Mines. A typical furnished analy - 
sis showed the following impurities in wt pct, balance 
titanium: Fe, <0.02; Cr, <0.005; Mg, 0.002; Na, 0.008; 
Si, 0.011; Mn, 0.03; Cu, 0.006; Al, <0.04; N, 0.005; 
C, 0.011; Cl, 0.025; Vv, <0.005; O, 0.031; H, 0.01. 
This analysis is equivalent to that of iodide-refined 
titanium. In addition, hardness, tensile, and impact 
tests made using unalloyed electrolytic titanium 
showed it to have properties equivalent to those ob- 
tained with iodide titanium and suitable for these 
studies of high-purity base alloys. 
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The metallic alloying additions (molybdenum and 
aluminum) were made in the form of clippings from 
high-purity sheet stock. Oxygen was added to the ti- 
tanium melting stock in a Sieverts’ apparatus. Car- 
bon was added as spectrographic carbon. 

The alloys were prepared as 250-g ingots by inert- 
electrode arc melting. Each ingot was melted at 
least twice to insure complete solution of the alloy - 
ing ingredients and to improve homogeneity. The 
alloys then were forged to 3/4-in.-diam rods, me- 
chanically descaled, and vacuum annealed for 6 hr 
at 1600° F to remove hydrogen. The rods finally 
were hot swaged to 1/4-in.-diam rod stock, mecha- 
nically descaled, and cut into suitable lengths for 
test specimens. 

Heat Treatment. The specimens were encapsu- 
lated in Vycor under a partial pressure of argon to 
prevent contamination during heat treatment. For 
quenching, the capsules were broken and the speci- 
mens quickly immersed in the quenching medium. 
For air cooling or furnace cooling, the specimens 
were cooled to room temperature before opening 
the capsule. 

Specimens for tensile and impact tests were ma- 
chined from the heat-treated blanks. Dimensions for 
the 1/8-in.-diam tensile specimen and the microim- 
pact specimen, and testing procedures have been 
described previously.*#5 Vickers hardness measure- 
ments (10 kg load) were made on sections of 1/4-in. 
rod or on broken specimens. 

Specimens for metallographic study were mounted 
in Bakelite or a cold-setting epoxy resin, the latter 
being used when considered necessary to avoid sec- 
ondary heating effects. The surface was mechani- 
cally polished, and etched with an aqueous solution 
containing 1 1/2 pct HF and 3 1/2 pct HNO,. 

Because a primary objective of this research was 
to evaluate the effects of alloying additions, rather 
complete chemical and vacuum-fusion analyses were 
made on these alloys. 


BACKGROUND INFORMATION 


The research described here is an evaluation of 
the separate and combined effects of three a-stabi- 
lizers on a series of Ti-Mo alloys. The a additions 
include one substitutional element, aluminum, and 
two interstitial elements, carbon and oxygen. Be- 
cause of the limited solubility of carbon, the study 
also included the effects of compound formation. 
Since studies had been conducted previously on all 
the binary systems involved (Ti-Mo,? Ti-Al,® Ti-C,’ 
and Ti-O,°*) the ternary and quaternary alloy compo- 
sitions were selected to form logical extensions of 
the earlier binary compositions. The alloys dis- 
cussed here may be grouped conveniently as follows: 
1) Titanium-aluminum-molybdenum; 2) titanium-oxy- 
gen-molybdenum; 3) titanium-carbon-molybdenum; 
4) titanium-aluminum-oxygen- molybdenum. 

The nominal and analyzed compositions for these 
alloys are listed in Table I, together with the fabri- 
cation temperatures. 

The following heat treatments were used to study 
the effects of microstructural condition: 

1) Anneal and quench from the £ field, to produce 
a retained or -plus-martensite structure. 

2) Anneal and quench from the a-f field to produce 
an equiaxed a-f structure. The annealing tempera- 
ture is selected so that the equilibrium £ phase in 
the structure will contain 12 to 16 pct Mo. 

3) Heat into the f field, slow cool to the a-f field, 
hold, and quench to produce a transformed a-f struc- 
ture. The temperature in the a-8 field is, in gene- 
ral, the same as that used in 2), above. 

4) Anneal in the a-£ field, furnace cool to 550°C, 
hold 24 hr and quench. This results in a stabilized 
a-f structure. 

The structures listed above can be obtained in 
those alloys that were fabricated at a temperature 
within the a-f field. Because the alloys containing 
higher molybdenum contents were finish-fabricated 


Table |. Compositions and Fabrication Temperatures for High-Purity Ti-Mo Base Alloys 


Alloy Compositions (Balance Titanium), wt pct 


Forging Swaging 


Aluminum Molybdenum Carbon Oxygen Temperature, Temperature, 
Alloy Nominal Analyzed Nominal Analyzed Nominal Analyzed Nominal Analyzed Nitrogen Hydrogen % by & 
1 2.5 2.71 4.0 3.87 - 0.007 - 0.017 0.003 0.0024 875 760 
2 ZS 2.34 8.0 7.97 ~ 0.005 - 0.025 0.001 0.0019 875 760 
3 25 2.72 12.0 11.8 - 0.006 ~ 0.031 0.001 0.0023 875 760 
4 yo 2.81 16.0 15.9 - 0.008 - 0.037 0.001 0.0043 875 760 
a 5.0 5.19 4.0 4.28 - 0.011 - 0.027 0.001 0.0026 980 815 
6 5.0 5.21 8.0 8.27 - 0.021 - 0.036 0.001 0.0018 980 815 
7 5.0 5:27 12.0 12.3 - 0.018 - 0.028 0.001 0.0057 980 815 
8 5.0 7.41 16.0 15.3 _ 0.006 - 0.025 0.001 0.0038 980 840 
9 7.0 7.09 4.0 3.95 - 0.013 - 0.024 0.010 0.0026 980 840 
10 - - 4.0 sone -_ 0.002 0.2 0.246 0.002 0.0031 875 760 
11 = ~_ 12.0 11.4 - <0.002 0.2 0.244 0.002 0.0026 875 760 
12 25 2.07 4.0 3.84 - <0.002 0.2 0.277 0.002 0.0028 875 760 
13 29 2.53 12.0 $ES - 0.002 0.2 0.216 0.001 0.00423 875 760 
14 5.0 4.83 4.0 3.79 - 0.010 0.2 0.258 0.001 0.0051 1065 815 
i 7.0 6.76 4.0 3.80 - <0.002 0.2 0.240 0.001 0.0025 1065 815 
16 - - 4.0 4.06 0.2 0.06 - 0.033 0.002 0.0022? 875 760 
17 - - 12.0 18.2 0.2 0.13 _ 0.056 0.001 0.0031 875 760 


2 Average of two determinations. 
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(a) Ti-0.20-4Mo, annealed 1 hr at 900°C and quenched. 


X250. 


(c) Ti-0.20-4Mo, annealed 16 hr at 775°C and quenched. 
X500. 
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(6) Ti-0.20-12Mo, annealed 4 hr at 875°C and quenched. 
X250. 


4 Bes 


0 
(d) 
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Ti-0.20-4Mo, annealed 1 hr at 950°C, furnace cooled 
to 775°C, held 16 hr, and quenched. X250. 


Fig. 1—Photomicrographs of Ti-0.20-Mo alloys illustrating typical microstructural conditions. Reduced approximately 


27 pet for reproduction. 


at or above the 6 transus temperature, it was not 
possible there to obtain an equiaxed a-f structure. 

Fig. 1 shows photomicrographs of typical struc- 
tures that were included in this work. These are 
representative of the Ti-Mo, Ti-Al-Mo, Ti-O-Mo, 
and Ti-Al-O-Mo alloys; the Ti-C-Mo alloys are si- 
milar except for the presence of Ti-C particles. 

The evaluation of mechanical properties for each 
of these conditions included tension properties at 
room temperature, hardness values, and impact be- 
havior over a range of temperatures from -196° to 
200°C. In addition, the reaction kinetics were deter - 
mined for each composition: a) by measurements of 
hardness on specimens cooled at different rates 
from the £ field, and b) by hardness measurements 
on specimens quenched from the £ field and aged for 
various times at 400° and 550°C. 

Because of the large number of heat treatment 
and compositional variables, the effects of the differ - 
ent a additions will be discussed in terms of their 
influence on the binary Ti-Mo alloys as a base. With 
this in mind, it is helpful to consider first some of 
the characteristics of the Ti-Mo alloy system. 
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TITANIUM-MOLYBDENUM BINARY ALLOYS 


The addition of molybdenum to titanium forms a 
B-isomorphous alloy system of considerable techni- 
cal interest. Binary Ti-Mo alloys containing up to 
25 pct Mo were studied in a previous investigation.? 
Molybdenum is only slightly soluble in a Ti, but 
forms a continuous solid solution with the 8 phase of 
titanium. The § transus temperature is lowered with 
increasing amounts of molybdenum, in common with 
many of the other £-stabilizing elements. Upon 
quenching from a temperature above the 8 transus, 
specimens containing up to about 11 pct Mo exhibit 
a martensitic transformation, see Fig. 1(a). The 
amount of martensite present in a quenched struc- 
ture decreases with increasing molybdenum content, 
and above about 11 pct Mo, £ phase is retained whol- 
ly, Fig. 1(d). 

Compared with other £-stabilized alloy systems, 
the Ti-Mo alloys exhibit moderate strengthening as 
the molybdenum content is increased, although there 
is ample capacity for strengthening by aging. 

Mechanical instability is pronounced in 6-quenched 
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Fig. 2—Effect of a-stabilizing additions on the transition 
temperature of high-purity Ti-Mo alloys. 


Ti-Mo alloys containing around 11 pct Mo. Mecha- 
nical tests reveal that alloys in this range of compo- 
sitions exhibit exceptionally high uniform elonga- 
tions, low ratios of yield-to-ultimate tensile 
strengths, and high resistance to notch impact. 
Alloys annealed at temperatures below the £ tran- 
sus generally exhibit mechanical properties in pro- 
portion to the quantities and strengths of a and fp 
phases present. Specimens with acicular (trans- 
formed) structures generally have about the same 
or slightly lower strengths, but lower tensile duc- 
tilities than those with equiaxed structures. See Figs. 
1(c) and 1(d) for the comparison of microstructural 


types. 


TITANIUM-ALUMINUM-MOLYBDENUM ALLOYS 


A series of nine ternary alloys was investigated, 
containing up to 7 pct Al and up to 16 pct Mo. The 
nominal and analyzed compositions for these alloys 
are shown in Table I. The primary variables stud- 
ied were alloy composition and microstructural con- 
dition, as described previously. 

Phase Relationships and Microstructures. As 
shown in Fig. 2, the 8 transus temperature is in- 
creased progressively by increasing aluminum addi- 
tions. From the microstructural evidence available, 
it appears that the a-solubility limit is virtually un- 
changed by aluminum additions; also, no significant 
change was observed in the limiting composition for 
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Fig. 3—Effect of molybdenum content on the tensile proper- 
ties of Ti-Mo, Ti-2.5 Al-Mo, and Ti-5.0 Al-Mo alloys 
quenched from the £ field. 


retaining 6 phase on quenching. 6 phase was re- 
tained in the Ti-Al-Mo alloys at 12 pct Mo, whereas 
specimens containing 8 pct Mo contained martensite. 

The four heat treatments described earlier were 
used to produce the microstructural conditions of in- 
terest: 1) Retained 8 (or 8 plus martensite), 2) equi- 
axed a-f, 3) acicular (transformed a-f), and 4) sta- 
bilized, equiaxed a-f. The annealing temperatures 
used to obtain these structures were based on the 
phase relationships shown in Fig. 2. The microstruc- 
tures in Fig. 1 are typical of those obtained for these 
alloys. 

Mechanical Properties. The specimens quenched 
from a temperature within the £ field provide infor- 
mation that shows alloying effects most clearly. In 
Fig. 3, the combined alloying effects of molybdenum 
and aluminum on tensile properties are shown for 
ternary Ti-Al-Mo alloys. Included for comparison 
are the data for the binary Ti-Mo and Ti-Al systems. 

Ultimate strengths are increased significantly by 
molybdenum additions up to about 4 pct, and by alu- 
minum additions. At higher molybdenum levels, up 
to about 16 pct, the ultimate strengths remain nearly 
unchanged. The increase in aluminum from 2.5 to 
5.0 pct results in a more pronounced strengthening 
than does the initial 2.5 pct addition. At the level of 
12 pct Mo, which corresponds to a completely re- 
tained 8 microstructure, the effects of aluminum ad- 
ditions on yield strength are of particular interest. 
This is within the range of molybdenum contents 
where mechanical instability is encountered in both 
the binary and the aluminum-containing Ti-Mo alloys. 
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As shown in Fig. 3, the low yield strength of Ti-12 
Mo binary alloys (67,000 psi) is lowered still further 
by aluminum additions. At an aluminum level of 5.0 
pct, the yield strength is reduced to 23,000 psi, al- 
though the ultimate strength is 119,000 psi. The ex- 
ceptionally high uniform elongations that were ob- 
served in the binary Ti-12Mo alloys (31 pct) were 
not attained when aluminum was added, although 
over-all ductilities remained reasonably good. Uni- 
form elongations of 3 and 6 pct, respectively, were 
observed at the 2.5 and 5.0 pct Al levels. It also may 
be noted that at 16 pct Mo, the yield strengths of the 
aluminum -containing alloys are high, close to the ul- 
timate strengths. 

These effects may be rationalized by considering 
the ways in which aluminum affects titanium alloys. 
First, it increases strength through ordinary solid- 
solution strengthening; this is accompanied by the 
normal decrease in ductility. Second, aluminum pro- 
motes the stability of the retained 8 phase by inhibit- 
ing the rate of w formation. This feature is particu- 
larly important to the aging behavior of these alloys, 
as will be discussed later. When w precipitation is 
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suppressed in the alloys containing 12 pct Mo, and 
to a lesser extent, at the 8 pct Mo level, very low 
yield strengths are observed. Initial yielding, which 
occurs by martensite formation (mechanical insta- 
bility), is followed by very rapid strain hardening. 

The effects of heat-treatment condition on the ten- 
sile properties of alloys containing 5 pct Al are 
shown in Fig. 4. Included here are three of the four 
heat-treatment conditions described earlier. Com- 
pared with the 8-quenched alloys, specimens 
quenched from the a-f field generally exhibit lower 
tensile strengths and higher ductilities. This ten- 
dency is most pronounced at the lower molybdenum 
contents, where the a-f anneals are conducted at 
higher temperatures and thus reach equilibrium more 
easily. The low yield strength of the 8 phase at 12 to 
16 pct Mo is reflected in the alloys annealed at a 
temperature in the a-f field at which the equilibrium 
Bphase contains this concentration of molybdenum. 
In a specimen containing 12 pct Mo, annealed to pro- 
duce an a-f structure, the equilibrium f phase con- 
tains a greater amount of molybdenum, and the mini- 
mum yield strength is not observed. 

For specimens containing less than 8 pct Mo, the 
stabilizing anneal at 550°C affects tensile strength 
and ductility only slightly. Yield strengths, on the 
other hand, are increased as the composition of the 
equilibrium f phase is increased. It is probable that 
some aging of the 8 phase also takes place, tending 
to increase yield strength. At molybdenum levels 
above 8 pct, both tensile and yield strengths are in- 
creased significantly, while ductilities are corre- 
spondingly lowered. This results from the age hard- 
ening of the 8 phase, and demonstrates the degree of 
age hardening that can be attained in these alloys. 

The mechanical properties of these alloys annealed 
to produce acicular a-8 microstructures are simi- 
lar to those with equiaxed structures. The most sig- 
nificant difference is a lower ductility for the speci- 
mens with acicular structures, and a slightly higher 
yield strength. 

The room-temperature impact behavior ,of the Ti- 
Al-Mo alloys in all four conditions of heat treatment 
is illustrated in Fig. 5. It is evident from the curves 
shown here that very significant changes in toughness, 
as measured by the notched-bar impact test, can be 
effected by variations in heat treatment. Further, the 
optimum heat-treatment conditions for one level of 
aluminum or molybdenum content may not be the best 
for another. For example, at the 4 pct Mo level, the 
B-quenched specimens all were less resistant to im- 
pact than were those annealed at lower temperatures. 
At the 12 pct Mo level, however, the Ti-2.5 Al-12 
Mo alloy is in its most impact-resistant condition 
after 8 quenching. In general, those alloys that con- 
tain mechanically unstable 6 phase exhibit good 
toughness. 

Transformation Kinetics. Considerable insight 
into the heat-treatment response of these alloys can 
be gained by a study of aging response. Specimens 
quenched from the £ field were reheated at 400° and 
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Fig. 5—Effect of molybdenum content on the room temper- 
ature impact behavior of Ti-Al-Mo alloys in four conditions 
of heat treatment. 


550°C for periods of time up to 64 hr. Hardness mea- 
surements provide a simple means for evaluating 

the degree of aging response. Those alloys contain- 
ing relatively high contents of § stabilizer (molyb- 
denum) are used here to demonstrate the effects of 
aluminum additions, since these provide the greatest 
response. Fig. 6 shows the effects of variations in 
aluminum content on the aging response of Ti-Al-12 
Mo and Ti-Al-16 Mo alloys. 

The results show that the transformation to w 
phase, responsible for the increased hardness in 
these alloys, is delayed by increased additions of alu- 
minum. Similarly, the time required for overaging 
is also increased with increased amounts of alumi- 
num. This observation means that aluminum is im- 
portant not only as a solid-solution strengthener of 
titanium, but also as a means of controlling the heat- 
treatment response. The effect is similar in some 
respects to the increased hardenability imparted by 
certain alloy additions to steels. This same influ- 
ence of aluminum has been observed previously for 
Ti-Al-Mn alloys® and appears to be general for £- 
stabilized alloys. 

In addition to the alloying effects of aluminum, it 
should be pointed out that molybdenum also affects 
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Fig. 6—Effect of aluminum content on the aging response 
of Ti-Al-Mo alloys quenched from the 6 field. 


the transformation kinetics. In particular, the rates 
of transformation become lower as the molybdenum 
content is increased. This results in part from the 
8-stabilizing effect of molybdenum; lower tempera- 
tures are required to reach the transformation range 
at higher molybdenum levels. At the same tempera- 
ture, the degree of undercooling and thus the rate of 
transformation is lower in the alloys of higher molyb- 
denum content. Also, the rates of reaction in the Ti- 
Mo alloys generally appear more sluggish than those 
of similar systems. This presumably results from 
the low diffusivity of molybdenum in titanium. 


TITANIUM-OXYGEN-MOLYBDENUM AND 
TITANIUM-CARBON-MOLYBDENUM ALLOYS 


The alloys included in this phase of the work in- 
cluded two Ti-O-Mo alloys, and two Ti-C-Mo alloys. 
The nominal and analyzed compositions are presented 
in Table I, and Fig. 2 shows the effects of these a- 
stabilizing additions on phase relationships. It may 
be noted that the intended additions of 0.2 pct O (anal- 
yses showed actual oxygen contents ranging from 
0.216 to 0.277 pct) were made with reasonably good 
accuracy. The average oxygen level of the alloys 
without added oxygen was 0.031 pct; the average ad- 
dition was 0.214 pct. Carbon additions, made by in- 
serting carbon into holes drilled in the ingots before 
remelting, were not so close; analyses showed 0.06 
and 0.13 pct, whereas the intended level of carbon 
was 0.2 pet. 

Phase Relationships and Microstructures. The re- 
sulting effects of carbon and oxygen on the transfor - 
mation temperature show that oxygen increases the 
temperature by some 50°C, whereas carbon increased 
the transus temperature only by about 20°C. How- 
ever, the lower actual carbon content of these alloys 
accounts for at least a part of this difference. The 
microstructures resulting from the four basic heat - 
treatment schedules described earlier are similar 
to those for the Ti-Al-Mo and the Ti-Mo alloys. The 
carbon additions, however, restrict the 6 grain 
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Fig. 7—Effect of molybdenum content on the tensile proper- 
ties of Ti-Mo, Ti-0.20-Mo, and Ti-0.2C-Mo alloys 
quenched from the £ field. 


growth to some extent, and also result in the pres- 
ence of visible TiC particles in the microstructures. 
Mechanical Properties. The influences of oxygen 
and carbon additions on the tensile properties of Ti- 
Mo alloys are shown in Fig. 7. Both carbon and oxy- 
gen increase tensile strength at the 4 and 12 pct Mo 
levels, although the influence of carbon is relatively 
slight. These interstitial solutes increase yield 
strengths somewhat more significantly, particularly 
at the 12 pct Mo level. Ductilities are decreased, 
again with the oxygen-containing alloys generally 
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showing the greatest loss of ductility. It should be 
noted that in the alloys containing 12 pct Mo, ductili- 
ties remain relatively high even with the oxygen ad- 
dition. 

It is interesting here to compare the influences of 
aluminum and oxygen on the mechanical properties 
of the Ti-Mo system. Both a additions increase the 
transformation temperature and increase strength 
by solid-solution strengthening. The loss of ductility 
is roughly the same for equal amounts of strengthen- 
ing. Yield strengths at the 12 pct Mo level, however, 
are affected oppositely. Aluminum additions decrease 
yield strength, whereas the added oxygen increases 
the yield strength. This difference in behavior is 
also found in comparing aluminum with carbon, al- 
though here the effect appears less pronounced. 
These differences in behavior can be related to the 
different effects of these elements on the kinetics 
of the transformation from £ to w. This will be dis- 
cussed more fully later. 

The effects of heat treatments to produce the other 
microstructural conditions of interest are similar to 
those described previously for the Ti-Al-Mo alloys. 
At the 4 pct Mo level, strengths are highest for spe- 
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cimens with the 6-quenched (martensitic) structures; 
somewhat lower for those with a-8 quenched, equi- 
axed, or acicular structures; and lowest for the sta- 
bilized specimens. Ductilities of the a-8 quenched 
specimens are higher for those with equiaxed, rather 
than transformed, microstructures. 

At the 12 pct Mo level, relatively small differences 
in tensile strength are observed. Ductilities are 
more scattered, but generally are higher for the spe- 
cimens with B-quenched structures. 

The effects of temperature on the impact behavior 
of these alloys are shown in Fig. 8. The alloys with 
4 pct Mo show improved toughness for the specimens 
quenched from the a-f field, as compared with the 
B-quenched specimens. At 12 pct Mo, the pronounced 
transition-type behavior of the 8-quenched Ti-0.20- 
12 Mo alloy indicates much greater toughness than 
other conditions. This behavior is similar to that repor- 
ted previously? for the Ti-12 Mobinary alloy, although 
here the transition temperature is slightly higher. 
This effect is associated with the presence of me- 
chanically unstable 8 phase, which transforms to 
martensite during deformation with the absorption of 
energy. This effect, somewhat surprisingly, was not 
found for the Ti-0.2C-12 Mo alloys. It may be that 
the smaller 6 grain size in the carbon-containing al- 
loy or the presence of TiC particles limits the for- 
mation of strain-induced martensite. Thus, the low- 
er impact energies observed do not include the addi- 
tional energy for the martensitic formation. 

Transformation Kinetics. The aging response of 
the Ti-O-Mo and Ti-C-Mo alloys, presented in terms 
of hardness vs aging-time curves, is shown in Fig. 
9. Also included are the curves for the Ti-Al-O-Mo 
alloys that will be discussed in the following section. 
In contrast with the Ti-Al-Mo alloys, the aging re- 
sponse at the 12 pct Mo level is accelerated, and 
overaging takes place more rapidly. This is in 
agreement with the observation that interstitial addi- 
tions (oxygen, carbon) increase the rate of 8 decom- 
position. The same conclusion can be reached by con 
sideration of the effects of these additions on the me- 
chanical properties of quenched alloys, as described 
earlier. 

From the results obtained thus far, it appears that 
the heat-treatment response of a £-stabilized (Ti- 
Mo) alloy can be controlled by judicious additions of 
aluminum, and oxygen or carbon. All three additions 
provide solid-solution strengthening; aluminum re- 
tards 6 transformation, whereas oxygen and carbon 
accelerate the decomposition of f. 


TITANIUM-ALUMINUM-OXYGEN-MOLYBDENUM 
ALLOYS 


The combined effects of aluminum and oxygen on 
the behavior of Ti-Mo alloys were studied for a se- 
ries of four alloys. These were selected at the 4 and 
12 pct Mo levels, and contained nominal additions of 
0.2 pct O and 2.5, 5.0, and 7.0 pct Al. As shown in 
Table I, reasonable agreement between analyzed and 
intended compositions was reached. 
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Phase Relations and Microstructures. The trans- 
formation temperatures for the Ti-0.20-2.5 Al-Mo 
alloys are shown in Fig. 2. From observation, it 
seems that the effects of oxygen and aluminum in 
raising the transformation temperature are cumula- 
tive. The photographs shown in Fig. 1 illustrating the 
various heat-treatment conditions are typical also for 
this series of alloys. 

Mechanical Properties. The results of tensile tests 
on these alloys for three microstructural conditions 
are shown graphically in Fig. 10. At the 4 pct Mo 
content, the tensile strength of the 8-quenched speci- 
men represents the cumulative solid-solution 
strengthening of aluminum and oxygen. This high 
strength is accompanied by low ductility. By anneal- 
ing at a temperature in the a-f field, strengths are 
lowered while ductility is improved considerably. At 
the 12 pct Mo level, the effects of aluminum and oxy- 
gen on reaction kinetics are opposed. The low ratio 
of yield to ultimate tensile strength of 0.52 indicates 
that the influence of aluminum is greater at the levels 
used here. The yield-ultimate-strength ratio is low- 
er than the 0.67 value for the binary Ti-12 Mo alloy, 
but well above the 0.35 for the Ti-2.5 Al-12 Mo spe- 
cimen. 
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Fig. 10—Effect of molybdenum content on the tensile pro- 
perties of Ti-0.20-2.5Al-Mo alloys in three conditions of 
heat treatment. 
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Fig. 11—Effect of aluminum content on the tensile proper- 
ties of Ti-0.20-Al-4Mo alloys in three conditions of heat 
treatment 


The Ti-0.20-2.5 Al-12Mo alloy specimens annealed 
in the a-8 field are somewhat stronger than the £- 
quenched specimen. Some strengthening occurs by 
aging, and these specimens with fine equiaxed a-f 
structures exhibited good ductilities. The optimum 
strength-ductility combination was found for the spe- 
cimen stabilized at 550°C following an a-f anneal. 

The influence of aluminum content on the tensile 
properties of Ti-0.2 O-Al-4 Mo alloys is shown in 
Fig. 11. For the 8-quenched condition, tensile 
strengths are increased uniformly with increased 
aluminum content. Yield strengths are increased 
more rapidly at higher aluminum levels, while duc- 
tility is lowered most with the initial aluminum addi- 
tion. Specimens annealed at lower temperatures show 
similar behavior at lower strength and higher ductil- 
ity levels. The alloy containing 7 pct Al is of partic- 
ular interest because its composition is close to that 
of the commercial Ti-7 Al-4 Mo alloy. This alloy 
can be heat-treated to useful levels of strength com- 
bined with good ductility. 

The effect of a-8 grain shape (equiaxed or acicu- 
lar) is demonstrated in Fig. 12 for the Ti-0.2 O-Al- 
4 Mo alloys. Tensile strengths are nearly identical, 
whereas ductilities are higher for the specimens with 
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Fig. 12—Effect of aluminum content on the tensile proper- 
ties of Ti-0.20-Al-4Mo alloys in the equiaxed and acicular 
a-8 conditions. 


equiaxed structures. This improved ductility appears 
to be characteristic for titanium alloys in the equi- 
axed condition, and was observed throughout the alloy 
systems studied here. 

Transformation Reactions. The aging curves for 
the Ti-2.5 Al-0.2 O-12 Mo alloy are presented in Fig. 
9. If a comparison is made with the data for the Ti- 
Al-Mo alloys in Fig. 6, it is seen that the increase 
in reaction kinetics that might be expected from the 
oxygen addition is not observed. However, the over- 
all hardness level is increased in the oxygen-contain- 
ing alloys. It appears that aluminum is the dominant 
factor in controlling the rate of 8 decomposition, and 
that oxygen acts mainly as a solid-solution strength- 
ener. The same conclusion was reached on the basis 
of the yield-strength behavior noted in Fig. 10. 


EFFECTS OF AGING AND PRESTRAINING ON 
TENSILE PROPERTIES 


The aging response to the ternary and quaternary 
alloys discussed here has been shown in plots of 
hardness vs aging time. These indicate that in alloys 
containing above about 4 pct Mo, considerable in- 
creases in strength can be realized by aging. To de- 
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termine if this hardness increase can be reflected 
by corresponding increases in tensile strength, spe- 
cimens were quenched from the £ field, aged 1 hr at 
550°C, and tested in tension. The aging conditions 
were selected to provide a slightly overaged struc- 
ture. 

Because heat-treatable alloys may require forming 
before final hardening, it is of interest to find how 
deformation after solution annealing affects the final 
properties of an aged material. Accordingly, speci- 
mens were machined with an oversize reduced sec- 
tion and strained in tension at room temperature 
after solution annealing. The amount of strain was 
selected to be equal to or less than the maximum 
uniform elongation for the particular alloy and con- 
dition. The specimens then were aged 1 hr at 550°C 
and the reduced sections were ground to standard 
dimensions. 

The results for a series of Ti-2.5 Al-Mo alloys 
are shown in Fig. 13. Included also are the proper- 
ties of the B-quenched alloys, which were in the solu- 
tion-annealed condition. Two conclusions may be 
drawn from the results: first, these alloys are capa- 
ble of a considerable degree of strengthening by ag- 
ing, and second, only a slight effect of prestraining 
was observed. Although tensile ductilities are re- 
duced to very low levels in these specimens, it should 
be noted that the B-quenched condition tested here 
provides the maximum aging response. Thus, if the 
specimens were solution annealed in the a-f field, 
corresponding more with commercial practice, the 
aging response would be diminished. This would re- 
sult in improvement in the resulting ductility and 
somewhat lowered strength. 

The observation that prestraining does not affect 
the final properties significantly is important from 
the viewpoint of forming and fabrication. This indi- 
cates that a part can be formed in the solution-an- 
nealed condition without an appreciable loss of 
strength in the final aged. condition, at least for the 
amounts of deformation considered here. This con- 
clusion should be checked further, however, because 
tests on other alloys in this program indicated slight 
losses in strength under similar conditions of strain- 


ing and aging. 


DISCUSSION 


In the evaluation of alloying effects on mechanical 
behavior, it is of interest to compare the influence 
of the different a@ stabilizers. This can be done by 
comparing the strength-ductility relationships of dif- 
ferent alloys at the same strength level, as was done 
in work reported previously on binary a alloys.® 

The results on a alloys® showed that at the same 
strength level, tensile ductilities (reduction of area 
and elongation) were about the same for Ti-Al (sub- 
stitutional) and Ti-N (interstitial) alloy specimens. 
On the other hand, notch toughness (impact energy) 
was higher for the alloys containing aluminum, thus 
indicating that some advantage was gained by the use 
of the substitutional alloy additions. This conclusion 
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Fig. 13—Effect of molybdenum content on the tensile pro- 
perties of Ti-2.5Al-Mo alloys quenched from the £ field, 
prestrained, and aged. 
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was of some importance, because the producers of 
commercial alloys frequently raise strength levels 
by increases in interstitial content. 

The effect noted was for binary single-phase alloys 
in which the increased strength is obtained by solid- 
solution strengthening. For the a-f ternary and qua- 
ternary alloys studied here, the strengthening im- 
parted by solid-solution strengthening may be less 
important than the influence of the a additions on 
transformation kinetics. The effects of the substitu- 
tional and interstitial additions on ductility and notch 
toughness at constant strength levels were examined 
for the alloys in this program. Aside from the ex- 
pected decrease in toughness and ductility as tensile 
strengths are increased, no compositional trends 
were observed. At a given strength level, there ap- 
peared to be no significant difference between the 
ductility or notch toughness of alloys containing alu- 
minum, oxygen, or carbon. This is illustrated in Fig. 
14, which shows all the available data plotted as ten- 
sile strength vs reduction in area, elongation, and 
impact energy. This observation is of interest, be- 
cause it means that the added strength imparted by 
the interstitial elements is not accompanied by a dis- 
proportionate loss of ductility or notch toughness. 
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Presumably, the partitioning of interstitial elements 
to the a phase leaves the stronger, heat-treatable 6 
phase relatively free of interstitial embrittling ef- 
fects. 
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Chlorination of Rutile 


Arne Bergholm 


Australian rutile was chlorinated in the presence 
of CO or carbon. The chlorination velocity in CO 
was found to be strongly influenced by temperature 
and proportional to the CO concentration, but inde- 
pendent of the Cl, concentration. In the presence of 
carbon, the reaction velocity is much higher. The 
reactivity of the carbon and the distance between the 
carbon and the rutile surfaces are important varia- 
bles. The reaction velocity is approximately pro- 
portional to the Cl, concentration and independent of 
the CO concentration of the surrounding atmosphere. 
Experiments with fluidized-bed chlorination of 
carbon-rutile mixtures indicate that the motion of 
the bed has little influence on the reaction velocity. 
At low temperatures, the chlorination velocity of 
dense tablets is much greater than that of TiO, coke 
mixtures suitable for fluidization. The reaction 
mechanism is discussed. 


In the industrial production of TiCl, rutile is chlo- 
rinated in the presence of carbon. Disregarding 
intermediate steps, the reaction may be expressed 
by the following equations: 


TiO, +2 CL, + C = TiCl, + CO, [1] 
TiO, +2Cl, +2C = TiCl, +2CO [2] 


The ultimate object of this study was to find out 
whether the reaction velocity was higher in fluidized 
bed operation compared with chlorination of pelle- 
tized carbon-rutile mixtures. From a literature sur- 
vey and preliminary experiments it was learned that 
some basic knowledge about the reaction mechanism 
was needed for a good experimental design. There- 
fore the following sets of experiments were carried 
out: 

1) Studies on the reaction velocity in the chlo- 
rination of rutile with CO as the only reducing agent. 
2) Chlorination of separate rutile-carbon tablets. 
3) Chlorination of rutile-carbon tablets at differ- 
ent temperatures with various kinds of carbon, vari- 
ous grain sizes, and various tablet- making techniques. 
This series of experiments was carried out not only 
with pure chlorine but also with mixtures of chlorine 

with argon, CO and CO,. 

4) Chlorination of rutile-carbon tablets made in 
a strictly standardized manner. 

5) Chlorination of static-bed rutile-carbon mix- 
tures. 


ARNE BERGHOLM, formerly with the Stora Koppar- 
bergs Bergslags AB, Sweden, is now Chief of the Chemical 
Engineering Department, Svenska Cellulosa AB, Sundsvall, 


Sweden. 
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6) Fluidized-bed chlorination of the same mixture. 

The experiments 4 to 6 formed the final and direct 
test of the main question: “Static bed vs fluidized 
bed”. 

Although there are many patents and papers deal- 
ing with the general aspects of chlorination, only 
few experiments from which detailed information 
can be obtained have been reported in the literature. 

Pamfilov and coworkers! ~*have studied chlorina- 
tion of TiO, with CO or carbon as the reducing 
agent. They found that the weight decrease per hour 
at 600° to 800°C amounted to 11 to 14 pct with CO 
and 45 to 51 pct with carbon. They suggest that phos- 
gene might be an intermediate in the chlorination of 
THQ. 

Takimoto and Hattori*,® have chlorinated reduced 
titanium oxide (TiO, ,,) and found a very high rate 
of TiCl, -production. They proved that the composi- 
tion of the gas from the chlorination of rutile-carbon 
mixtures contained mainly CO,. They reported for 
instance 74.7 pct CO, and 5.6 pct CO at 800°C at 
which temperature the Boudouard equilibrium com- 
position is 12 pct CO, and 88 pct CO. 

Seligman and Segerchano® have studied the chlo- 
rination of TiO. They proved that TiO and chlorine 
react rather rapidly at temperatures as low as 
300°C. Above 400°C, the reaction 


2 TiO + 2 CL, = TiCl, + TiO, 


was complete. At 500°C the velocity of this reaction 
was much higher than was chlorination of TiO, + C. 

McTaggart,’ Nishimura, ef al.,°»® and Wilska” 
have chlorinated mixtures of carbon and various 
kinds of rutile or beneficated ilmenite. Nishimura, 
et al, also report the results from reduction of TiO, 
with H,, CO, or carbon. At 900°C only 1 pct Ti, O, 
is formed in 2 hrs. At 1100°C 23.1 pct Ti,O, was 
formed if elementary carbon was present. No car- 
bide formation occurred below 1400°C. 

McIntosh and Coffer“ have observed that the CO, 
content of the exit gases from chlorination of rutile 
and calcined petroleum coke is appreciably higher 
than found in the Boudouard equilibrium. At 900°C 
the ratio (CO, /CO + CO,) is about 80 pct, whereas 
the equilibrium value is about 2 pct. 

W. E. Dunn"? has studied the chlorination rates of 
several TiO, -bearing minerals with CO + Cl, or 
COCL,. Chlorinations were carried out either in a 
fluidized reactor or a fixed-bed reactor, both having 
a 30-mm diameter. The results obtained in both re- 
actors were comparable. It was proved that benefi- 
ciated ilmenite (i.e., ilmenite from which the iron 
oxide had been removed by chlorination) was chlo- 
rinated 10 times faster thanrutile. Sorel slag showed 
an intermediate rate. When phosgene is used, the 
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chlorination rate is about 30 times greater than with 
equimolar mixtures below 700°C. Above 800°C, phos- 
gene, and CO + Cl, mixtures had the same reactivity. 
It was found that the rate of chlorination was pro- 
portional to both the CO concentration and the Cl, 
concentration. The activation energy was found to be 
20.9 kcal per mole. The reaction rate in chlorinating 
rutile with 65 pct CO and 35 pct CL, corresponded to 
a 3 pct weight decrease per hour at 800°C and 8 pct 
per hour at 900°C. 

Patents issued to the Du Pont!*»!* Co. deal with 
fluidized-bed chlorination of ilmenite or Sorel slag. 

Rowe and Opie?® have reviewed various chlorina- 
tion methods. 


THERMODYNAMICS 


From thermodynamic data compiled by Kuba- 
schewski?® the standard free-energy change in Re- 
actions [1], [2], or [3] is shown in Table I. 


TiO, (s) + 2CL, (g) + C(s) = TiCl, (g) 


+ CO, (g) [1] 
TiO, (s) +2Cl, (g) +2C(s) 

= TiCl, (g) + 2CO(g) [2] 
TiO, (s) +2 CL, (g) +2 CO(g) 

= (g) + 2CO, (g) [3] 


At equilibrium, the CO, /CO ratio is about 10‘ if 
5 pct Cl, is present. Therefore, if equilibrium is 
attained, Reactions [1] or [3] will ultimately con- 
vert all carbon (or CO) to CO, if TiO, and Cl, are 
in excess, 

In Table I are also listed the free-energy changes 
of the following reactions: 


TiO, (s) + 2 Cl, (g) = TiCl, (g) + O, (g) [4] 
3 TiO, (s) + CO(g) = Ti,O, (s) + CO, (g) [5] 
3 TiO, (s) + C(s) = Ti,O, (s) + CO(g) [6] 
TiO, (s) + 4CO(g) = TiC (s) +3 CO, (g) [7] 
TiO, (s) +3 C(s) = TiC(s) + 2CO(g) [8] 


Fig. 1—Chlorination apparatus: 1) flow me- 
ters for CO, COg, chlorine, and argon; 


rutile; 5) recipient for TiCly; 6) conden- 
sor; 7) caustic scrubber; 8) gas exit; 
9) globar furnace; 10) thermocouple. 


2) burette for the addition of TiC],; 
3) quartz tube; 4) quartz boat loaded with 


co CO, 
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Table |. Free-Energy Change of Rutile Chlorination 


Free-Energy Change, kcal per mole 


Reaction 600° C 800° C 1000°C 
(1) -67 -70 -72 
[2] -63 -74 -85 
(3) -72 -66 -60 
[4] +27 +24 +22 
[5] +4 +3 +3 
[6] + 8 -1 -10 
(7) +37 +48 +55 
{8] +52 +37 +17 


From these data the following observations can be 
made: 
Reaction [4]: The order of magnitude of the oxy- 
gen pressure is 10-* atm. There- 
fore it is possible that Reaction [ 4] 
may be a link in the chlorination of 
TiO, in the presence of C or CO. 


Reactions [5] From a thermodynamic point of 
and [ 6]: view, it is possible that the chlorin- 

ation of TiO, with Cl, and CO begins 
with a reduction. It should be men- 
tioned, however, that the reduction 
is known to be slow. This fact may 
be due to adsorption of CO or CO, 
on the TiO, surface, which makes 
this surface inactive. Such adsorp- 
tion is known to occur on quartz 
(Hinshelwood?’), Of course solid 
phase diffusion processes may also 
slow down the reaction. 


Reactions [7] Titanium carbide formation is 
and [8]: highly improbable. 


CHLORINATION OF RUTILE IN THE PRESENCE 
OF CO 


In a series of experiments, Australian rutile hav- 
ing the following analysis 


« 


TiO, 95.7 pet 
Fe 0.4 pct 
SiO, 0.9 pet 
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let. Full line: the original surface; dashed line: the surface 
after chlorination; figures indicate the corrosion depth in 
millimeters. 


AL, O, 0.4 pct 
0.7 pet 
ZrO, 0.9 pct 


was chlorinated with mixtures of Cl,, CO, and CO,. 
The rutile had a grain size of 0.15 to 0.30 mm (100 
to 50 mesh), and was subjected to the action of the 
above-mentioned gases in a quartz-tube electric 
furnace, Fig. 1. The rutile was placed in a quartz 
boat and the temperature was kept at a predeter- 
mined level by a thermocouple in the gas stream in- 
side the tube connected to a temperature controller. 
The weight of the rutile was determined before and 
after the chlorination. During the heating and cool- 
ing of the furnace, the tube was swept by pure argon. 
The relative weight decrease per hr was used as a 
measure of TiCl, formation. It was found that the 
relative weight decrease per hr was not influenced 
by the amount of rutile nor by time. 

The result of this study is summarized in Table 
II. 

From these figures the following conclusions can 
be reached: 
Experiments 4 to 7: 


The relative weight decrease 
is independent of the amount 
of rutile. 


There is a marked tempera- 
ture dependence. Other experi- 
ments showed that the activa- 
tion energy in order of magni- 
tude was 25 kcal per mole. 


The reaction is but slightly 
retarded by CO,. 

The relative weight decrease is roughly propor- 
tional to the CO concentration. The chlorine concen- 
tration seems to be of minor importance. 

It should be observed that the reaction rate in chlo- 
rination of TiO, with Cl, + CO is of the same order 
of magnitude as that of reduction to Ti,O, (Nishi- 
mura ®). This fact will support the following hypo- 
thesis: 

TiO, is first reduced to a lower oxide, Reaction 
[5], and this oxide is then chlorinated. The first- 
mentioned reaction is supposed to be rate control- 
ling. If such a reaction mechanism is assumed, the 
fact that the reaction rate is independent of the Cl, 
concentration is natural. 


8 and 9: 


CHLORINATION OF SEPARATE RUTILE-CARBON 
TABLETS 


In this series of experiments the same rutile was 
used as in the experiments just described. This 
rutile was ground to minus 200 mesh, moistened 
with water, and pressed to tablets 1.5 cm in diam. 
These tablets were sintered in air at 1200° to 
1280°C, which made them very dense and strong. 
Tablets composed of equal parts of char and a heavy 
tar were pressed and coked at 700°C in a nitrogen 
atmosphere. These char tablets were cut to cubes 
having a side length of 1 cm. A char cube was placed 
in a quartz boat and a rutile tablet was put on the top 
of it. The boat with the two pieces was heated in an 
argon atmosphere in a tube furnace and subjected to 
the action of chlorine at 600° or 800°C. At 600°C, 
only traces of TiCl, were formed and the weight de- 
crease of the rutile was only a few milligrams. The 
char cubes invariably showed a weight increase 


Table Il. Chlorination of Rutile 


Relative 
Exit-Gas Composition Inlet-Gas Composition Weight Decrease, 
Experiment Weight, g Temp, C co co, ch, Til, co co, ci, TiCl, Pct per Hr 
1 Zaee 1000 44 8 44 4 50 50 7.9 
21.0 900 48 2 48 50 50 
o 20.7 1000 42 11 42 5 50 50 6.6 
5 13.5 995 41 12 41 6 50 50 6.8 
6 13.6 1000 45 7 45 3 50 50 6.4 
7 6.0 1000 46 5 46 2 50 50 6.7 
8 20.9 990 30 37 30 3 35 30 35 aa 
9 13.5 1000 32 33 32 2 35 30 35 5 TY 
10 13.5 1000 31 5 31 33 35 35 30 4.9 
11 13:2 1000 20 13 67 1 22 10 68 2.9 
12 13.3 1000 62 18 20 3 65 10 25 5.2 
13 3 1000 40 16 4g 4 45 10 45 5.8 
14 13.5 1000 61 13 20 6 70 30 8.6 
15 13.3 1000 2 8 61 4 34 66 4.9 
3 3.6 900 carbon 100 ca 300 
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GZ 
Fig. 2—Chlorination of a rutile tablet resting on a char tab- ee 
3 : 


which was caused by chlorine adsorption. After each 
run the carbon cubes contained 12 pct Cl, in spite of 
the fact that the tube was purged with argon during 
the cooling period which lasted several hours. At 
800°C, the rutile tablet lost 147 mg in 3 hrs. Inspec- 
tion of the surfaces of the two pieces revealed that 
corrosion had occurred only where the two pieces 
had been in contact with one another. Fig. 2 shows 
an enlarged cross section of the tablet and the cube. 
The indentations represent the two small holes 

(450 » deep) that are ground into the rutile tablet be- 
fore the chlorination. It is evident that very little 
corrosion had occurred in the bottom of these holes 
in spite of the fact that they must have been filled 
with CO and CL. Microscopic examination of the 
contact surfaces revealed that the tops of each indi- 
vidual grain of rutile had not been eroded more than 
were the valleys between the grains. It must be con- 
cluded that the reaction is strongly promoted by 
carbon if the distance between the carbon and the 
rutile is less than 200 or so. The points of contact 
do not corrode faster than surfaces 50 uy apart. 
There was no indication of any new phase in the 
points of contact. 


PRELIMINARY EXPERIMENTS WITH CHLORINA- 
TION OF RUTILE-CARBON TABLETS 


The rutile used in these experiments originated 
from Australia and had the same analysis as men- 
tioned above. 

The carbon was mostly wood char having an ash 
content of 1 pct and a mean grain size of 150 yu. 

The binder was a coal tar having the following 
characteristics: 


density 1.172 

viscosity at 69.3°C 100 centistokes 
distillation residue at 360°C 63.7 pct 

phenol content 4.4 pet 
insoluble in toluene 3.7 pet 


The chlorine gas was of standard technical grade 
and was not purified. 

Most experiments were carried out with tablets 
pressed in a rotating-table tablet machine. These 
tablets had the diameter 1.3 cm. The compacting 
force was not known, but was probably less than 
1000 lb. The tablets were coked in a retort which 
was slowly heated to 685°C and kept at that tempera- 
ture until no more gas escaped. The composition was 
23 parts of char, 28 parts of tar, and 100 parts of 
rutile, which gave about 30 parts of carbon to 100 
parts of rutile after coking. 

Some experiments were carried out with tablets 
pressed manually in a die. The compacing force was 
about 1000 lb and the diameter 1.5 cm. These tab- 
lets were coked at a maximum temperature of 700°C. 

All chlorinations were carried out in the tube fur- 
nace shown in Fig. 1. The diameter of the quartz 
tube was 1 in. 

The procedure usually followed was to put three 
tablets in the quartz boat which was weighed and 
placed in the tube at room temperature. The appara- 
tus was purged with argon and heated to the desired 
temperature with a slow stream of argon. Then chlo- 
rine was admitted for a specified length of time, and 
after that the tube was again purged with argon and 
allowed to cool down to 300°C or below. The boat 
was taken out and weighed. It was found that there 
was no appreciable weight change during the heating 
and cooling periods. The weight decrease per hour 
was taken as a measure of the chlorination rate. In 
some experiments, the residue was burned in air 
at 800° to 900°C in order to check the carbon con- 
tent. 

In one series of experiments the gas feed was 
pure chlorine and in another series mixtures of 
chlorine with various amounts of Argon, CO, and 
CO, were used. The results of the first series are 
shown in Table II. 

The experiments reported in Table II indicate 


Table Ill. Chlorination of Tablets Pressed from Rutile-Carbon Mixtures 


Rutile Tablet Weight, Weight 
Max. Grain Cl, g Decrease 
Experiment Temp, C Time, Hr Tablet Size, u L per Hr Before After Pct Pct/Hr 
3 600 0.5 A 300 3.9 3.66 2.79 24 48 
4 600 4.0 A 300 4.0 3.63 1:12 70 (17) 
6 500 0.25 A 300 40 4.44 4.32 3 12 
7 600 0.25 A 300 40 4.32 222 49 196 
8 700 0.25 A 300 40 4.43 1.41 69 276 
9 800 0.25 A 300 40 4.36 0.81 81 324 
10 700 0.25 A 300 40 4.31 1.34 56 224 
11 600 0.25 A 300 40 4.69 2.64 44 176 
12 700 0.5 B 74 40 BA | 0.16 95 (190) 
13 700 2.0 B 74 39 3.34 0.12 96 - 
14 700 2.0 B 300 40 4.54 1.44 68 - 
15 700 0.5 B 300 39 3.82 1.62 58 (116) 
16 700 0.5 B 149 40 3.91 1.01 74 (148) 
17 700 2.0 B 149 40 5.26 0.94 82 - 


A: pressed in a tablet machine 
B: manually pressed 
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Table IV. Chlorination of Rutile-Carbon Tablets with Dilute Chlorine 


Initial Final 


Initial Final Rutile Rutile Weight 
Cl, A co CO, Weight, Weight, Weight, Weight, Decrease 
Experiment Temp, C Time, Hr Pct L/Hr Pct L/Hr Pct L/Hr Pct L/Hr g g g g Pct Pct/Hr Remarks 
20 2 80 80 - = - - 3.59 3.38 2.74 2.46 10 40 
2 2 80 80 - ~ - - 3.64 2.74 2.77 1.96 19 19 
50 20 5S 2 - - - - 3.91 3.39 2.97 2.48 16.5 66 
50 20 50 HB - - - - 3.86 3.28 2.94 2.42 17.7 71 
50 20 20 = — ~ - - 3.21 2.92 2.44 2.20 9.9 40 Divided Tabl. 
50 20 - - 2.89 2.84 Zit 103 59 Pct TiCl, 
47 600 0.25 100 2 ~ - - - - 4.24 2.83 3.23 2.06 36.2 145 in the gas 
48 605 0.25 20 2 - 80 80 - - 4.01 3.62 3.04 aes 12 41 
49 595 0:25 20 20 - 60 60 20 20 4.17 3.55 3.17 2.25) 345 58 
50 595 25 20 20 - 60 60 20 20 4.12 3.69 3.13 2.79 §©10.1 40 
5k 595 0.25 20 5 2 «O- - - - 3.68 3.54 2.80 2.68 4.3 17 
52 595 1.0 20 5 20 «= - - - 3.94 3.10 3.00 2.27 24.3 24 
53 595 0.25 5 5 9 - o - - 3.99 3.99 3.05 3.05 0 0 
54 595 1.0 5 5 95 - ~ - - 3.68 3.50 2.80 2.62 6.4 6 
55 695 0.25 100 20 - - ~ - - 3.72 1.54 2.83 1.04 63.5 250 
56 695 0:25 20 2 80 


that the rutile grain size and the temperature are 
important variables. Additional experiments have 
shown that loose mixtures react somewhat slower 
than tablets, Other kinds of carbon have also been 
tried, and it has been shown that above 700°C metal- 
lurgical coke and graphite react almost as fast as 
char, provided the grain size of the carbon is less 
than 150u. The residue from experiment 4 was chlo- 
rinated once more after it hadbeen thoroughly mixed. 
It was found that 60 pct of the residue could be con- 
verted into TiCl, within 1.5 hr. Without mixing, 
hardly any reaction occurred. In another experiment, 
the residue was mixed with more carbon, but this 
addition did not cause more increase in the reaction 
rate than did mixing of the residue without new car- 
bon. If new rutile was added, however, all the carbon 
was consumed. 

The experiments with diluted chlorine are re- 
ported in Table IV. ' 

These experiments indicate that the reaction rate 
is approximately proportional to the chlorine con- 
centration. The lower chlorination rate in experi- 
ments 51 and 52 may be attributed to the low gas 
flow. In these runs the excess of chlorine was not as 
large as it was in the other runs. Experiments 48, 
49, and 50 indicate that pure CO does not influence 
the reaction velocity, nor does the admixture of CO,. 

Experiment 45 was carried out with tablets divided 
into four parts in order to find a possible gas-diffu- 
sion effect. Instead of increasing, the reaction ve- 
locity decreased. 


STATIC BED VS FLUIDIZED BED 


The object of this study was to compare the chlo- 
rination rate in the following cases: 

1) Tablets of fine-grained rutile-coke mixtures. 

2) Loose mixtures of rutile and coke with grain 
sizes suitable for fluidization. 

3) Fluidized bed of the same mixture as in 2). 

As the preliminary experiments had indicated the 
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importance of well controlled conditions as to grain 
size and the distance between the individual grains, 
great care was expended on the preparation of the 
samples in these series of experiments. Therefore 
the preparation is described in some detail. 

Material. The same rutile was employed as in 
the work described above. In the experiments of 
Case 1), the rutile was ground to 


>140 mesh 27.1 pet 
140-200 mesh _ 17.8 pct 
<200 mesh 55.1 pet 


In Cases 2) and 3), fractions between 60 and 100 
mesh were used. By the screening only 17 pct was 
rejected, and therefore no appreciable change in 
composition or quality could have occurred. 

Common metallurgical coke was used. In Case 1) 
the coke was ground to minus 200 mesh. The ash 
content was 10.2 pct. In Cases 2) and 3) a fraction 
between 30 and 60 mesh was employed. The ash 
content was 9.1 pct. 

The tablets in Case 1) were pressed in a die hav- 
ing a diameter of 2.03 cm. Each tablet contained 
8.5 g of the following mixture: 

100 parts of rutile 

14 parts of coke 
2 parts of boric acid (<100 mesh). 

To each tablet was added 0.6 g of water. The 
compacting pressure was 2 metric tons. The height 
of each tablet was 1.12 cm. The tablets were dried 
at 150°C for at least 12 hr. All tablets used in this 
series were sintered in one single sintering opera- 
tion carried out in a tube furnace in pure argon. 
The weight decrease was the same for all tablets, 
1.4 pct. As the water content of the boric acid was 
only 0.75 pct, 0.65 pct was attributed to volatile 
matter from the coke. No reaction occurred between 
the rutile and the coke. 

Apparatus and Procedure. The experiments in 
Case 1) were carried out in a tube furnace with a 
quartz tube (inside diam. 2.7 cm, length 70 cm). One 
tablet was put in a quartz boat that was 9 cm long, 
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Fig. 3—Fluidized bed chlorination apparatus: 1) chlorine 
inlet; 2) thermocouple: 3) electric furnace; 4) gas distribu- 
tor plate: 5) fluidized bed of rutile and coke; 6) quartz tube; 
7) thermocouple; 8) heated zone 320°C; 9) TiCl,-FeCl;- 
recipient; 10) reflux condensors; 11) ice-cooled condensors; 
12) gas exit. 


0.8 to 1.2 cm wide, and 1.0 cm high. The walls of 
the boat had been pressed aside in one section in 
order to allow the tablet to rest with its axis coin- 
ciding with the axis of the tube. The temperature 
was determined both inside the tube near the sample 
and outside the tube. The exit gases were led through 
a 1-liter suction flask attached to the tube end. Part 
of the TiCl, condensed in the tube and dripped di- 
rectly into the flask. The gases and uncondensed 
TiCl, were led to the exhaust. Chlorine, argon, and 
CO were supplied through capillary orifice meters 
which had been calibrated beforehand. 

In Case 1), one tablet was placed in the boat and 
weighed. The boat was then pushed into the tube that 
was purged with pure argon and heated to the desired 
temperature. Then the predetermined gas mixture 
containing chlorine was fed through the tube. The 
experiment was stopped after a certain time by purg- 
ing with a fairly large amount of argon. When the 
tube had cooled down to 250°C, the tablet was taken 
out, stored in a desiccator for 15 min, and weighed. 
This procedure was repeated until all carbon had 
been consumed. 

The experiments of Case 2) were carried out in 
the same apparatus as Case 1). Instead of the boat, 

a short quartz tube (inside diam 2.2 cm, length 10 
cm) was used. Both ends of this tube were narrowed 
to a diameter of 1.4 cm. This tube was supplied with 
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“FLUIDIZED: 


Fig. 4—Gas inlet into the fluidized bed: 1) quartz disk; 

2) graphite distribution plate with 8 radial V-shaped slots at 
the bottom; 3) thermocouple well of quartz; 4) thermocouple; 
5) asbestos packing; 6) quartz tube. 


8 g of rutile and 2.4 g of coke. It was weighed be- 
fore and after each run. Before the same mixture 
was chlorinated again, both ends of the tube were 
plugged with rubber stoppers. It was then shaken 25 
times so that all ashes could be torn away from the 
surface of the coke. It was found that the amount of 
dust which adhered to the stoppers was less than 

1 mg. 

Fig. 3 shows the apparatus used in fluidized-bed 
chlorination. The gas distributor is shown in Fig. 

4. It was observed that an incipient fluidization oc- 
curred at 3.5 cm per sec at 850°C if CO or argon 
was used as the fluidized medium. The chlorination 
was carried out with a gas mixture containing 1 part 
of Cl, and 5 parts of CO. The gas rate was 11 cm 
per sec during the first part of the experiment and 
16.5 cm per sec in the latter part. 

Results. The results of Cases 1) and 2) are shown 
in Tables V and VI and in Figs. 5 and 6. 

Only two experiments with fluidized-bed chlorina- 
tion were carried out. The bed was charged with 
384 g of a rutile-coke mixture containing 30 parts 
of coke and 100 parts of rutile. The initial weight of 
the mixture in Run C2 was not determined, but is 
calculated to be 332 g. After the two experiments, 
the weight of the bed was 281 g. The carbon content 
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Table V. Case 1: Chlorination of Tablets 


Diameter 2.0cm., Height 1.1 cm; 14 Parts of Coke per 100 Parts of Rutile 
Gas Mixture: Chlorine + Argon 


Chlorine Weight Weight 
Temp, Time, Concentration, Supply, Before, After, Decrease,* 

Run C Hr Pet L/Hr g g Pct/Hr 
Al 680 0.25 100 40 8.555 5.190 270 
A2 705 0.25 100 40 5.190 3.554 

A3 720 0.5 100 40 3.554 3.497 

A4 710 0.25 50 20 8.435 6.951 112 
AS 705 0:25 50 20 6.951 5,457 

A6 710 0.5 50 20 5.457 3.437 

A7 710 1.0 50 20 3.437 3.138 

A& 710 0.5 20 20 8.614 6.908 62 
A9 710 0.5 20 20 6.908 5,123 

A10 710 1.0 20 20 5.123 3,216 

All 710 2.0 20 20 3,216 3,060 

Al2 850 0.25 50 30 8.570 5,422 220 
Al13 855 0.25 50 30 5.422 3.825 

Al4 855 0.5 50 30 3.823 2.843 

A15 855 LO 50 30 2.843 2.818 

Al6 850 0.3 20 30 8.514 5.920 160 
A17 855 0.3 20 30 5.920 4.434 

A18 855 0.5 20 30 4.434 3,138 

A19 860 1.0 20 30 3.138 3,120 


“The weight decrease is expressed in pct of the total weight decrease, 
i.e., the difference of the original weight and the weight when all car 
bon has been consumed. 


of the residue was the same as that of the initial 
mixture. The carbon consumption was therefore 1.8 
mole carbon per mole of rutile. The main part of 
the oxygen content of the rutile has thus been con- 
verted into CO. The velocity of the chlorination may 
be judged from the chlorine concentration in the 
exit gases. In order to simplify the calculation it is 
assumed that the chlorination velocity is proportional 
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Fig. 5—The relative weight decrease of rutile-coke tablets 
containing 14 parts of coke per 100 parts of rutile. Temper- 
ature 700°C. Tablet diam 2 cm, height 1.1 cm. 
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Table VI. Case 2: Chlorination of Loose Mixtures of 
Rutile (60 to 100 Mesh) and Coke 


30 Parts of Coke Per 100 Parts of Rutile 


Chlorine Weight Weight 
Temp, Time, Conc., Supply, Diluting Before, After, Decrease, 

Run C Hr Pct L/He Gas g g Pct/Hr : 

Bl 710 0.25 50 2 A 10.400 10.178 
B2 710 0.25 50 20 A 10.178 10,065 4,5 : Le 
B4 855 0.25 100 40 - 10.400 7.461 110 

B5 850 0.25 100 40 ~ 7.461 5,150 123 

B6 860 0.5 100 40 ~ 5.150 3,526 63 

B7 865 0.25 20 2 CO 10.400 8.616 68 

B8 860 0.25 20 2 co 8.616 7.306 61 

B9 860 0.5 20 20 7.306 4.800 68 

B10 855 0.25 20 20 A 10.400 8.700 65 

Bll 855 0.25 20 20 A 8.700 7.118 73 

B12 855 0.5 20 20 A 7.118 4,924 62 

B13 1000 0.25 20 20 CO 10.400 7.060 130 

B14 1010 0.25 20 20 co 7.060 4.422 150 

B15 1010 0.50 20 20 co 4.422 1.838 (117) 

B16 1020 0.25 20 20 A 10.400 8.190 85 

B17 1010 0.25 20 2 A 8,190 5.923 110 

B18 1020 0.5 20 20 A 5.923 3,758 (73) 


to the chlorine concentration, an assumption which is 
supported by the preliminary experiments. Table 
VI contains data from both runs, and in the last two 
columns the ratio between the chlorination velocity 
(expressed as weight decrease per hr) and the chlo- 
rine concentration. 

The values in Table VII indicate that, in this case, 
piston flow is more probable than complete mixing. 
The different order of magnitude of the exit chlorine 
concentration in the two experiments is not inciden- 
tal, as the figures reported in Table VII are both 
means of several analyses with low standard devia- 
tions. The chlorination velocity is therefore likely 
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Fig. 6—The relative weight decrease of rutile-coke tablets 


containing 14 parts of coke per 100 parts of rutile. Temper- 
ature 850°C. Tablet diam 2 cm, height 1.1 cm. 
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Table Vil. Fluidized-Bed Chlorination of Coke Rutile Mixtures 


W. decrease 


Cl, 

Temp, Time, Gas Feed Exit Gas, Consumption, Cl-consumption 

Run Cc Min Pct Cl, Pct CO L/Hr Pet Cl, Moles a: b? 
Cl 855 43 16.7 83.3 240 0.22 1.2 5.9 (100) 
2 855 38 16.7 83.3 360 2.9 5 OR 4.2 ( 12) 


‘No mixing (piston flow) assumed. 
*Complete gas-phase mixing assumed. 


to be about 5 pct per hr at 1 pct Cl,-conc., which is 
not far from the value 65/20 = 3.25 that can be cal- 
culated from Run B10. It is probable that fluidiza- 
tion has influenced the reaction velocity but slightly. 

The values in Tables V and VI need little discus- 
sion. It is evident that the chlorination rate of dense 
tablets of finegrained rutile and coke at 700°C is 10 
times higher than that of loose stationary mixtures 
of rutile and coke with a grain size suitable for a 
fluidized-bed feed. In reaction rate of the tablets is 
sufficient to warrant the use of static-bed chlorina- 
tion at 700°C. 

At 850°C the difference between the chlorination 
rate of tablets and that of loose mixtures is less 
pronounced (compare for instance Run A16 with 
B10). In tablet chlorination, the reaction rate seems 
to be approximately proportional to the chlorine con- 
centration. At all temperatures except those above 
1000°C, the addition of CO instead of argon does not 
change the reaction velocity. 

The results from Case 2) indicate that the reac- 
tion velocity is the same whether the reaction lasts 
30 min or 15 min after shaking the mixture. One 
exception is Runs B4 and B6, where large portions 
of the mixture were consumed between the mechani- 
cal treatment of the mixture. It is, therefore, prob- 
ably that the ash layer or other inert material on the 
grains retards the reaction only if these layers are 


rather thick. 


CONCLUSIONS 
The reaction mechanisms of the two reactions 
TiO, +2 CL, +2CO= TiCl,+2CO, and [3] 
TiO, +2Cl, + C = TiCl, + CO, [1] 


seem to be different. At temperatures below 1000°C, 
Reaction [3] is much slower than [1]. The velocity 
of [3] is proportional to the CO content, but inde- 
pendent of the Cl, concentration, whereas the veloc- 
ity of [1] is proportional to the Cl, content and in- 
dependent of the CO content of the gas phase. 
Reaction [1] is rapid, only if the distance between 
the rutile and the carbon surfaces is below 200i, 
but direct contact between the grains is not required. 
The chlorination rate is increased with increasing 
temperature, and the temperature dependence is 
more pronounced at low temperatures (500° to 650°C 
if char is used and 700° to 850°C with coarse- 
grained coke). The carbon is mainly converted into 


1128-VOLUME 221, DECEMBER 1961 


CO,, particularly if there is a deficit of carbon, or 
if low-reactivity carbon is used. 

These characteristics of Reaction [1] may be in- 
terpreted by assuming the formation of an interme- 
diate, unstable compound. As a matter of fact, it 
has been suggested by Pamfilov that phosgene should 
be such an intermediate. This is, however, less 
probable, as phosgene dissociates into CO and Cl,, 
and the degree of dissociation changes from 91 pct 
at 600°C to 99.8 pct at 800°C and 99.9 pct at 900°C. 
Such a dissociation ought to be reflected in the re- 
action velocity of Reaction [1]. This is the case if 
phosgene is used as the chlorinating agent. Further- 
more, the dissociation of phosgene should be depend- 
ent on the CO concentration, but Reaction [1] is in- 
dependent of the CO concentration. It is more prob- 
able that Reaction [1] is analogous to the reaction 
between H, and Cl, or O, and Cl, where atomic 
chlorine and radicals such as ClO play a part. 

The fact that phosgene promotes the reaction 
might be attributed to the well known formation of 
Cl atoms or COCI radicals during the decomposi- 
tion of phosgene. 

As the chlorination velocity of dense tablets of 
fine-grained rutile and coke is much higher than 
that of low-depth loose mixtures it is improbable 
that gaseous diffusion is a rate controlling factor. 
Therefore the low gaseous diffusion resistance in 
fluidized state operation seems to be of minor im- 
portance in this case, at least below 900°C. 

As the chlorination velocity is found to be propor- 
tional to the Cl,-concentration, the back-mixing of 
gas occurring in a fluidized bed lowers the chlorina- 
tion velocity unless fairly high chlorine losses are 
tolerated. 

Above 1000°C reaction [3] is rather fast and the 
reaction velocity is independent of the chlorine con- 
centration. At such high temperatures fluidized bed 
operation seems to be a more natural choice. 
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John H. Schemel 


Large Zircaloy-2 hammer or press forged bars 
did not exhibit the uniform excellent corrosion re- 
sistance to steam normally expected of the alloy in 
wrought form. Weight gains of coupons cut from 
forged bars were 40 to 60 mg per sq dm compared 

to the 28 mg per sq dm obtained on hot rolled sheet 
and strip. The mechanism of this corrosion and its 
relation to microstructure is discussed. After these 
observations, a solution heat treatment followed by 
vapid cooling was tried on coupons from eight heats 
of forged bars. The basket-weave structure result- 
ing from the quench did not show agglomeration of 
intermetallic compounds. These coupons showed uni- 
formly good corrosion resistance with weight gains 
very close to the 28 mg per sq dm expected of Zirc- 
aloy-2 after the 14-day steam test. A large forging 
was solution heat-treated and tested for structure, 
mechanical properties, and corrosion resistance. 
Corrosion resistance was excellent and uniform 
throughout the section. The normally anisotropic me- 
chanical properties were changed to completely iso- 
tropic. Strength levels were raised while there was 
a small loss in ductility at the service temperature. 
Tempering of the quenched structure below the B 
transus did not improve the ductility at the test tem- 


perature of 600°F., 


Z IRCALOY-2* end caps for nuclear fuel elements 


*Zircaloy-2 is an alloy of 1.5 pct Sn, 0.1 pct Fe, 0.1 pct Cr, and 
0.05 pet Ni, balance hafnium-free zirconium patented by Westing- 


house Electric Co. 

used in pressurized water reactors are machined 
from large hammer-finished forged bars. The bars 
forged for this application range from 3 1/2 in. to 
7 1/2 in. squares. 


JOHN H. SCHEMEL, Junior Member AIME, is Senior Re- 
search Engineer, Carborundum Metals Co., Akron, N. Y. 
Manuscript submitted March 17, 1961. IMD 
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Effect of Heat Treatment on the Structure, 
Mechanical Properties, and Corrosion Resistance of 


Heavy Forged Sections of Zircaloy-2 


the IME in San Francisco, February, 1959. 
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O. Kubaschewski and E. Ll. Evans: Metallurgical Thermochemistry, London, 


1956. 
i N. Hinshelwood: The Kinetics of the Chemical Change, p. 198, Oxford, 


One of the tests used to evaluate Zircaloy-2 for 
this service is a 14-day exposure to very high-purity 
steam at 750°F and 1500 psi pressure. 

Normally wrought products will exhibit a black 
lustrous film of zirconium oxide after the test and 
show a weight gain of approximately 28 mg per sq 
dm. 

Coupons representing the forged bars exhibited a 
wide variety of corrosion results ranging from ac- 
ceptable black coupons to some covered with white 
crystals of zirconium oxide that had weight gains of 
nearly 100 mg per sq dm. One of the most common 
effects was a white corrosion product that looked 
like a stain to some observers and the outline of 
massive metal grains to others. Very careful speci- 
men preparation prior to the corrosion test did not 
affect the result and metallographic examination 
did not reveal a structural feature of a size and 
shape that would correlate with the corrosion prod- 
uct. In addition to the relatively poor corrosion 
resistance, the forged product was not as ductile 
as desired. 

The problem of obtaining uniform and more ac- 
ceptable properties in these heavy-forged sections 
seemed to be a function of the microstructure of 
the metal and, in particular, the distribution of the 
intermetallic compounds. None of the four alloying 
elements however are appreciably soluble in a 
zirconium and are present as compounds which 
usually appear scattered randomly throughout the 
structure. Moudry' showed that the distribution of 
these intermetallic compounds in Zircaloy could be 
related to a “stringer” corrosion failure. Grozier 
et al.? discussed another structural defect that 
causes a similar corrosion effect. In this case, 
an elongated gas-void was determined to be the 
cause. M. L. Picklesimer held in his discussion of 
the Grozier paper that at least a part of the ob- 
served “stringers” were caused by the distribution 
of the intermetallic compounds. He proposed a 
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Table 1. Coupon Corrosion Test Data 
Weight Gain, mg/dm? 
3-Day Exposure 14-Day Exposure 
Sample No. Control L 1800°F Quench Q 2100°F Quench A Control L 1800°F Quench Q 2100°F Quench 4 

K-442 41 38 17 52 51 30 
K-444 41 41 16 51 58 28 
K-453 21 18 17 32 27 27 
K-454 25 20 14 35 29 25 
K-455 24 18 17 33 27 25 
K-456 19 16 17 42 24 26 
K-474 17 19 15 27 28 27 
K-475 18 18 16 27 27 25 
Specification Maximum 22 22 22 38 38 38 


Exposure: high-purity steam at 750°F and 1500 psi in a static autoclave. 


corrective production procedure of solution heat- 
treatment, followed by hot working and recrystalli- 
zation in the a field (below 1450°F).° The hot work- 
ing and recrystallization to the equiaxed grains is 
necessary to promote ductility according to Dr. 
Picklesimer’s Patent Number 2,894,866. All of 
these investigators reached the conclusion that a 
microstructure of large a zirconium grains of 
relatively low alloy content surrounded by a network 
of intermetallic compounds induced by slow cooling 
from the 8 or a plus £ regions would yield poor re- 
sistance to corrosion. The same precipitation of 
iron and chromium intermetallic compounds was 
found to be the cause of intergranular corrosion of 
the heat-affected zone of welds made in commercial 
zirconium of high-impurity content. Priest and 
Payne,‘ in conjunction with the author of this paper, 
showed that solution heat-treatment would correct 
this condition without seriously impairing the 
formability of the metal. 


POSSIBLE SOLUTIONS 


Zircaloy is usually forged starting at 1700°to 
1800° F for the 12 and 16 in. diameter ingots. Work- 
ing is completed well above 1450° F so that the con- 
dition of slow cooling from the qa plus £ region re- 
ferred to above is present during the production of 
forged bars. 

If slow cooling through the £ to a transition is the 
cause of the corrosion-prone structure or at least 
a major contributing factor, then a practice must be 
devised that will avoid the slow cooling. Forging in 
the all-a@ phase below 1450° F is difficult because of 
the great forces required to move the material and 
the risk of cracking during severe reductions. 

An alternative is a post-forging heat treatment 
that would alter the structure to one that will give 
the required corrosion properties and is particularly 
desirable because it will permit the forging opera- 


Table II. Grouping Heats Spectre and Performance 


tions to take place at temperatures where the work- 
ing characteristics are favorable. 

Solution heat treatment to disperse the offending 
compound gave the greatest promise of producing 
usable material in spite of Goodwin et al. who 
showed that this treatment will markedly reduce the 
ductility of the metal. Eight heats of forged bars 
were available for study from current production 
work. These heats had shown wide variance in cor- 
rosion properties in the required quality control 
tests despite the fact that processing was nearly 
identical for all the heats. In all cases, 12 in.-diam 
ingots were hammer -forged to required size in one 
or more operations commencing at 1750° F and end- 
ing with the metal still above 1550° F. All but two of 
the heats were annealed for 30 min at 1550° F after 
forging. 


EXPERIMENTAL HEAT TREATMENT 


A preliminary experiment was undertaken in which 
one of the retainer samples from each of the eight 
heats was used. Three adjacent coupons were cut 
from each sample for experimental heat treatment. 
One coupon from each heat was held as a control 
and received no further heat treatment, one was 
water -quenched from 1800° F, and one ‘was water - 
quenched from 2100°F. For identification the con- 
trols were designated, L; those quenched from 
1800° F, Q; and those quenched from 2100°F, A. 

To represent a structure of a plus £, 1800° F was 
chosen and 2100° F represented an all-f phase 
structure. After heat-treatment, the coupons were 
made into standard corrosion specimens. About 
0.030 of an inch of metal was machined from all 
surfaces to remove oxygen contamination. The cou- 
pons were tested for a total of fourteen days in 

750° F, 1500 psi steam. The test was interrupted 
after 3 days for preliminary data and then continued 
for the balance of the 14 days. 

Table I gives the weight gains of the coupons-dur- 
ing the test periods. After autoclaving, the L 
(control) coupons, and the Q coupons from two heats 


Group 1 K-442, K-444 exhibited white corrosion product. The other L and 
K-454,K-455, K-456 coupons exhibited various shades of grey and 
black lustrous oxidation coatings with some “string- 
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Fig. 1—Microstructure of group 1 forgings, as forged and 
annealed. Polarized light, X125, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 


ers.” The A coupons from all eight heats exhibited 
a very lustrous black coating with the microstruc- 
ture very prominent from the pretest etching treat - 
ment. Metallographic examination of the control 
coupons revealed considerable difference in grain 
size among the eight heats. By a correlation of 
microstructure and corrosion behavior, the eight 
heats may be divided into three groups. The heats 
falling in each group are given in Table II. 

Group 1 heats had the largest grain size and the 
coarsest agglomeration of intermetallic compounds, 
Fig. 1. In agreement with Moudry’s correlation, 
these heats showed poor resistance to corrosion 
prior to experimental heat treatment. The quench 
from 1800° F did not refine the structure, Fig. 2, and 
seemed to aggravate the corrosion. A quench from 
2100° F altered the microstructure to a basket- 
weave or “Widmanstatten”-type of structure consist- 
ing of fine platelets of a zirconium with the inter- 
metallic compounds finely dispersed throughout, 
Fig. 3. The large network seen in this structure is 


Fig. 3—Microstructure of group 1 forgings, water quenched 
from 2100°F. Polarized light, X60, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 
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Fig. 2—Microstructure of group 1 forgings, water quenched 
from 1800°F. Polarized light, X125, electrolytic etch. 
Reduced approximately 26 pct for reproduction. 


the outline of the prior 8 grains. This structural 
feature is quite large and was evident on the pickled 
corrosion coupons, both before and after test. 

Group 2 heats, prior to experimental heat treat- 
ment, had a finer structure, Fig. 4, but the interme- 
tallic compounds were still primarily precipitated at 
the grain boundaries, and the grains were elongated 
in the direction of working. This group did not ex- 
hibit completely satisfactory corrosion results but 
were borderline in most cases. Quenching this group 
of coupons from 1800° F enlarged the grain size, 

Fig. 5, but improved the performance in the corro- 
sion test to the point at which all coupons would have 
been acceptable under the standards in effect at that 
time.* The quench from 2100°F converted the micro- 

*Certain present comparative standards for the degree of blackness 
and the incidence of pitting to evaluate corrosion films on Zircaloy 
coupons were not used when this test program was undertaken. 
structure to a similar, but finer, structure than ob- 
tained with the group 1 heats. 

Group 3 heats had the finest grains in the as-forged 


Fig. 4—Microstructure of group 2 forgings, as forged and 
annealed. Polarized light, X125, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 
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Fig. 5—Microstructure of group 2 forgings, water quenched 


from 1800°F. Polarized light, X125, electrolytic etch. 
Reduced approximately 26 pct for reproduction. 


condition with the intermetallic compounds distri- 
buted more evenly throughout as shown in Fig. 7. 
These coupons yielded satisfactory corrosion re- 
sults, both in weight gain and surface appearance. 
These coupons, when quenched from 1800° F, had a 
structure, Fig. 8, similar to the group 2, Q speci- 
mens. 

These coupons reacted satisfactorily in the steam- 
corrosion test. Quenching from 2100° F yielded a 
very fine “Widmanstatten” structure within the out- 
line of the prior 8 grains, Fig. 9. Once again, the 
corrosion results were excellent. 

Although it was obvious that a quench from the 
B region was indeed effective in improving the cor- 
rosion resistance of the forgings, an effort was made 
to find the cause of the variation in corrosion be- 
havior shown by the supposedly identically produced 
forgings. There are many possible sources of vari- 
ation to consider in accounting for this behavior. 

A very complete search of the history of this 
material was made from the original sponge used 


s 2 


4 atm’ 
Fig. 7—Microstructure of group 3 forgings, as forged. 
Polarized light, X125, electrolytic etch. Reduced approx- 
imately 26 pct for reproduction. 
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Fig. 6—Microstructure of group 2 forgings, water quenched 


from 2100°F. Polarized light, X60, electrolytic etch. Re- 
duced approximately 26 pct for reproduction. 


through the melting and forging practices. As far 
as could be determined, all of the heats came from 
identical stock and were manufactured in precisely 
the same manner. 

All the heats were forged by one steel mill using 
the same practice each time. Only the fact that 
group 3 heats were not annealed after forging stood 
out. This fact cannot be assigned great significance 
because all forgings were finished above the 1550° F 
used for the anneal and were air cooled. 

Because no assignable cause for the variation in 
corrosion behavior was found, the remedial heat 
treatment was investigated further. It remained to 
be shown that the heat treatment would be effective 
throughout the large sections and that the mechani- 
cal properties were not adversely affected. The 
short-time elevated-temperature tensile test con- 
ducted at 600° F is used to evaluate Zircaloy -2. 
Forged bars of Zircaloy usually have exhibited 
marginal elongation. The average elongation in the 
longitudinal direction for the twenty-seven tests 


Fig. 8—Microstructure of group 3 forgings, water quenched 
from 1800°F. Polarized light, X125, electrolytic etch. 
Reduced approximately 26 pct for reproduction. 
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duced approximately 26 pct for reproduction. 


made on the eight selected heats was 28 pct. A 
minimum elongation of 30 pct transverse and 24 pct 
longitudinal is usually specified. Many factors, in- 
cluding specimen configuration, influence the elonga- 
tion measurement. Some of these are discussed by 
Dr. H. L. Kall and the author in a recently published 
report.® 


FULL-SCALE EXPERIMENTAL HEAT TREAT- 
MENT 


An experiment was developed to obtain the most 
information from the quenching of a single forging. 
It was necessary to choose the largest section size 
available from a heat that showed poor corrosion 
resistance in the as-manufactured condition. A 
block, 3 1/2-in. thick by 7 14-in. wide by 7 1/2-in. 
long, from the bottom of heat K-444 was chosen. 
This block was sawed from a long 3 1/2-in. by 
7 1/4-in. bar. 

To establish the properties of the forging prior 
to the experimental heat treatment, slabs approxi- 
mately 3/4 of an inch thick were cut from the block. 
Slab “A” was cut parallel to the long axis of the 
forged bar and slab “B” was cut perpendicular to 
the long axis. Specimens were cut from these slabs 
to represent the mechanical properties in all three 
directions. Specimens 51 and 52 represented trans- 
verse properties and 56, longitudinal. 

Because some investigators have reported that 
properties of large sections vary with the distance 
from the surface, a provision to test for this effect 
was made. Tensile specimens 52 to 55, cut at 1/2-in. 
intervals from the surface to the center of slab “B”, 
represented a continuous cross section-of the large 
forged bar. Six corrosion specimens were also pre- 
pared from various parts of the section to explore 
this effect. Tensile specimens were the 0.250-in- 
diam round bar specified in ASTM Methods E-8. 

The remaining block, 3 1/2 by 6 3/4 by6 1/2 in., 
was heated to 2100°F in a muffle furnace with an 
argon purge to minimize oxidation. The block was 
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Table Ill. Steam Corrosion Test Results on Forging 
K-444B Before and After Quench from 2100°F 


(14 days in 750°F — 1500 psi steam) 


Speci- 


men Remarks 


Black Lustrous Light Pitting 


1 lee 
2 49.7 | g Black Lustrous Light Pitting 
3 48.3 4 b Black Lustrous Light Pitting 
+ 46.5 § hed Black Lustrous Light Pitting 
5 48.5 §,2 Black Lustrous Light Pitting 
6 49.0 O18 Black Dull Luster 
7 50.6 |! = Black Lustrous Moderate Pitting 
8 51.6 y Black Lustrous Moderate Pitting 
9 28.8 i ; Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
10 30.0 | Black Lustrous with Prominent 
l Grain Structure Visible on Samples 
11 28.5 Black Lustrous with Prominent 
Grain Structure Visible on Samples 
12 29.8 | Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
13 30.4 I Black Lustrous with Prominent 
§! Grain Structure Visible on Samples 
14 30.1 § Black Lustrous with Prominent 
I Grain Structure Visible on Samples 
15 31.6 at Black Lustrous with Prominent 
Z| Grain Structure Visible on Samples 
16 27.0 < | Black Lustrous with Prominent 
Grain Structure Visible on Samples 
17 28.8 | Black Lustrous with Prominent 
| Grain Structure Visible on Samples 
18 26.8 | Black Lustrous with Prominent 


Grain Structure Visible on Samples 


charged with the furnace at 1100° F and required 

2 1/2 hr to reach 2100°F. A soaking period of 1 hr 
was allowed to insure that the whole block was uni- 
formly heated after which time it was quenched in 

a 55-gal drum of flowing water. An optical pyro- 
metric check of the temperature prior to quenching 
showed 2010°F. After being shot-blasted to remove 
the oxide, the centermost portion of the block was 
cut out for testing. The tests were made on material 
from as near the center as possible to minimize the 
effects of complex cooling at the corners of the 
block. All the tests made on the control slabs were 
repeated on the quenched block. Tables III and IV 
give the results of these tests. 

A microstructure survey of the quenched bar re- 
vealed the basket-weave, transformed £ structure 
throughout the section. The center of the section 
had a slightly coarser structure than the surface, 
Fig. 10. This relatively small difference indicates 
that considerably larger sections could be quenched 
out in the same manner. 

Results of the 14-day steam-corrosion tests on 
coupons from the forging confirmed the improve- 
ment in corrosion resistance imparted by a rapid 
cool from the £ field. The eight control coupons cut 
from the forging prior to heat treatment showed an 
average weight gain of 49 mg per sq dm. Variation 
in the weight gain could not be correlated to distance 
from the surface. The previously cited surface ef- 
fect was not found in this case. 

The specimens cut from the forging after heat 
treatment yielded very uniform weight gains in the 
corrosion test. The average weight gain was 29.3 
mg per sq dm and the standard deviation for the ten 
results was 1.5. This small standard deviation in- 
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Fig. 9—Microstructure of group 3 forgings, water quenched he. 
from 2100 F. Polarized light, X60, electrolytic etch. Re- 


Table IV. Tensile Properties of Forged Bar Tested at 600°F Per Mil-Z-19859A 


Position Ultimate 0.2 Pct Offset 
and Specimen Heat Tensile Yield Elongation Reduction 
Direction Number Treatment Strength Psi Strength Psi in 1In. Pct in Area Pct 
Longitudinal 56 Annealed at 1550°F 29,600 17,200 35 55 
61 Quenched from 2100°F 41,000 27,500 29 69 
Transverse 51 Annealed at 1550°F 30,300 21,500 34 64 
62 Quenched from 2100°F 34,900 23,900 29 63 
Transverse 52 Annealed at 1550°F 25,800 18,100 31 61 *Defective 
Surface 57 Quenched from 2100°F 40,400 29,300 32 70 Specimen 
Transverse 53 Annealed at 1550°F 30,600 21,800 34 66 
1/2 in. from 58 Quenched from 2100°F 36,400 24,000 29 62 
Surface 
Transverse 54 Annealed at 1550°F 30,800 21,800 34 67 
lin. from Surface 59 Quenched from 2100°F 35,800 24,900 a1 62 
Transverse 55 Annealed at 1550°F 31,200 21,700 34 66 
1 1/2 in. from 60 Quenched from 2100°F 35,800 26,100 28 60 
Surface 
Average for all Annealed at 1550°F 30,200 21,700 34 65.8 
Transverse Quenched from 2100°F 36,700 25,600 29.8 63.4 


dicated no significant variation in corrosion resist- 
ance anywhere in the section. This added to the 
metallographic evidence that even larger sections 
could be satisfactorily quenched out. 

Further evidence of the dependence of pitting 
corrosion on the microsegregation of the intermetal- 
lic compounds was discovered by a very careful ex- 
amination of the control coupons after testing. The 
incidence of pitting could be related to the direction 
of hot working. Coupon faces that were parallel to 
the direction of working showed many pits in the 
corrosion film, whereas those faces cut transverse 
to the direction of working had few pits. It may be 
seen in an examination of the microstructure that 
the grains, when exposed in longitudinal section, 
are elongated and the intermetallic compounds are 
strung out along the grain boundaries. This condi- 
tion may be contrasted, Fig. 11, to the structure 
shown in the transverse section. In the transverse 
section the grains are irregularly shaped and again 
surrounded by the intermetallic compounds. Be- 
cause of the smaller apparent grain size and the 
very irregular shape of the grains, the actual distri- 
bution of the compounds approaches a random pat- 
tern without the “stringer” type of aggregation shown 
in the longitudinal section. 

Hardness transverses were made across the forg- 
ing prior to and after quenching. No significant vari- 
ation was found in either transverse, although the 
quench did raise the average hardness level from 


85 Rg in the annealed bar to 87 in the quenched bar. 
The tensile tests at 600° F made on the specimens 


- cut from the control slabs illustrated the anisotropy 


of the forged structure in two ways. The first was 
the obvious difference in the longitudinal properties 
as shown by specimen 56 and the transverse prop- 
erties shown by specimens 51 to 55. The second 
indication of anisotropy was the elliptical fractures 
of the test coupons. The general strength and duc- 
tility of this forging is about average for the sections 
of this size in general. Specimen 52 was defective 
and results reported for this specimen should be 
ignored. The test was not repeated because the 
sample material was exhausted. In general, the 
tests showed that the mechanical properties of this 
forging at 600° F were acceptable under MIL-Z- 
19859A,* but that the transverse ductility was very 


*MIL-Z-19859A (SHIPS) Specification for Zircaloy-2 Wrought Pro- 
ducts used in the Naval Reactor Program. 


close to the specified minimum. 

After quenching, the anisotropy disappeared and 
properties were the same in all directions. The 
strength levels rose about 15 pct above the previous 
transverse strength, and 40 to 60 pct above the longi- 
tudinal strength of the as-forged and annealed bar. 
The elongation averaged 29.8 pct compared to 34 pct 
prior to heat-treatment. This is just under the 
minimum requirement of 30 pct in the transverse 
direction but well above the longitudinal requirement 


Table V. Room-Temperature Tensile Properties Before and After Quenching from 2100°F 


0.2 Pct Offset 

Ultimate Yield Elongation Reduction 

Direction of Test Heat Treatment Strength Psi Strength Psi in 1In. Pct in Area Pct 
Longitudinal Annealed at 1550°F 71,200 50,900 19 33 
Transverse Annealed at 1550°F 70,200 61,700 24 38 
Quenched from 2100°F 74,400 58,400 16 28 
Quenched from 2100°F 75,600 55,600 15 23 
Quenched from 2100°F 74,800 55,600 15 22 
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center 


Fig. 10—Microstructures of quenched forging showing 
slight enlargement of the Widmanstatten platelets in the 
center of the section. Polarized light, X60, electrolytic 
etch. 


of 24 pct. The reduction of area is not specified but 
was measuredata 63.4 pct average for the quenched 
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Longitudinal section 


Transverse section 
Fig. 11—Structure of test forging showing difference in 
distribution of intermetallic compounds in longitudinal and 
transverse sections. Bright field, X60 magnification, 
chemical polish. Reduced approximately 26 pct for repro- 
duction. 


material. The specimens from the quenched forging 
exhibited a circular fracture cross section as 
opposed to the elliptical fracture mentioned pre- 
viously and thus illustrated the change to isotropic 
behavior. A shallow surface strengthening effect 
was noted in the quenched bar. Specimens taken 
immediately adjacent to a surface showed higher 
strength than those taken from the interior. The ef- 
fect was noted only in the outer 1/2 in. Elongation 
and reduction in area appeared slightly higher but 
there were not enough tests to be sure of the effect. 

Room-temperature tensile tests paralleled the 
600° F tests with a marked increase in ultimate 
strength and a decrease in ductility. The data are 
given in Table V. Direction of test is not given for 
quenched samples because properties were the same 
in all directions. 


EFFECT OF TEMPERING 


The possibility that stress relief or partial re- 
crystallization of the quenched structure would im- 


VOLUME 221, DECEMBER 1961-1135 


Edge 


Table VI. Effect of Tempering on Mechanical Properties of the Quenched Forging 


Ultimate 0.2 Pct Offset 


Tensile Yield Elongation Reduction 
Strength Psi Strength Psi in 1 In. Pct in Area Pct 
Tempering Room Room Room Room 
Specimens Treatment Temp. 600°F Temp 600°F Temp. 600°F Temp. 600°F 

71 to 59 None 77,400 35,800 58,400 24,900 16 31 28 62 
74 None 75,600 55,600 15 23 
None 74,800 55,600 15 22 
63 200°F for 24 hr 72,800 32,900 50,200 23,200 10 a 16 55 
64 400°F for 24 hr 80,600 35, 200 60,800 23,800 11 22 23 50 
65 600°F for 24 hr 73,800 40,600 51,200 28, 100 16 26 25 53 
66 1000°F for 24 hr 77,400 35,800 57,400 23,000 15 36* 25 51 
72 1200°F for 24 hr 78,400 32,800 61,000 21,900 18 24 30 68 
73 1200°F for 48 hr 79,000 33,600 62,300 23,500 12 26 30 68 
67 1200°F for 1 hr 74,400 38,800 55,300 24,800 13 28 32 58 
68 1400°F for 1 hr 73,800 36,700 55, 200 24,400 15 26 at 53 


*Specimen necked down in two places giving an erroneous elongation. 


prove ductility led to experimentation in this area. 
Material from the quenched forging was tempered 
and tested both at room temperature and at 600° F 
as shown in Table VI. 

Tempering did not yield improved ductility, but 
rather appeared to give rise to submicroscopic 
precipitation that lowered the ductility. Tempering 
in the 200° to 400° F range resulted in considerably 
lower ductility at room temperature. Tempering at 
600° to 1000° F recovered the original properties but 
made no improvement. The tests at 600°F also 
showed a loss of ductility after tempering but, in this 
case, initial elongation values were not regained even 
when tempered for 48 hr at 1200°F. It was possible, 
however, to regain original levels for strength and 
reduction in area. 

Tests of tempering at 1200°F for 1, 24, and 48 hr 
showed no change in properties with increasing time. 

Scatter in the data caused by the large prior £ 
grain size makes rigorous interpretation of the re- 
sults difficult. A great many tests using a test speci- 
men of greater cross sectioned area would be re- 
quired to really follow the progress of the tempering 
effects. It is estimated that since the average £6 
grain size was approximately 1.5 mm, only about 200 
grains were affected by plastic deformation in the 
R-3 tensile test specimen. 

It is clear even from these tests that the quenched 
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structure must contain some of the alloy in a super- 
saturated solution and that a very fine precipitate 
forms when tempering is carried out at favorable 
temperatures. This precipitate then interferes with 
the movement of dislocations through the lattice and 
leads to lower ductility. The higher tempering tem- 
peratures evidently give a different form to the 
precipitate that has less effect on the movement of 
the dislocations. This is an over-simplification 

of a complex phenomenon involving stress relief, 
recrystallization, and precipitation. The data pre- 
sented here are not sufficient to distinguish between 
these effects and represent the sum of their actions 
and interactions. 
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The Ta-W-Re System 


J. H. Brophy, M. H. Kamdar, and J. Wulff 


A constitutional diagram for the Ta-W-Re alloy 
system is presented. Rhenium dissolves in the com- 
plete range of solid solutions between tungsten and 
tantalum up to 48 wt pct in tantalum to about 30 wt 
pct in tungsten. Intermediate x and 0 phases only are 
found. X-ray diffraction and fluorescence, metal- 
lography and melting-point measurements were em- 


ployed. 


Tue constitution diagram of ternary alloys of tung- 
sten, tantalum, and rhenium for temperatures above 
1000°C is reported in this paper. Alloys in this sys- 
tem rich in tantalum and tungsten are of interest for 
high-temperature applications, and those rich in 
rhenium for electronic applications. 

No ternary phase diagram appears to be available 
in the literature. The three-component binary dia- 
grams have been previously established’~* and the 
present ternary data are consistent with these. 


EXPERIMENTAL TECHNIQUES 


Commercially pure tantalum (99.7 pct), rhenium 
(99.99 pct), and tungsten (99.9 or 99.95 pct) powders 
were purchased from Fansteel Metallurgicai Corp., 
Chase Brass and Copper Co., and Fansteel or 
Westinghouse Electric Corp., respectively. These 
powders were pressed without binder and arc- 
melted under helium. The preparatory and anal- 
ytical techniques employed were identical to those 
used for the Ta-Re system investigation carried out 
in this laboratory.*** These included X-ray diffrac- 
tion and metallographic phase identification, X-ray 
fluorescent and wet chemical analyses, solidus de- 
terminations and heat treatments in a resistance- 
heated tantalum-filament vacuum furnace. 

For microstructural examinations standard 
mechanical polishing techniques were used through 
diamond laps. Polished speciments of all composi- 
tions were etched by swabbing with 4 parts HF, 4 
parts HNOs, and 1 part H2O. Since the microstruc- 
tures of alloys containing one or two phases closely 
resembled their counterparts in the respective 
binary systems, typical examples are omitted in 
this presentation. In all the alloys examined, it was 
possible to observe the number of phases present. 
Particularly when there were small amounts of one 
phase involved, it was possible to identify it only by 
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a combined conclusion based on X-ray diffraction, 
position of an alloy in a composition series, and the 
phase rule. 

A total of 100 different alloy compositions was 
arc-melted and studied in the as-cast condition 
metallographically and by X-ray diffraction. Speci- 
mens of each of these compositions were heat- 
treated at 2680, 2530, and 2020°C for 1, 2, and 4 hr, 
respectively. Those which were treated at 2020°C 
were given a preliminary homogenization treatment 
at 2500°C for 1 hr. Specimens of 25 alloys were 
heat-treated at 1200°C for 168 hr. Solidus tempera- 
ture measurements were made by the detection of 
incipient melting in eighteen alloy compositions. 
The metallographic and X-ray diffraction results 
are summarized in Table I. Graphically, this in- 
formation appears in the isothermal plots of Figs. 2 
and 3. Within the accuracy of the experimental 
methods, two such plots are sufficient to locate 
these data, since the results for 1200°C were simi- 
lar to 2020°C and those at 2530°C resembled 2680°C 


3410°C 


° 
3180 


2965°C_ — 


2680°C 
2530°C 


2020°C 
1200°C 


Ta 
Fig. 1—Schematic W-Ta-Re phase diagram. 
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Fig. 2—Isothermal sections of the W-Ta-Re ternary dia- 
gram at 1200 and 2020°C. 


closely. Fig. 4 presents the solidus data in the 
ternary outline. 


DEVELOPMENT OF THE DIAGRAM 


The proposed W-Ta-Re phase diagram is shown 
schematically in Fig. 1. In this figure the diagram 
is viewed from the side of the full range of Ta-W 
solid solutions. The W-Re binary diagram used in 
this construction was presented by Dickinson and 
Richardson,” the Ta-W liquidus and solidus lines 
have been approximated as indicated by Hansen and 
Anderko,’ and the Ta-Re diagram was determined 
in this laboratory. Each of the diagrams has been 
distorted in both temperature and composition to 
facilitate a clearer sketch. For the exact location 
of the various features, reference should be made 
to the component binary diagrams, and the iso- 
therms and solidus temperature plots which follow. 

The isothermal sections show that a large region 
of rhenium in Ta-W solid solutions exists. These 
bec alloys exist from 0 to 48 pct Re in pure tan- 
talum, and from 0 to 30 pct Re in pure tungsten. The 
surface of maximum solubility curves smoothly 
from the Ta-Re solvus to the W-Re solvus in the 
isothermal sections. It shows a detectable change in 
maximum solubility with temperature as indicated 
by a comparison of Figs. 2 and 3. 

Among the specimens prepared in the region of 
solid solution, there were no indications of solid 
state reactions. Most of the alloys in this region 
were easily crushed for powder samples. The ex- 
ceptions were alloys containing more than 90 pct 
Ta and alloys in an unclearly defined region near 
the maximum solubility of rhenium in tungsten, ex- 
tending into the ternary compositions to about 20 pct 
Ta. In these relatively ductile specimens powder 
specimens were made by filing. 

The same two intermediate phases which appear 
in the component binaries, identified by their X-ray 
diffraction patterns, extend entirely across the 
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Fig. 3—Isothermal sections of the W-Ta-Re ternary dia- 
gram at 2530 and 2680°C. 


ternary system, at least in a limited range of tem- 
perature. No new ternary intermediate phases were 
detected. The o phase is a complex tetragonal 
structure isomorphous with that of the Fe-Cr sys- 
tem. In the Ta-Re binary, it is stable near 59 pct 
Re and forms peritectically at 2690°C and decom- 
poses eutectoidally at 2460°C. It forms peritecti- 
cally at 3000°C in the W-Re binary, and is stable 
below 1200°C from 43.5 to 66 pct Re. The X phase 
is a complex cubic structure isomorphous with a 
manganese. In the Ta-Re system it melts congru- 
ently at 2790°C and is stable at 1200°C over a wide 
range of compositions while in the W-Re system it 
forms peritectoidally at 2125°C and is stable at 
1200°C from 73 to 76 pct Re. 

The rhenium-rich solid solution region extends 
from less than 3 pct Ta in Ta-Re alloys to 11 pct W 
in W-Re alloys, and has been denoted £ in the ter- 
nary plots. 

This behavior of intermediate phases in the two 
binary systems suggested the existence of a plane 
of four-phase equilibrium. The location of the plane 
was indicated by incipient melting determinations. 
Fig. 4 shows a region over which liquid first ap- 
peared at the same temperature, 2750°C. This 
temperature lies beneath the o-f eutectic at 2825°C 
in the W-Re system, beneath the x-f8 eutectic at 
7255°C in the Ta-Re system, above the o peritectic 
at 2740°C in the Ta-Re system, and above the x 
peritectoid at 2125°C in the W-Re system. 

These observations are consistent with ternary 
four-phase equilibrium designated Class II by 
Rhines.® The reaction is indicated by an isothermal 
area bounded by four nonparallel straight sides and 
approximately located in Fig. 4. The four resulting 
corners of this area represent the phases: liquid, 
B, X, and o saturated with one another at 2750°C. 
As indicated in Fig. 1, the three-phase volumes 
originating at the Ta-Re X-L-f eutectic horizontal, 
2755°C, and at the W-Re B-L-o eutectic, 2825°C, 
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open downward to the top of the four-phase plane 
and the volumes originating at the Ta-Re L-o-X 
peritectic, 2740°C, and at the W-Re 8-xX-o peritec- 
toid, 2125°C, open upward to the bottom of the four- 
phase plane at 2750°C. Efforts to locate the compo- 
sitions of the four corners by the microstructure of 
as-cast alloys were unsuccessful and heat treat- 
ments immediately below the indicated isotherm 
were not made. 

The presence of this class of four-phase equilib- 
rium leads to a single-phase o region which is 
relatively restricted in the Ta-Re side and opens 
continuously as tungsten is added, terminating at 
the W-Re side with stability over a relatively broad 
range of composition and temperature. At the same 
time, this set of reactions results in a single-phase 
X region broad in the Ta-Re binary diagram and re- 
stricted in the W-Re diagram with a relatively 
smooth transition between. This configuration indi- 
cates that added amounts of tungsten increase the 
stability of o phase and decrease the Stability of x 
phase. No maxima or minima occur in the single- 
phase volumes of the intermediate phases. 

The various regions in the isothermal sections in 
Figs. 2 and 3 were located by metallographic and 
X-ray studies of alloy compositions straddling the 
boundaries. Those boundaries represented by solid 
lines were bracketed to +1 pct and those represented 
by broken lines were bracketed to within 5 pct. In 
the 1200 and 2020°C sections the three-phase tri- 
angle of a-o-X equilibrium indicates that the eutec- 
toid horizontal in the Ta-Re system opens downward 
through 1200°C. In the 2530 and 2680°C sections the 
existence of a three-phase, 8-X-o, triangle was indi- 
cated both by the development of the four-phase iso- 
therm and by phase identification in adjacent two- 
phase alloys. 


SUMMARY AND CONCLUSIONS 


According to the experiments described above, 
the solubility of rhenium varies from 48 wt pct in 
pure tantalum, through about 35 pct in a 50-50 W-Ta 
alloy, to about 30 pct in pure tungsten. 

Only the two intermediate phases of the component 
binary systems were found in the ternary. The o 
phase, which exists only in a small range of compo- 
sition and temperature in the Ta-Re system, is 
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Fig. 4—Solidus temperatures in the W-Ta-Re ternary dia- 
gram. 


continuously stabilized by the addition of tungsten. 
On the other hand, the X phase, which exists in a 
restricted range of composition and temperature in 
the W-Re system, is continuously stabilized by the 
addition of tantalum. There are no maxima or 
minima in the stabilization of either phase and the 
configuration leads to a plane of four-phase equilib- 
rium at 2750 + 20°C. 
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Kinetics of the Platinum-Catalyzed Hydrogen 


Reduction of Aqueous Cobalt Sulfate-Ammonium 


Acetate Solutions 
R. Ted Wimber and Milton E. Wadsworth 


Cobalt sulfate solutions containing ammonium ac- 
etate and chloroplatinic acid were reduced by hydro- 
gen ina pyrex-glass lined autoclave in the tempera- 
ture range of 170° to 232°C and hydrogen partial 
pressure range of 115 to 830 psia. The reduction 
vate was directly proportional to the hydrogen partial 
pressure and surface area of the pyrex glass and was 
independent of the quantity of chloroplatinic acid 
added initially. Experiments involving the variation 
of the relative concentration of ammonium acetate 
indicated that the reducible cobalt complex was prob- 
ably the diacetate complex of cobalt, Co (Ac)24H20, 
or a new monoacetate complex Co Ac*, which was in 
solubility equilibrium with a pink precipitate of 

Co (A 


Tue reaction in which a metal is dissolved by an 
acid to produce gaseous hydrogen and a salt solution 
was discovered early in the history of chemistry. In 
1859 Beketoff? found experimentally that this reaction 
could be reversed; i.e., a salt solution could be re- 
duced by gaseous hydrogen to produce a metal and 

an acid. A review of work done on this phenomenon 
since that time may be found elsewhere.” The hydro- 
gen reduction of a cobalt salt solution is facilitated 
by complexing the cobalt ion. An ammonia complex 
of cobalt has been reduced commercially*? in the re- 
covery of cobalt metal. A new reducible complex of 
cobalt was discovered® when it was found that a co- 
baltous sulfate solution containing ammonium acetate 
could be reduced by hydrogen at temperatures in the 
region of 200°C. 

When a cobalt sulfate-ammonium acetate solution 
was heated to a temperature below its normal boiling 
point, a violet color became apparent, indicating com- 
plex formation. The nature of this complex was inves- 
tigated® by the addition of NH,Ac to a CoSO, solution 
maintained at 85°C. During the first additions of 
NH, Ac, the pH of the solution remained fairly con- 
stant at about 5.85. However, as the ratio of NH,Ac 
to CoSO, approached two, the pH rose and then leveled 
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off at about 6.05. The absorption spectra of a Co(Ac), 
solution and a CoSO,, NH,Ac solution were obtained 
at 85°C and were compared and found to be the same. 
These findings suggested that the diacetate complex 
of cobalt, Co(Ac),-4H,O, was formed at 85°C. 

When a cobalt sulfate-ammonium acetate solution 
was heated to a temperature above about 165°C, a 
finely divided pink precipitate appeared. The X-ray 
diffraction pattern of this precipitate indicated that 
it was Co(Ac), : 4H,O. In addition, it was discovered 
that when chloroplatinic acid, H, PtCl;, was added 
initially to the cobalt sulfate-ammonium acetate solu- 
tion, a faster reduction was obtained. The roles of 
the solution complex, pink precipitate and chloropla- 
tinic acid in the reduction process were then investi- 
gated. 


APPARATUS 


The experimental work was carried out in a two- 
liter stainless-steel autoclave. Adetailed description 
of the autoclave and the auxiliary equipment used in 
maintaining constant temperature and pressure may 
be found elsewhere.® Because the stainless steel was 
corroded, and also because it acted as a hydrogena- 
tion catalyst, an all-glass liner was fabricated such 
that the solution came only into contact with flame- 
polished pyrex glass. 


EXPERIMENTAL PROCEDURE 


The solutions used in the experimental work were 
prepared by dissolving reagent grade chemicals in 
distilled water. Although variation of the brand of 
ammonium acetate appeared to have no effect on the 
experimental results, CoSO, - 7H,O from the J. T. 
Baker Chemical Co. of Phillipsburg, N. J., was found 
to give faster reductions than that prepared by Allied 
Chemical and Dye Corp., N. Y. The former was used 
throughout the course of the experimental work and 
was weighed up at the outset of each experiment. The 
ammonium acetate was dissolved to form a 6M stock 
solution, which was stored under refrigeration. A 
10 pct solution of chloroplatinic acid (J. T. Baker 
Chemical Co.) was diluted to a 1.15 x 10-? M stock 
solution, which was standardized by precipitation of 
K,PtCl, as outlined by Scott.’ 

The appropriate volume of the chloroplatinic acid, 
H,PtCl,, solution was pipetted into the clean, dry 
glass liner. The cobalt sulfate-ammonium acetate 
solution, which had previously been saturated with 
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hydrogen at atmospheric temperature and pressure, 
was then added to the liner such that the total volume 
of solution was one liter. After the autoclave was 
quickly assembled, it was evacuated and then heated 
for a period of 33 to 51 min depending upon the tem- 
perature desired. The stirrer was set in motion in 
the middle of the warm-up period. As soon as the 
supply of heat was discontinued, the pressure in the 
autoclave was increased to the desired level. The 
partial pressure of hydrogen was found by subtract- 
ing the vapor pressure of water from the total abso- 
lute pressure. The vapor pressure of the solution was 
found to be essentially equal to the vapor pressure of 
water when the evacuated autoclave was heated and 
allowed to come to thermal equilibrium without the 
application of an overpressure. 

The application of the hydrogen overpressure 
caused a rise in temperature corresponding to 20 to 
30°C. After about 25 min had lapsed from the time of 
the application of the overpressure, thermal equili- 
brium was attained and sampling was commenced. 
The zero of time corresponded to taking the first 
sample. 

From time to time a sample (approximately 2 cc) 
of the solution was collected in a sample bottle con- 
taining a teflon-covered Alnico magnet, which col- 
lected any metallic cobalt carried over by the sam- 
ple. The sample was then poured into a second bottle 
leaving the magnet and any metallic cobalt behind the 
first bottle, thereby minimizing the dissolution® of the 
cobalt metal in the sample. The sample tube coming 
from the autoclave extended to the bottom of the first 
sample bottle, which had previously been chilled in 
ice water; thus losses of water vapor from the hot 
sample were minimized. Sample contamination was 
reduced when the contents of the sample tube and 
valve were flushed into a flask immediately before a 
sample was taken. 

After an experimental run was over, the samples 
were analyzed spectrophotometrically for cobalt. The 
depth of the absorption band centering at approxi- 
mately 515 4 was measured using a Beckman DK2 
ratiorecording spectrophotometer. The samples were 
diluted 25 fold with 1M NH, Ac before they were ana- 
lyzed in a silica absorption cell having a 5 cm path 


length. 


EXPERIMENTAL RESULTS 


A typical run was carried out at a temperature of 
200°C under a partial pressure of hydrogen equal to 
445 psi with a solution composition of 0.3M CoSO,, 
0.6M NH, Ac, 5.8 x 1075M H, PtCl,. At the conclusion 
of the experimental run the autoclave was cooled, de- 
pressurized, and opened for inspection. The metallic 
cobalt, which adhered quite loosely to the glass sur- 
faces, was very porous and showed a dendritic tree- 
like structure as viewed by unaided eye. An electron 
micrograph at 25,000 magnification revealed a rough 
ragged surface of high-surface area. 

The cobalt analyses for the samples obtained dur- 
ing this run are plotted as a function of time in Fig. 
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Fig. 1—Concentration of cobalt vs time. 


60 


1. The samples taken during most of the run con- 
sisted of a pink precipitate suspended in a clear vio- 
let solution. During the last part of the run, clear 
violet solutions were obtained. The pink precipitate, 
formed in the autoclave at high temperatures, redis- 
solved when the samples were allowed to stand at 
room temperature for a period of less than 1 hr, such 
that a clear solution was available for analysis in all 
cases. Therefore, the sample analyses indicate the 
quantity of cobalt in solution plus that in suspension 
in the pink precipitate. 

It is interesting to note the dip in the concentration 
during the first 30 min. A similar run was made in 
which no H, PtCl, was added. A similar dip in the 
concentration was observed. However, this time, the 
concentration rose again and leveled off as indicated 
by the dashed line of Fig. 1. In the absence of the 
H, PtCl, no reduction was detected during a period of 
150 min. The initial dip in concentration was thought 
to have no part in the reduction process, and was con- 
sidered as part of an induction period, which was fol- 
lowed by a linear decrease in the concentration. A 
possible, but questionable, explanation for the dip in 
concentration is that the precipitate formed as the 
temperature increased, conglomerated, and was thrown 
away from the sample tube by centrifugal force. With 
continued stirring, however, the conglomerates were 
broken up such that the centrifugal action was no 
longer effective. Although the induction period was 
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Fig. 2—Effect of the concentration of NH,Ac on the reduc- 
tion rate. 


not reproducible, the straight-line portion following 
it was fairly reproducible, and its slope was taken 
as the rate of reduction of the cobalt. The error in 
the reproducibility was usually less than +8 to 10 pct 
in this temperature region. 

The dependence of the rate on the stirring speed 
for the apparatus used was investigated. A series of 
experimental runs under the conditions of tempera- 
ture, pressure, and composition mentioned above 
indicated that for stirring speeds above 800 rpm, the 
rate was independent of stirring speed. The balance 
of the work was then carried out at a stirring speed 
of approximately 810 rpm. 

The effect of the concentration of the reactants on 
the reduction rate was next investigated. The concen- 
trations of the cobalt sulfate and chloroplatinic acid 
were fixed at 0.3 molar and 5.8 x 1075 molar, respec- 
tively, when the concentration of the ammonium ace- 
tate was varied between 0.15 molar and 1.8 molar 
for a series of runs made at a temperature of 200°C 
and partial pressure of hydrogen equal to 445 psi. 
The reduction rates for this series of experiments 
are presented in Fig. 2. It is interesting to note the 
maximum reduction rate for a ratio of ammonium 
acetate to cobalt sulfate equal to 2.0. Fig. 3 shows 
a plot of the concentration of cobalt vs time for the 
reduction of the solution in which the ratio of ammo- 
nium acetate to cobalt sulfate equaled one. It should 
be noted that approximately only half of the cobalt 
was reduced. Throughout the balance of the work the 
ratio of ammonium acetate to cobalt sulfate was 
fixed at 2.0. Mention should be made of the fact that 
the solution 1.8 molar in NH, Ac did not develop the 
pink precipitate, but instead remained clear. 

With the concentration of H, PtCl, and the ratio of 
ammonium acetate to cobalt sulfate held constant at 
5.8 x 1075 molar and 2:1 respectively, the concentra- 
tion of cobalt sulfate was varied between 0.3 and 0.5 
molar. The rate was found to be independent of the 
concentration of the cobalt sulfate. The reduction for 
the 0.5 molar cobalt sulfate solution was of interest 
in that the plot of concentration vs time indicated a 
straight line throughout a concentration range cover- 
ing 75 pct of the initial quantity of cobalt. 
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Fig. 3—Concentration vs time for equal concentrations of 
CoSQ, and NH,Ac. 


The effect of the H, PtCl, was next investigated by 
variation of its concentration in a series of runs car- 
ried out at a temperature of 200°C and partial pres- 
sure of hydrogen equal to 445 psi. Although variation 
of the concentration of chloroplatinic acid between 
5.8 x 1075 and 2.9 x 1074 molar showed no variation 
in rate, shorter induction periods were observed with 
higher H, PtCl, concentrations. In conjunction with 
this study, a run was made in which shiny platinum 
foil was wired to the sample tube and thermocouple 
well. However, in the absence of the chloroplatinic 
acid, no reduction was obtained. In addition, plati- 
num black was electrolitically deposited on the shiny 
platinum foil which was then wired to the thermo- 
couple well and sample tube, and another attempt was 
made at reducing the cobalt. Once again, no reduction 
was obtained. 

The importance of the pyrex wall area was inves- 
tigated by rigidly positioning flame-polished pyrex 
glass rings coaxially with the stirrer. Platinum wire 
was used to fix the rings to the thermocouple well 
and sample tube. The rate was found to be directly 
proportional to the surface area of the flame-polished 
pyrex glass as indicated in Fig. 4. In the balance of 
the experimental work, the surface was fixed at 775 
sq cm when the rings were not used. 

The effect of variation of the partial pressure of 
hydrogen at 200°C was investigated for a series of 
solutions whose composition was 0.4M CoSO,, 0.8M 
NH, Ac, and 5.8 x 107° H, PtCl,. Variation of the par- 
tial pressure of hydrogen between 115 and 800 psi 
indicated that the rate was directly proportional to the 
partial pressure of hydrogen as suggested by Fig. 5. 
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Fig. 4—Effect of the surface area of the pyrex glass on the 
reduction rate. 


The effect on the rate of variation of the tempera- 
ture was investigated when a series of runs was 
made at different pressures at temperatures varying 
between 170 and 232°C. The results of these runs are 
also presented in Fig. 5. It should be noted that the 
rate increased with increasing temperature as well 
as with increasing pressure. 

The pink precipitate showed an inverse solubility; 
z.e., the solubility decreased with increasing temper- 
ature. With the runs made at the lower temperatures 
(170° to 180°C), the pink precipitate was present only 
during the first part of the runs, and the plots of con- 
centration vs time gave curved lines during the last 
part of the runs. A plot of the logarithms of the con- 
centrations vs time for the data taken during the last 
part of the runs yielded straight lizes. At tempera- 
tures above 180°C enough precipitate was present so 
that by the time it had disappeared, the back reaction 
(dissolution of metallic cobalt in acetic acid) was be- 
coming pronounced and the plots of the logarithms 
of the concentration vs time were not linear. 


DISCUSSION OF RESULTS 


The cobalt acetate complex, Co(Ac), 4H,O observed 
at 85°C was found to be present at all of the tempera- 
tures of this kinetic study. It is not possible to delin- 
eate clearly just what the active species in the reduc- 
_ tion process is since Co andalso CoAc are un- 
doubtedly present in some equilibrium distribution 
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Fig. 5—Effect of variation of temperature and partial pres- 
sure of hydrogen on the reduction rate. 


along with CoAc,, and perhaps even higher cobalt 
acetate complexes (CoAc;, and so forth). The true 
role of the acetate ion may simply be one of provid- 
ing a buffering action by the formation of HAc during 
the course of the reaction. Such a buffering effect 
would be consistent with the observed fact that only 
slightly greater than 50 pct reduction was obtained 
for a Co'*: Ac™ ratio of 1:1. Since two H' ions are 
formed for each Co’’ reduced 
+ H, —-Co° + [1(a)] 
all of the Ac™ ion in the 1:1 system would be used up 
to form HAc when 50 pct of the cobalt is reduced. An 
additional complication results when all Ac~ has been 
converted to HAc because of the rapid increase in H 
in the absence of the buffering effect of Ac~. Similar 
results would be observed if the active species were 
Co , CoAc , or CoAc, since all the complexes would 
be completely dissociated at 50 pct reduction. It may 
appear that Co** is not the reactive species since the 
reduction reaction stopped when all complexes were 
dissociated, but the rapid increase in pH at the 50 pct 
reduction point precludes a definite conclusion in 
this case. The various alternatives do not rule out 
CoAc, as the reactive species, but serve to illustrate 
the inability of the kinetic study to determine the re- 
active species unambiguously. In fact, at first glance, 
the maximum rate at a NH, Ac:CoSO, of 2:1 as shown 
in Fig. 2 suggests CoAc, as the reactive species. It 
should be pointed out, however, that the increase in 
rate as the 2:1 ratio is approached may be a result 
of an increase in pH resulting from the addition of 
NH,Ac. Also the decrease in rate above the 2:1 ratio 
may be the result of the formation of higher cobalt 
acetate complexes which would in turn reduce the 
concentration of either CoAc’ or CoAc,. Interpreta- 
tion of kinetic results will be presented in terms of 
the CoAc, complex. Similar equations in terms of a 
monoacetate complex CoAc’ would also explain the 
kinetic results. Some decrease in the reduction rate 
could be attributed to decreasing solubility of hydro- 
gen with increasing concentrations of dissolved salts. 
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The magnitude of this effect upon the system was not 
determined. 

As a solution of the diacetate complex was heated 
to temperatures in the range of this experimental 
work, the solubility was exceeded and the pink preci- 
pitate, Co(Ac), - 4H,O, appeared in appreciable quan- 
tities. As long as there was any of the precipitate 
present, the concentration of the various complexes 
in solution would remain constant if the temperature 
remained constant. At the outset of an experimental 
run, when the pink precipitate was present, the re- 
duction rate was constant because the concentration 
of the cobalt complex being reduced was constant. 
Increasing the quantity of the pink precipitate should 
not effect the rate unless the rate is dependent on the 
surface area of the precipitate. The rate was con- 
stant when the concentration of CoSO, was varied be- 
tween 0.3 and 0.5 molar with the NH, Ac to CoSO, ra- 
tio fixed at two. 

The fact that the rate was directly proportional to 
surface area of the glass indicates that the rate-con- 
trolling step in the reduction process took place at 
the surface of the glass. If the rate-controlling step 
had taken place at the surface of the cobalt metal, the 
rate would have increased as the reduction proceeded 
and more cobalt metal appeared. Instead the rate re- 
mained constant as the surface area of the porous 
dendritic cobalt metal varied appreciably —even for 
the solution initially 0.5 molar in cobalt. 

The H, PtCl, was thought to have had a dual role in 
the reduction process. It was thought that a very 
small quantity of H, PtCl, was adsorbed on the surface 
of the glass from the cold solution with the rest of it 
remaining in solution. The smooth glass surface 
could be saturated by the adsorption of a very small 
quantity of H, PtCl,. With the application of the hy- 
drogen pressure, the H,PtCl, would have been reduced 
to metallic platinum. The platinum associated with 
the glass surface could then have been a site for the 
adsorption of hydrogen and reduction of the cobalt 
complex. The metallic platinum out in the solution 
phase would have behaved similarly but would have 
been quickly covered over with metallic cobalt and 
would act only as a seed for the precipitation of the 
balance of the metallic cobalt. 

The intimate association of the platinum with the 
glass was indicated when platinum was shown to be 
carried over from one run to the next. At the conclu- 
sion of a normal run in which H,PtCl, was added ini- 
tially, the glass exposed to the solution was cleaned 
by soaking it in 1:1 HNO, for about 1/2 hr and then 
by washing it with soap, water, and a brush. In the 
following run no H,PtCl, was added. Although no 
measureable reduction was obtained, at the end of 
the run when the autoclave was opened, a thin film of 
cobalt metal was observed onthe surface ofthe glass 
in the same pattern as in the preceding run. The ab- 
sence of a measureable reduction was attributed to 
a lack of seeds ordinarily provided by the platinum 
out in the bulk of the solution. The role of the ex- 
cess platinum in the bulk of the solution as a seeding 
agent seemed also to be borne out by the fact that in- 
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creasing the quantity of H,PtCl, added initially de- 
creased the length of the induction period eventhough 
the rate remained unchanged. 


THEORETICAL INTERPRETATION 


The rate-controlling step in the kinetics of a proc- 
ess involving a heterogeneous system such as this 
may, in theory, be any one or combination of the fol- 
lowing successive phenomena: 

1) Absorption of the gas into the bulk ofthe solution 

2) Diffusion of the reactants to the surface 

3) Adsorption of the reactants onto the surface 

4) Chemical reaction on the surface 

5) Desorption of reaction products from the surface 

6) Diffusion of reaction products away from the sur - 
face 

Steps 1, 2, and 6 were probably not rate controlling 
in this study because the rate was independent of the 
stirring speed and because the activation energies 
mentioned below are much higher than those (2 to 5 
kcal per mole) characteristic of diffusion. The ad- 
sorption of reactants may have been rate controlling; 
however, this phenomenon will be assumed to have 
occurred relatively rapidly in comparison with the 
surface reaction or the desorption of products in ac- 
cordance with the proposed mechanism. The reduc- 
tion process may proceed by the following steps in 
agreement with the experimental data: 


H, (gas) = H, (solution) (fast) [1] 
H, (solution) + |S 2H (fast) [2] 
Co(Ac), * 4H,O (solid) Ke Co(Ac),4H,O 

(solution complex) (fast) [3] 
S 2H + Co(Ac),4H,0 = 11 

Co(Ac),4H,O -2H+:S (slow) [4] 
Co(Ac),4H,O - 2H — Co° + 2HAc + 4H,O 

(fast) [5] 


A molecule of hydrogen is first absorbed by the solu- 
tion from the gas phase and is then adsorbed ona sur- 
face site, |S, which consists of the metallic platinum 
on the surface of the pyrex glass. The Co(Ac),4H,O 
complex, which is in equilibrium with solid Co(Ac), - 
4H,O, reacts comparatively slowly with the adsorbed 
hydrogen to produce Co(Ac),4H,O - 2H, which is free 
to diffuse through the solution and decompose to de- 
posit metallic cobalt and to free acetic acid and water. 
This last step is a necessary part of the mechanism 
because the metallic deposit was found to be of uni- 
form composition. Samples of the metallic cobalt 
were taken from various positions in the deposit and 
were analyzed quantitatively for platinum by arc- 
spectroscopic methods. If the cobalt complex had 
been reduced and deposited on the surface of the glass, 
a cobalt rich-platinum poor region would have exis- 
ted near the surface of the glass. 

The rate expression for the slow step may be writ- 
ten in accordance with the Absolute Reaction Rate 


Theory.”® 
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where k’ is the specific reaction rate constant, i 


is the product of the concentrations of the reactants, 
K is the transmission coefficient (usually taken as 
unity), T is the absolute temperature, k and h are 
the Boltzman and Planck constants, respectively, and 
AF'is the free energy of activation in the standard 
state. 

Since Eq. [4] is the rate controlling step for the 
reduction process, Eq. [6] becomes 

Rate = k'C,C, [7] 
where C, represents the concentration of | S - 2H and 
C, represents the concentration of Co(Ac),4H,O. Let 
N, equal the total number of sites per liter of solution 
capable of adsorption of dissolved hydrogen, K, equal 
the equilibrium constant for Eq. [2], Ky equal the 
Henry’s Law constant, PH, equal the partial pressure 
of hydrogen, and a a factor converting mole fraction 
to moles per liter. For K,Cy, «1, it can be shown 
that Eq. [7] takes the following form: 


[8] 


For a single experiment at constant temperature and 
pressure, this expression becomes 


dC, 
aE 


where A is a constant. If C, were not constant (when 
the pink precipitate was not present), Eq. [9] would 
integrate to give the first order expression observed 
for the low temperature data. As long as there is 
any of the pink precipitate present, the value of C, 
will equal K,, the solubility constant of Eq. [3]. Eq. 
[8] may then be written as follows: 


Rate = AK, = B [10] 


where B is a constant for a given run and has the fol- 
lowing value 


Rate = k'N, Kya 


Rate = - = AC, [9] 
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Fig. 7—Log, (apparent solubility concentration) vs 10°/T. 


P kT KK 


= aN, Fila (AH! + AH} + AH2/ RT 
H 


+ AS? + AS3yR 


[11] 

where the changes of enthalpy and entropy are all for 
the reactions in their standard states. Eq. [11] may 

be rearranged in the following form 


BKy _ gy 
TP, 


Since ZAS is essentially independent of temperature, 
a plot of log, [BKy/TPy, | vs (1/T) should yield a 
straight line whose slope will be equal to -DAH/R. 
Values” of the Henry’s Law constant for the solubility 
of hydrogen in water were used in the absence of data 
for the solubility of hydrogen in the solutions used in 
this study to obtain Fig. 6. The plot consists of two 
intersecting straight lines. Above 200°C the slope 
yielded a least-squares value of 3.9 kcal per mole 
for DAH; below 200°C, a least-squares value of 17.7 
kcal per mole was obtained. 

An approximate value for AH, was obtained from 
approximate solubility data. In each run, the concen- 
tration of the last sample to appear cloudy and the 
concentration of the first sample to appear as a clear 
solution were recorded. A plot, Fig. 7, of the natural 
logarithm of these values vs 1/T yielded an approxi- 
mate value of -4.4 kcal per mole for AH, . There 
would be some uncertainty in this value because the 
solubility equilibrium would shift as the sample was 
drawn from the autoclave. Also, a very fine precipi- 
tate could fail to be detected by the unaided eye. This 
value was subtracted from the values of DAH to re- 
duce the summation to the sum of AH# and AH,°. Thus, 
AH+ plus 4H,° equalled approximately 8 kcal per mole 

*in the high-temperature range above 200°C and ap- 
proximately 22 kcal per mole in the range below 
200°C. More information is needed to obtain values 
of AH} and AH, separately in each of the two ranges. 

At first, it was thought that the change in the value 
of ZAH may have been due to a phase change for one 
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of the solids present. This was discounted when the 
X-ray diffraction patterns of the Co(Ac), - 4H,O and 
beta-hexagonal cobalt metal formed at temperatures 
in each of the twotemperature ranges were compared. 
The same solid existed in each case independent of 
the temperature at which it was formed. A rapid in- 
version of a high-temperature form on cooling the 
autoclave through 200°C seemed highly improbable. 
Neither platinum metal nor pyrex glass has a phase 
change in the range of temperatures of this study. 

The kinetic data obtained will also fit equations 
arising from three other possible reduction mecha- 
nisms. In addition to the mechanism proposed in 
which the hydrogen adsorbed on the surface and re- 
acted slowly with the cobalt complex in the solution, 
a second mechanism may be proposed in which the 
cobalt complex adsorbs on the surface and reacts 
slowly with hydrogen from the solution. A third me- 
chanism in which both the hydrogen and cobalt com- 
plex adsorb on the surface and react slowly on the 
surface gives rise to equations which also will fit 
the data. As a fourth possibility, the rate of adsorp- 
tion of both hydrogen and the cobalt complex might 
be slow. Of the four mechanisms, the one worked out 
in detail above (adsorbed hydrogen reacting with the 
solution complex) seems more acceptable because of 
its simplicity and because hydrogen is known to ad- 
sorb on platinum, a well known hydrogenation catalyst. 
The possibility of simultaneous adsorption of the 
Co(Ac),4H,O should not be ruled out however ; Schilow 
and Nebrasow”! observed the adsorption of the cobal- 
tous diamine complex on solid carbon. DeHemptinne 
and Jungers” observed the solution adsorption of ace- 
tone, water, alcohol, and potassium acetate on the 
surface of nickel in hydrogenation studies. Similarly, 
the acetate complex might have adsorbed on the pla- 
tinum-glass surface. More information is necessary 
to decide whether or not the diacetate complex actu- 
ally did adsorb on the platinum-glass surface. 


COMPARISON OF THE COBALT SULFATE- 
AMMONIA SYSTEM AND THE COBALT SUL- 
FATE-AMMONIUM ACETATE SYSTEM 


It was of interest to compare the reduction rates 
for the cobalt sufate-ammonia system and the cobalt 
sulfate-ammonium acetate system under similar con- 
ditions to obtain an idea of the relative ease of reduc- 
tion for the two in view of the fact that ammonical 
cobalt sulfate solutions are reduced commercially. 
An ammonical cobalt sulfate solution (0.4m CoSO,, 
0.8M NH,OH, 5.8 x 10-°M H, PtCl,) was reduced at 
200°C under a partial pressure of hydrogen equal 
to 448 psia. A reduction rate of 41.4 gm Co per liter 
hr was observed as compared to a value of 33.6 when 
ammonium acetate was used. Thus, the cobalt sul- 
fate-ammonia system yielded a 23 pct faster rate than 
the cobalt sulfate-ammonium acetate system when 
they were both reduced by hydrogen in the presence 
of platinum in an all-glass system. 

The importance of stainless steel as a hydrogena- 
tion catalyst for the reduction of the cobalt sulfate- 
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ammonia and cobalt sulfate-ammonium acetate sys- 
tems was investigated. The reduction’ of an ammo- 
nical cobalt sulfate solution containing colloidal gra- 
phite at 200°C and under a partial pressure of hydro- 
gen equal to 441 psia yielded a rate of about 11 gms 
Co per liter-hr in an unlined stainless steel auto- 
clave. In a glass liner a solution of the same compo- 
sition when exposed tothe same conditions of temper - 
ature and pressure yielded no detectable reduction 
when observed for a period of 110 min. When a co- 
balt sulfate-ammonium acetate solution was reduced 
in a Carpenter 20 (corrosion resistant steel) liner 
under the preceding conditions of temperature and 
pressure, a rate of 18.2 gm Co per liter-hr was ob- 
served. When a solution of the same composition 
was exposed to these conditions in a glass liner, no 
detectable reduction was obtained when observed for 
a period of 150 min. (No H,PtCl, was added in these 
investigations.) These investigations indicated that 
stainless steel and Carpenter 20 were definitely ca- 
talysts for the hydrogen reduction of these two sys- 
tems, but they were not as good catalysts as was the 
platinum on the surface of the flame polished pyrex 
liner. 


SUMMARY 


1) Ina pyrex glass system, reduction of cobalt sul- 
fate-ammonium acetate solutions initially containing 
H, PtCl, was found to be linear in time during a por- 
tion of each run in the temperature range from 170 
to 232°C. 

2) Studies involving the variation of the concentra- 
tion of the ammonium acetate indicated that the redu- 
cible cobalt complex was the diacetate complex, 
Co(Ac),4H,O, whose isothermal solubility concentra- 
tion remained constant in the presence of the pink 
precipitate, Co(Ac), - 4H,O. 

3) The role of the platinum produced by the reduc- 
tion of the H,PtCl, was thought to be two fold. Asmall 
portion of the platinum was associated with the sur- 
face of the pyrex glass where the rate-controlling 
step in the reduction process took place. The balance 
of the platinum acted as seed for the precipitation of 
the beta-hexagonal cobalt metal. 

4) The reduction rate was directly proportional to 
the partial pressure of hydrogen and the surface area 
of the pyrex glass exposed to the solution; however, 
the reduction rate was independent of the surface 
area of the cobalt metal. 

5) In accordance with data obtained, a mechanism 
was proposed in which hydrogen adsorbed ona surface 
site and reacted slowly with the Co(Ac), 4H,O in the 
solution phase to produce an intermediate which de- 
composed to yield the cobalt metal. 

6) The sum of the standard state enthalpy changes 
from the activation step and for the adsorption of the 
hydrogen was found to be approximately 8 kcal per 
mole above 200°C and approximately 22 kcal per mole 
below 200°C. 

7) The CoSO, -NH,OH and CoSO,-NH, Ac reduction 
systems were compared. When each solution, initially 
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containing H,PtCl, was reduced in all-glass appara- 
tus, the rates were compared, and it was found that 
the rate for the CoSO,-NH,OH system was 23 pct 
faster than that for the CoSO,-NH,Ac system. 

8) Carpenter 20 and type 316 stainless steel acted 
as catalysts for the reduction of the CoSO,-NH, Ac 
and CoSO,-NH,OH systems, respectively. 

9) The metallic cobalt deposit adhered less tena- 
ciously to the glass surfaces than it did to the stain- 
less steel surfaces. 
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On The Thermally Activated Mechanism of 


Prismatic Slip in Magnesium Single Crystals 


P. Ward Flynn, J. Mote, and J. E. Dorn 


The effect of strain and strain rate on the critical 
resolved shear stress for prismatic slip in specially 
oriented single magnesium crystals was determined 
over a range of temperatures in an effort to identify 
the thermally activated strain-vate controlling dis- 
location process. Below about 450°K prismatic slip 
was preceded by twinning and fracturing. Above 
450°K extensive prismatic slip was obtained followed 
by fracturing. Neither the Peierls’ mechanism nor 
the dislocation intersection mechanism can account 
for the observations. The data, however, are in good 
agreement with the dictates of Friedel’s theory for 
cross slip to the prismatic plane. 


Previous investigations on single and polycrys- 
talline magnesium have resulted in the identification 
of the mechanisms of plastic deformation summar- 
ized in Table I. 

The only well-confirmed mechanisms are {0001}, 
{1010}, {1011} slip plus {1012} twinning. The other 
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twinning modes were only tentatively established and 
additional investigations are required to further con- 
firm their operation, 

As noted in Table I, slip in this hexagonal close- 
packed metal invariably occurs in the direction of 
greatest atomic density, revealing that the Burger’s 
vector for active slip dislocations is always given by 
b = a/3<1210>. Slip is easily induced on the basal 
plane, and recent investigations®~” have«shown that 
the strain-rate controlling mechanism at low tem- 
peratures is the thermally activated intersection of 
the glide dislocations with dislocations threading the 
basal plane. In contrast, very little is known about 
prismatic slip. It has been reported to be active at 
points of stress concentration in polycrystals below 


Table |. Mechanisms of Deformation 


Type Mechanism Reference 
Basal slip (0001) <1210> 1, 2,3 
Prismatic slip {1010} <1210> 2 
Pyramidal slip {1011} <1210> 1, 3, 4, 5 
Twinning {1012} <1011> 1 
Twinning {3034} <2023> 
Twinning { 1013} = 7 
Twinning {1124} ~ 7 
Twinning {1011} ~ 6 
Twinning {1014} - 6 
Twinning {1015} 6 
Twinning {1121} - 6 


1148-VOLUME 221, DECEMBER 1961 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


-— TENSILE AXIS 


\—-NORMAL TO 
PRISMATIC 
PLANE 


SLIP 
DIRECTION 


Fig. 1—Position of basal and prismatic planes with respect 
to specimen surface and tensile axis. 


195°K? and in notched single crystals at 83°K and 
possibly 298°K.” Reed-Hill and Robertson used 
specially notched single crystals in their studies on 
prismatic slip. In view of the unknown state of stress 
in these crystals it is difficult to use their data to 
identify the strain-rate controlling mechanism for 
prismatic slip. Several clear identifications of pyra- 
midal slip have been made as documented in Table I, 
But the pyramidal slip reported by Bakarian and 
Mathewson® at 559°K might have been prismatic slip. 

It was the purpose of this investigation to study in 
greater detail prismatic slip in magnesium single 
crystals in an attempt to arrive at the dislocation 
process responsible for the observed strain rate. 
Stress-strain data as well as apparent activation 
energies and apparent activation volumes for the de- 
formation process were obtained. These data were 
compared with the predictions based on the three in- 
dependent dislocation mechanisms that were believed 
might be responsible for the observed behavior, It 
will be shown that neither the Peierls’ mechanism 
nor the intersection mechanism can account for the 
observations. In general, the observed results are 
consistent with Friedel’s theory for cross-slip to the 
prismatic plane, 


EXPERIMENTAL TECHNIQUE 


Triply sublimed magnesium having the following 
spectrographic analysis was obtained from A, D, 
MacKay, Inc., in 3A in. sq extruded rods: 


Ni 
0.0005 


Al Mn 
0.003 0.0005 
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Fe 
0.0005 


Cu Si 


Pb 
0.003 


Ca 
0.003 


Sn 


0.001 0.003 0.001 


Single crystal spheres were produced by directional 
solidification under an argon atmosphere in a split 
graphite mold using a modified Bridgman technique. 
Orientations were determined by the Laue back-re- 
flection technique and the oriented spherical crystals 
were used to seed rectangular crystals in the shape 
of the tensile specimens, The major part of the in- 
vestigation was conducted on single crystal specimens 
so oriented that the angle 90-x, between the tensile 
axis and the normal to the prismatic slip plane and 
the angle \, between the tensile axis and slip direc- 
tion were 45 deg + 1 deg, see Fig. 1. As shown in the 
text, two other orientations were employed in an ex- 
amination of the strain-hardening characteristics, 

Al in, long reduced test section was used, A 
cross section of 1/8 by 1/4 in. was selected to keep 
total loads small, allow rapid approach to equilibrium 
in tests where the temperature was changed, and to 
reduce bending at the grips due to lattice rotation. 
All specimens were X-rayed to check orientation and 
perfection; no asterism was observed, Test sections 
were reduced in dimension by dissolution in 5 pct 
HCl after protecting the grip sections with electro- 
platers tape. The rate of attack of the acid was very 
uniform, square corners being retained on the edges 
while some rounding took place at the transition of 
the test section to the grip section. The grips were 
attached to the specimen 3/16 in. from the shoulder 
to avoid any grip effects on the gage section. Light- 
weight aluminum alloy grips were used to reduce the 
possibility of bending the crystals during handling, 
and serrated lavite inserts were used between the 
grips and specimens to reduce heat losses and main- 
tain constant temperature across the test sections, 
Thermocouples were attached to each grip in a way 
that allowed the junctions to be placed on the shoul- 
ders of the specimens, 

For the purpose of obtaining apparent activation 
energies, a low-heat capacity furnace to permit rapid 
temperature changes was designed to be used with 
the Instron testing machine, Concentric aluminum 
radiation shields were employed to maintain uniform 
temperature around the specimen, A short, sepa- 
rately wound and controlled furnace section was 
placed at each end of the center 4-in, section to al- 
low for compensation of end heat losses, The tem- 
perature was controlled by a Micromax and anticipa- 
tory control, Temperatures were measured and re- 
corded on a1 mv span recorder so that + 0,1°K 
could be detected, Specimen temperatures were 
monitored continuously; the absolute temperature of 
each specimen was kept to within + 1.5°K of the 
reported values, Temperature changes accurate to 
+ 0.1°K were made by briefly increasing or decreas~ 
ing the power input; and temperature stability was 
achieved in 2 to 5 min. 

Loads were determined to within 0.5 pct of the 
recorded value while the syncronously driven cross- 
head and chart permitted specimen elongation to be 
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Table Il. Activation Energies 


°K Min™* Ergs 
587 0.004 16 x 10°”? 
588 0.004 22 x 107** 
664 0.004 20 x 10°"? 
700 0.004 32 x 10°"? 
727 0.004 19 x 10°** 
727 0.004 24x 10°" 
727 0.004 26 x 107** 
727 0.004 
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Fig. 2—Critical resolved shear stress vs absolute tempe- 
rature. 


determined to 0.0002 and 0.002 in. respectively at 
strain rates of 0,002 and 0.02 per min. A ten-to-one 
gear speed change incorporated in the machine per- 
mitted strain-rate changes to be accomplished within 
3 sec, 

All specimens were annealed for 15 min at 778°K 
(the maximum test temperature) prior to testing to 
remove any small effects of strain hardening that 
might have been introduced during handling of the 
specimens, 


EXPERIMENTAL RESULTS 


The critical resolved shear stress for prismatic 
slip at the beginning of plastic deformation is plotted 
as a function of test temperature in Fig. 2. Tests 
conducted below 450°K exhibited {1012} twinning be- 
fore the onset of slip. Under these conditions the 
ductility was observed to be small and the plane of 
fracturing coincided approximately with the trace of 
the original {1012} plane. 
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Fig. 3—Strain hardening characteristics. Resolved shear 
stress vs resolved shear strain. 
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Above 450°K, however, deformation took place ex- 
clusively by prismatic slip as determined by analysis 
of slip-line traces on the specimen surface and Laue 
back-reflection radiograms at various stages of de- 
formation. 

The strain hardening characteristics during pris-~- 
matic slip at 673°K are shown in Fig. 3 for three 
different initial crystal orientations, These data re- 
veal that the resolved shear stress increases linearly 
with the amount of strain at first and then increases 
less rapidly with increasing strain, The strain at 
which the strain hardening deviates from linearity 
is always less than that necessary to give sufficient 
lattice rotation for two prismatic planes to be equal- 
ly stressed. 

To facilitate identification of the operative disloca- 
tion mechanism that controls the rate of prismatic 
slip, the stress sensitivity of the strain rate, 


In 


dlny lIny, - 
[1] 
T 2 


where 


y = the shear-strain rate, 
T = the shear stress and 
T = the absolute temperature, 


was also determined as documented in Fig, 4, These 
data were obtained by measuring the change in re- 
solved shear stress, T, — 7, , upon changing the shear 
strain rate from 7, to 7, by a factor of about ten 


150x1078 


P—o-~o 
© © 
40 © ~© 664°K 


lL l l l 
Al O. 20 0. 40 0.60 O. BO 
RESOLVED SHEAR STRAIN, 7 
Fig. 4—Values of 8 vs resolved shear strain. 
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Table Ill. Values of w (from the Lothe-Hirth Expression) and 
7, (from the Weertmann Expression) Calculated from 


the Experimental Data Assuming the Operation of the Peierl’s Mechanism 


T 7, Dynes/cm? B, cm?/Dyne 

oK x 10°? x 10° w Dynes/cm? 
473 13.5 3.6 44b 2.95 x 10° 
577 325 190b 2.78 x 10’ 
587 25 23.0 347b 3.5 x If 
664 1.15 52.0 854b 5.3 x 105 
771 0.8 132.0 2620b 3.8 x 10 


times, In general, 8 increased with temperature and 
decreased slightly with strain, 

Finally, a few tests were made to determine the 
apparent activation energy, g, as defined by 


[2] 


where k = Boltzmann’s constant, Since y is a func- 
tion of T and 7 as well as y the value for g was 
determined from 


=- [3] 


where (87/8T)y was determined by the effect of small 
changes in temperature on changes in flow stress, 
The determined values of g, shown in Table II, how- 
ever, are not considered to be highly accurate in view 
of the fact that the errors in 8 are compounded on 
errors in 97/8T in this evaluation. 


DISCUSSION 


Prominent among the various dislocation proc- 
esses that might be responsible for the rate of pris- 
matic slip in Mg are the Peierls’, intersection, and 
the cross-slip mechanisms, A brief comparison be- 
tween the experimental results and theory clearly 
reveals that neither the Peierls’ nor the intersection 
mechanism can be operative. We will show, however, 
that the experimental results are in-good agreement 
with predictions based on Friedel’s theory for pris- 
matic slip. 

When the effect of stress on the activation energy 
for the formation of a kink is retained in the Lothe- 
Hirth formulation of the Peierls’ process,“ the creep 
rate for prismatic slip, considering the motion of 
screw dislocations, is given by 


L7,°” TY, 
(kT)? /2 
= 2 
exp - 2U, - 1.624Twb [4] 
kT 
where 


p =the density of dislocations on the prism plane, 
b =the Burger’s vector, 
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Table IV. Kink Energies Calculated from the Experimental Data 
Assuming the Peierls’ Mechanism 


9 Exptl. Avg 0.812 rb?w U, 
°K Ergs x 10" Ergs x 10** Ev 
587 19 0.79 
664 20 2.64 0.84 


L = average length of dislocation segment, 
Tp = the Peierls’ stress, 

T =the applied stress, 

vy, = the Debye frequency, 

k =the Boltzmann’s constant, 

T = the absolute temperature, 

IT’ = the dislocation energy per unit length, 
U, = the energy to form one kink and 

w =the minimum width of a stable kink. 


If one considers an edge dislocation the pre-expo- 
nential numerical coefficient becomes 0.46 and the 
numerical coefficient of the stress term of the acti- 
vation energy becomes 1,0. The special attributes of 
the Peierls’ process is that w does not exceed about 
10b and that U in metals has a small value of less 
than a few tenths of an electron volt, 

According to Eq. [4], when the Peierls’ process is 
operative 


_(alny\ _1 1.624b?w 
p= (2 [5] 


Consequently, w, as shown in Table III, can be de- 
termined from the experimental data extrapolated to 
zero Strain. 

Since the acceptable value of w is less than about 
10b, the Peierls’ process cannot be responsible for 
prismatic slip, The apparent activation energy for 
the Peierls’ process is given by 


q = - 24, - 1.6247b%w - 2kT [6] 

Using the experimental data recorded in Table IV 
gives the exceptionally high kink energies shown in 
the last column again denying the validity of the 
Peierls’ mechanism, 

Weertmann” has derived the following expression 
for the strain rate also making use of the Peierls’ 
stress: 


= (275/2 va / b5/2 M?/?) 


OP kT (7] 


where 


a =the distance between Peierls’ hills, 
G =the shear modulus, 
M = the density of dislocation sources 


and where by Seeger’s theory 


4ab 8 
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Fig. 5—Critical resolved shear stress vs apparent activa- 
tion volume (@ kT = xib). 


and 


v (2) (5a Ty Gb)? [9] 


where 


vg = the velocity of shear waves in the material, 
According to Eq. [7] 


p= 4 a3 p3/2 Gi/2 [10] 


Hence, from the experimentally determined values 
of 6 the Peierls’ stress, Tp, can be calculated, as 
shown in Table III. These results require that the 
Peierls’ stress change by a factor of 10* in the tem- 
perature range 473° to 771°K; therefore, the Peierls’ 
process as derived by Weertmann cannot be respon- 
sible for prismatic slip in magnesium. 

The observed results are also incompatible with 
the intersection mechanism. According to Basin- 
ski’s'S modification of the Seeger’‘ theory for inter- 
section of dislocations 


= exp - [11] 


where 


N = the number of points per unit vol where in- 
tersection can occur, 
Zl = the mean spacing of the forest dislocations, 
U; = the activation energy for intersection, 


F max 
f xaF 
F 


F.,,, = the maximum force necessary to effect in- 
tersection, 
F = Tlb = the force assisting thermal activation 
and 
x =the distance through which a dislocation must 
move to complete intersection. 


For the intersection mechanism 


_ 1 _ 
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Fig. 6—Schematic of cross-slip mechanism for prismatic 
slip in hcp crystals. 


where /bx is a function of the applied stress 7. Once 
constriction of the forest dislocations is complete 7 
should increase precipitously with decreasing xlb at 
a value of x~b. Applying this to the data given in 
Fig. 5 suggests that 1b?< 1x 107” cm’. Consequent- 
ly, the density of forest dislocations estimated in this 
way has the wholly unacceptable value of p = 1//?> 
10'° for an unworked crystal.'5»'® Consequently, is 
not consistent with the dictates of the intersection 
mechanism. 

Having concluded that prismatic slip in magnesium 
cannot be ascribed to either the Peierls’ mechanism 
or the intersection mechanism, we now show that the 
experimental observations are in excellent agree- 
ment with Friedel’s concept that prismatic slip rate 
is determined by the rate of nucleation of cross- 
slip.1” Friedel’s theory assumes that dislocations 
containing edge components slip with ease on the 
prism plane until they traverse the entire plane, com- 
bine with dislocations of opposite sign or become 
blocked. Such blocking can occur in the vicinity of 
screw dislocations which automatically dissociate 
with a decrease in energy into their partials on the 
basal plane. Continued slip therefore requires con- 
tinued recombination of the partials on the basal 
plane to form screw dislocations on the prismatic 
plane as shown schematically in Fig. 6. Friedel 
shows that the activation energy for the nucleation of 
cross-slip is given by 


25/2 1/2 
3Tb [13] 


where U, = the energy to form a constriction in the 
partials on the basal plane and R = the energy to re- 
combine a unit length of the two partials. Both U, 
and R are constants in the present case since the re- 
solved shear stress on the basal plane was always 
zero and therefore the partials were separated by 
the equilibrium spacing under zero stress. 

The shear strain rate for prismatic slip is given 
by the usual expression 


U=U, + 


y=NAbve {14] 


kT 


N = the number of points per unit vol at which 
cross-slip can occur, 
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Table V. Determination of RY 


100C 500 333 
/2 Temperature * 107° Bx 107 R3/20°4/2x 198 
PRISMATIC °K Dynes/cm? cm?/Dynes Ergs7/cm? 
71 8.5 1.69 1.69 
40h 664 13.4 1.40 1.40 
120 577 40.2 2.85 1.73 
Average value: 1.61 
60F Since the first term to the right of the equality is a 
aoL constant and the second term varies only modestly 
sob . with the applied shear stress, 1/7T should decrease 
450° 
almost linearly with 1/7. The excellent correlation 
2 3x10" 


Fig. 7—1/TT vs 1/T. 


A = the average area swept out per process, 

v = v,b/Y = the frequency of cross slip, where 

Y = 25/2(RT)/2/rTb and 

N = where 

A = the total length per unit vol of screw disloca- 
tions on the operative prismatic plane. 


Consequently, the shear-strain rate for prismatic 
slip according to Friedel, becomes 


 Ab*ty, U, 
= 
“ar” 
25/2 R3/2 
3kTTb [15] 


We will now demonstrate that the experimental re- 
sults agree well with the dictates of Eq. [15] and 
that the experimentally evaluated values of U. and R 
are in good agreement with theoretical estimates. 

a) Effect of Temperature on the Yield Strength. 
Rewriting Eq. [15] reveals that 


1 3bk AAb*ty, 3bkInt 


3bU, 


[16] 


1 
[o) 0.1 0.2 0.3 0.4 0.5 06 O7 0.8 
SHEAR STRAIN 


Fig. 8—A Avs strain. 
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of the experimental results with this prediction is 
shown in Fig. 7. Extrapolation of the experimental 
data reveals that prismatic slip would require a very 
large stress at temperatures below 450°K, the range 
where twinning was observed to precede prismatic 
slip experimentally. 

From the slope of the 1/7T vs 1/T line, we deduce 
that 


--toe- 100 cm? /dyne [17] 


b) Effect of Change in Strain Rate on the Stress. 
For Friedel’s mechanism of prismatic slip 


252 1/2 


_ olny _ 2 
ORTT*D 
or 
3bkT778 =3bkT 


Employing the values of f and 7 at the yield strength 
for various temperatures gives the average value of 


1.61 x 107!8 ergs? /cm? [ 20] 


as shown in Table V. 
Using the approximate value of I ~ Gb*/2 where G is 
the shear modulus (taken as 1.28 x 10"! dynes per sq 
cm) we estimate R ~ 6.5 x 10-8 erg per cm. Accord- 
ing to the relation’® 
R 1 d 
T ~ T6 In [21] 
the separation of the partials on the basal plane is 


d ~ 2.3b. 
Correspondingly, U, of Eq. [17] becomes 1.52 ev 
and according to the relation’® 


(in ay" 


Uz = [22] 
the separation of the partials on the basal plane is 
d ~ 8b. The agreement between the two values for 
the separation of the partials is considered good in 
view of the theoretical approximations incorporated 
in the derivations of Eqs. [21] and [22]. 

c) Strain Hardening. Strain hardening must result 
from a decrease in AA with deformation. Introducing 
the previously quoted values of U, and R°/?T'/? into 
Eq. [15] and solving for 1A asa “function of strain 
we obtain the data shown in Fig. 8. It is not evident, 
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4 
14x10 
\2}p 
2 


however, whether the decrease in AA is due to ex- 
haustion of dislocations in screw orientation or re- 
duction in the area A swept out. 


CONCLUSIONS 


1) Below about 450°K prismatic slip was preceded 
by twinning and fracturing. 

2) Above 450°K extensive prismatic slip was ob- 
tained followed by fracturing. Over this region the 
rate of prismatic slip is in good agreement with the 
theory of thermally activated cross-slipping of screw 
dislocations extended in the basal plane. 
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Evaporation of Solutes in Floating Zone 


Refining of Semiconductors 


John R. Gould 


A mathematical treatment of multiple-pass floating- zone melting is extended to include evaporation of 


zone refining of semiconductors, including the evapo- 
vation of solutes from the melt at reduced pressure, 
is presented. Vapor pressures and evaporation rate 
constants for phosphorus, arsenic, and antimony in 
germanium have been determined from floating-zone 
experiments conducted at 10-° mm Hg. Rate sensi- 
tivity of arsenic in germanium has been examined 
over the range of 1 to 10 in. per hr growth rate. 

The equilibrium value of the segregation coefficient 
of arsenic in germanium, as determined by an ex- 
trapolation of these data, was found to be 0.09. 


P FANN? has treated the segregation of nonvolatile 
solutes in the zone-melting process, Bradshaw and 
Mlavsky? considered the evaporation of solutes in 
a vacuum during the growth of crystals by pulling 
from the melt, and van den Boomgaard® has shown 
that it is possible to bring a volatile impurity ele- 
ment homogeneously into an ingot by means of zone- 
melting under a constant pressure of that element. 
This paper is concerned with the volatilization of 
solutes during zone-melting in a vacuum. The 
mathematical analysis by Lord‘ of multiple-pass 
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solutes. A method is presented in which evaluations 
of vapor pressures, evaporation rate constants, and 
distribution coefficients may be derived from the 
variation of solute concentration in the floating- 
zone refining of germanium at 107° mm Hg. 


EXPERIMENTAL 


Ingots of zone refined germanium, approximately 
1/4 in. in diam and 10 to 12 in. in length, were sub- 
jected to several floating-zone passes at 10™° mm 
Hg in order to provide intrinsic material for these 
studies. These ingots were then seeded in a [111] 
direction and “solid-doped” to a constant impurity 
concentration of approximately 1015 atoms per cm®* 
in a forming gas ambient (10 pct H, - 90 pct A) at 
1/2 atm gage. The resulting crystals were subjected 
to repeated floating-zone passes at 10-5 mm Hg and 
a concentration profile along the length made after 
termination of each pass. Concentrations were de- 
termined from four-point probe resistivity measure- 
ments, and proper precautions were taken to prevent 
contamination during handling. A constant zone 
length, crystal cross section, and growth rate were 
maintained during zoning. A stationary coil and 
moving crystal system were employed for floating- 
zone growth with neither the section of crystal above 
nor below the melt rotated. 
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DISTRIBUTION OF SOLUTE 


Factors controlling the distribution of solute must 
be considered in determining solute concentration 
as a function of distance when a molten zone is 
passed along an ingot at reduced pressure. Assuming 
the following: 

1) the solute is homogeneously distributed in the 
liquid phase, 

2) composition of the solid does not change after 
crystallizing from the melt, z.e., diffusion in and 
evaporation from the solid are not significant fac- 
tors, 

3) the distribution coefficient remains constant 
and is independent of concentration for dilute solu- 
tions, 

4) vapor pressure of solvent is negligible, 
then factors controlling the distribution of solute 
are: a) evaporation from the melt, b) retention of 
solute by the growing crystal, and c) entrance of 
solute to the melt as the zone advances. The con- 
centration C,,(%) in the crystal formed by advancing 
a zone of length b a distance dx at a constant rate 
can be determined by a summation of these effects. 

A) Evaporation Loss. Solute will be lost from the 
melt at a rate described by 


dC, /dt = QC, 
Since 

dt = dx /v 

d Cy = (Q/v) Cy (x)z, dx 
where 


C,, (*)z = solute concentration in the liquid ( 
designates the number of zone passes) 
@ = evaporation rate constant (sec~*) 
v = zoning rate (cm per sec) 
B) Segregation of Solute, The change of solute 
concentration in the melt resulting from the freezing 
of k C,,(x)z dx in the growing crystal is 


d Cy, (k /b) Cy, (x)z dx [3] 


C) Solute Entering the Melt. The solute entering 
the melt at (x +), which is determined by the con- 


centration resulting from the (n — 1) st-pass, is 
C,,-, (* +b)dx. Therefore, the concentration in the 


melt is changed by 
dC, =b7C,_, (% +b)dx [ 4] 


Therefore the net change of solute concentration in 
the melt is 


+b)] dx [5] 
or in terms of the concentration in the growing crys- 


[1] 


[2] 


tal 

d Cy, (x) = [(k/b)Cy_, (x +b) - PC, (x)]dx [6] 
where 

+k/b [7] 
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Eq. [ 6] has the general solution 


C, (x)eP* =k/b feP™c,., (x +b)dx +K [8] 


where K is a constant which may be determined by 


the condition that the impurity content in the starting 
zone is constant, that is, 


C,, (0) =kCy =k/b (x) de [9] 


Then the particular solution of [6] is 
-Px|7 Px 
C, (x) = (k/b) e fi (x +b)e* * dx 


b 
+f [10] 
When n = 1 

C, (x) = - - 


which reduces to Pfann’s equation 


C(x) =C, - (1 -k) 


when Q = o. 
=2 
RC. 
C, (x) (1 bP) ] 
bP)[1 - (1 - Px)e7P>] o-Ps] 
bP 
k kC 
- ble, (x) - - oP) 


[1-(1- P? jeP*| 
This leads with repeated operation @ on e~?* to 


RC, 
bP 


Cy (x) = (x) -—=2 (1 - bP) o-Ps] [11] 


Lord* has included in his article calculated results 
of the iterated operation @ on the quantity e~*@ for 
values of m up to 8. These results, with the appro- 
priate modifications, may be used in Eq. 11. Eq. 11 
is valid over the length of the ingot (D) with the ex- 
ception of the section where normal freezing occurs, 
i.e., when x >D- nb. 


EVAPORATION RATE CONSTANT 


If the solute obeys the perfect gas laws, the evap- 
oration rate constant (Q) defined by Eq. 1 may be re- 
lated to the mass loss of solute from unit area of 
solution surface in unit time (m), such that, for a 
solution of Wgrams and an evaporating surface of 
A cm? 


Q = [12] 
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DISTANCE FROM STARTING END (INCHES) 


Fig. 1—Phosphorus in germanium 


Dushman® expresses m as 
m= 157 ap (M/2nRT)/2 


where 

a@ = condensation factor (assumed = 1) 

M = molecular weight of solute 

R = gas constant = 2 cal per °K gm-mole 

p = equilibrium vapor pressure of solute, atm 

T = degs Kelvin (may be taken as melting point 

of the solvent for very dilute solutions) 
A = surface area of solution 
W = weight of melt = weight of solvent for dilute 
solutions. 

The experimental conditions employed in this study 
are ideally suited for a ready evaluation of m, since 
1) at pressures in the order of 10-°> mm Hg the mean- 
free paths of the solute atoms are long with respect 
to the distance between the surface of the melt and 
the containing vessel (therefore no specular inter- 
action), and 2) the surface of the bell-jar housing 
the system (several zone-diameters removed from 
the melt) is at a temperature considerably below that 
of the melt. As a result solute atoms leaving the 
melt surface are not reflected back to the surface 
of the crystal being zoned. For systems in which 
the melt is supported by other than electromagnetic 
levitation, Rossmann, and Yarwood® describe in de- 
tail how Eq. [13] is modified to include the reflec- 
tion of solute atoms from crucible walls. 


[13] 


EVALUATION OF CONSTANTS 


The equation for the first pass, Eq. [10] may be 
restated as 
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.02 


=P=0.41 
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Fig. 2—Arsenic in germanium 
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10 
08 
7 
x 
/ 
Q x 
° 
006 7 P=0.33 
004 
ao2 X EXPERIMENTAL 
--- THEORY-WITHOUT VOLATILIZATION 
—— THEORY -WITH VOLATILIZATION 
oo! | 00 


4 3 


4 


DISTANCE FROM STARTING END (INCHES) 


Fig. 3—Antimony in germanium 
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Table 1. Vaporization of Solutes in Germanium: Summary of Data 


Microns k ke* 


0.080 
0.020 
0.003 


5 
As 8.04 2.3 19 
13.5 60 


0.18 
0.11 
0.08 


* Trumbore’ includes in a recent report a summary of the distribution 
coefficients of various solutes in Ge and Si. 


from which the distribution coefficient may be evalu- 
ated at x = 0, when C, (0) = C; =kC,. The distribu- 
tion coefficient may also be determined by zoning 
until a stationary state (C,, = kC, /bP) is attained. 
Since it may readily be shown that 


P =x In [15] 


it is expedient to determine the value of P from the 
slope of the curve on a graph of In [C,, - C, (x) ] 
VS x. 

With a knowledge of P and the distribution coef- 
ficient, the evaporation rate constant Q may be 
evaluated from Eq. [7]. Then one may determine 
the vapor pressure (p) of the solute over the liquid 
alloy from Eq. [12] and the Dushman relation as 
follows 


Q = 44.3 (A/W) p (M/T)}/? 


DISCUSSION OF RESULTS 


The results of experiments with phosphorus, ar- 
senic, and antimony as the solutes in germanium 
are shown in Figs. 1, 2, and 3 and are summarized 
in Table I. Included in each figure are graphs of In 
[C, (x) /C, ] vs distance along the crystal which 
represent the theory for the cases in which volatili- 
zation of the solute is and is not employed. To dem- 
onstrate the method of evaluating the constant, P, 

a graph of In[C,, - C, (x)] vs x is included. 

The stationary state is approached more rapidly 
by operation at reduced pressures, Figs. 1, 2, and 
3, by decreasing the growth rate, and by reducing 
the length of the floating zone, Eq. [7] and [14]. 
The value of the constant P is also affected by the 
rate sensitivity of k for some solutes.’ »® 

The summary of the data, Table I, shows the time 
required to reduce the concentration of phosphorus, 
arsenic, and antimony by 1/e in the absence of crys- 
tal growth is 5.1, 1.2, and 0.2 hr, respectively. 


[16] 


Table Il. Rate Sensitivity of Arsenic in Germanium 


Growth Rate Zone Length P keff 
(cm/sec) 10‘ cm Exp. Calc. 
8 0.89 0.41 0.110 0.109 
21 0.48 0.39 0.126 0.132 
36 0.48 0.37 0.140 0.146 
42 0.64 0.39 0.150 0.150 
70 0.48 0.37 0.153 0.160 
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Fig. 4—Kggp v8 growth rate arsenic in germanium 


These values are quoted on the basis of 1 gram of 
solution with 1 sq cm of surface for evaporation. 

The results of a survey conducted to show rate 
sensitivity of the distribution coefficient of arsenic 
in germanium are shown in Fig. 4 and are summa- 
rized in Table II. An extrapolation of these data re- 
sults in an equilibrium value of the segregation co- 
efficient of 0.09. This figure is a factor of 2 to 5 
greater than the value of 0.02 reported by Jillson 
and Sheckler?° and that of 0.04 due to Burton, 
et and Hall.1* However, this figure compares 
with results of a theoretical investigation made by 
Weiser?* in which he reports a value of 0.10. 

Much work has been completed to determine 
segregation coefficients of various acceptor and 
donor impurities in elemental and compound semi- 
conductors. If some of this work was undertaken 
without considering the impurity evaporation loss 
from the melt, the reported segregation coefficients 
may be appreciably less than actual for values of 


&<1, 


SUMMARY 


A method, considering solute evaporation, is pre- 
sented in which solute concentration along the zoned 
ingot may be determined for multipass zone refining. 
Also included is a method of determining vapor pres- 
sures, evaporation rate constants, and distribution 
coefficients for solutes in germanium or silicon. 

The rate sensitivity of arsenic in germanium was 
examined over the range of 1 to 10 in. per hr growth 
rate, and the equilibrium value of the segregation co- 
efficient deduced from these data was found to be 
0.09. The experimental approach, z.e., the use of the 
floating zone technique, considerably simplified the 
theoretical analysis of the problem. Good agreement 
was found between theoretical calculations and ex- 
perimental results. 
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The Influence of Alloying Elements on the Internal 
Friction of Cold Worked and Quenched 


Martensitic lron and Steel 
|. Tamura, T. Mura, and J. O. Brittain 


Plain carbon steel in the cold worked or marten- 
sitic conditions has an internal friction peak at 
about 250°C at a frequency of 1 cps. The influence 
of substitutional alloying elements on this peak was 
examined experimentally. The alloys were vacuum 
melted Co-, Cr-, Mo-, Ni-, and Si-iron (about 3 pct 
alloying elements), and carburized Si-iron. The 
internal friction of the alloys in the temperature 
range 30° to 500°C was determined by means of a 
torsion pendulum, The 250°C peak of the cold- 
worked alloys was lower in height than that ob- 
served in plain C-iron and steel, Carburized Si- 
iron in the quenched condition had a peak which 
occurred ata slightly lower temperature than in 
quenched plain C-steel, but the height of the peak 
was substantially greater than that found for the 
same alloy in the cold-worked condition. The 
activation energy of this peak for martensitic Si- 
steel was about 35 kcal per mol, 


ANNEALED qa iron has two internal friction peaks 
due to nitrogen and carbon at 20° and 40°C respec- 
tively, at a frequency of 1 cps. If a iron is cold 
worked, these diffusion peaks become smaller and 
a new peak appears at about 250°C.'»? The activa- 
tion energy for the 250°C peak is in the range of 

32 to 44 kcal per mol and has an average value of 
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38 kcal per mol.® It has been experimentally veri- 
fied that both interstitial solute atoms and disloca- 
tions are necessary for the 250°C peak.'»? Wert 
has also shown that an incubation period precedes 
the appearance of the 250°C peak.* 

With regard to quenched martensitic steel, Ke 
et al.5»® observed two peaks at around 130° and 
250°C. They conjectured that the 250°C peak in 
martensite was due to the same mechanism as the 
250°C peak in cold worked a iron, and the 130°C 
peak was due to the nature of tempered martensite. 
They did not report the activation energy for these 
peaks. Chernikova’ found only one peak at about 
200°C in tempered martensite. In a previous paper® 
we reported an activation energy of approximately 
40 kcal per mol for the 250°C peak in plain carbon 
martensitic steels. Ichiyama® found the activation 
energy to be about 36 kcal per mol for the 250°C 
internal friction peak in steels in the martensitic 
condition. 

The present authors proposed a theory for the 
250°C peak for cold worked and quenched iron and 
steel.* The theory for the peak is based upon the 
addition of a strain-energy term to the free energy 
for the formation of a carbide precipitate due to the 
presence of a disclocation. The model employed 
for the relaxation process consists of the growth 
and solution of a carbide precipitate of critical size 
as a consequence of an oscillating dislocation. 

In this report, the influence of substitutional alloy - 
ing elements on the 250°C peak is examined and the 
experimental results are discussed in terms of our 
theory for the peak. Most of the experimental work 
on the alloy steels was confined to the Fe-Si-C 
alloys. 
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Fig. 1—Logarithmic decrement vs temperature curves for 
the 65 pct Ry, cold-worked state. @Ingot iron, A Fe-Co-C, 
A Fe-Ni-C, ¥ Fe-Mo-C, OFe-Cr-C, V Fe-Si-0.09C. 


I) PREPARATION OF SPECIMENS AND EXPERI- 
MENTAL PROCEDURE 


The chemical composition of the vacuum melted 
irons and steels used in this study are listed in 
Table I. A part of the Fe-Si alloys was carburized 
after cold drawing to 0.072 in diam. The carburi- 
zing was carried out at 920°C in a hydrogen-heptane 
atmosphere or in a Homocarb furnace. The carbu- 
rized Fe-Si alloys were subsequently homogenized 
at 850°C for 15 hr in a vacuum of less than 50 yp. 
All alloys were cold swaged and drawn to 0.038 in 
diam in such a manner that the cold-worked speci- 
mens had final degrees of cold working of 22, 54, 
and 65 pct R 4. 

The heat-treated specimens were austenitized by 
passing an ac current through the wire in a vacuum 
chamber and quenched with helium gas which had 
been precooled to 77°K. Immediately after the 
quench, the specimens were cooled to liquid nitrogen 
temperature in order to reduce the retained austen- 
ite. The martensitic condition of the specimens was 
confirmed by the extreme brittleness of the wires, 
by metallographic examination of the ends of the 
specimens and by electrical resistance measure- 
ments at 77°K. The latter measurements indicate 
that some variations in the martensite content of the 
quenched wires existed although they can be con- 
sidered as essentially martensitic. The quenched 
specimens were stored in dry ice prior to the meas- 
urements of the internal friction. 

An inverted torsional pendulum similar to that 
described by Wert® was used to determine the strain 
independent internal friction. A counterweight was 
used to give a tensile stress of 500 psi on the speci- 
men. Four pendulum arms which had different in- 
ertias were used to obtain frequencies of about 0.5, 
0.9, 2.5, and 5.0 cps at room temperature. In the 
work reported here a frequency of 2.5 cps was 
generally used. 

A linear variable differential transformer was 
used as a detector in order to record the amplitude 
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Fig. 2—Expanded scale of internal friction of the cold- 
worked Fe-Si-0.09 C alloy. @65 pct Ry, O22 pct Ry. 


of the oscillations by means of a hot-wire oscillo- 
graph. A 10-3/4-in. furnace which had three sepa- 
rate heating zones was used to heat the specimen. 
Each zone was wound noninductively as an independ- 
ent circuit and regulated by a separate autotrans- 
former to provide uniformity of temperature. 

The temperature was measured by three chromel- 
alumel thermocouples located in close proximity to 
the specimen at intervals of 2 1/2 in. from each 
other; i.e., one thermocouple at the center of the spec- 
imen and one at each end. In order to obtain the 
specimen temperature, a probe thermocouple was 
set in the apparatus in place of a specimen and the 
variations between the temperatures of the three 
fixed thermocouples in the apparatus and that of the 
probe couple replacing the specimen were obtained 
under the conditions realized in experimental runs. 
These results indicated that there was a difference 
between the specimen temperature and the meas- 
ured temperature. In all cases measured tempera- 
tures have been corrected. 

The vacuum in the torsion pendulum apparatus 
was about 50 y and the temperature was increased 
at a rate of about 2.5°C per min during a run. The 
maximum temperature difference at the 3 positions 
along the specimen was 1.5°C. The oscillations 
were generally recorded every 5 min, and occasion - 


Table |. Chemical Composition 


Designation Chemical Composition in Wt Pct 
Cc Si xX Mn P S Cu 

Ingot Iron 0.013 0.05 0.86 0.018 0.35 0.05 

1070 0.71 0.07 0.008 0.011 

1090 0.93 0.06 0.007 0.011 
Fe-Si-C 0.04 2.40 0.01* 0.004* 0.004* 0.01* 
Fe-Si-C 0.09 2.40 0.01* 0.004* 0.004* 0.01* 
Fe-Si-C 0.39 2.40 0.01* 0.004* 0.004* 0.01* 
Fe-Cr-C 0.044 0.043 3.05 0.09 0.004 0.006 
Fe-Mo-C 0.066 0.023 2.50 0.05* 0.002 0.002 
Fe-Ni-C 0.042 0.072 3.27 0.05* 0.003 0.004 
Fe-Co-C 0.042 0.017 3.08 0.05* 0.002 0.002 


*Less than pct indicated. 
X = pct second element in designation. 
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Fig. 3—Logarithmic decrement of the martensitic Fe-2.40 
pet Si-0.39 pct C alloy for various frequencies. 


ally at 2.5 min intervals. The logarithmic decre- 
ment, 5, was determined in the usual manner. 
The activation energy for a sample was calculated 
by means of the least-squares method using the 
measured peak temperatures and frequencies. 


II) EXPERIMENTAL RESULTS 


Decrement vs temperature curves for the cold 
worked (65 pct R 4) ingot iron, and the vacuum 
melted alloys are shown in Fig. 1. It is clear that 
the addition of 3 pct of Si, Cr, Mo, Ni, or Co has 
resulted in a decrease in the peak height and that 
the first three elements were more effective in 
suppressing the peak height than nickel or cobalt. 
In order to show the presence of the peak in the 
Fe-Si-C alloy more clearly, the data for the 65 pct 
Ra specimen together with the results obtained on 
a 22 pct R44 specimen are plotted on an expanded 
scale in Fig. 2. The presence of the peak with a 
reduced height for the Fe-Si-C alloy is confirmed. 
The results obtained on the Fe-Si-C alloys indicate 
that the suppression of the 250°C peak by addition 
of silicon is independent of the carbon content within 
the concentration limits listed in Table I. 

A second observation that can be made from Fig. 
1 is the effect of additions of silicon, chromium and 
molybdenum upon the grain-boundary peak which is 
normally observed at about 470°C with a frequency 
of 1 cps. Chromium and molybdenum appear to be 
more effective than silicon in increasing the grain- 
boundary peak temperature. 

In the martensitic condition the Fe-Si-C alloy 
had an internal friction peak as shown in Fig. 3 
which is similar to that observed in the quenched 
eutectoid steel. Under the usual assumption that the 
relaxation process obeys an Arrhenius’ equation, 
the activation energy for the relaxation process in 
the quenched Fe-Si-C alloy was obtained from the 
plot of the logarithm of the frequency vs 1/T, where 
Ty is the peak temperature, Fig. 4. From the slope 
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Fig. 4—Logarithm of the frequency vs the inverse of the 


peak temperature for the martensitic Fe-2.40 pct Si-0.39 
pet C alloy. 


of this line the activation energy was determined 

as 34.5 kcal per mol while a least-square calcula- 
tion resulted in an activation energy of 35.4 + 6 kcal 
per mol for a 90 pct confidence limit. 

The variation in the strength of the relaxation in 
Fig. 3 is believed to be associated with the struc- 
ture of the quenched specimens. Thus, the as 
quenched resistivities-at 77°K of the four specimens 
designated f = 0.5, 0.9, 2.5, and 5.0 were 34.8, 36.7, 
37.9, and 34.0 microhm-cm respectively. This is 
interpreted’ as a variation in the pct martensite in 
the as quenched specimens in the order f = 2.5, 

0.9, 0.5, and 5.0 which is the same order as the 
strength of the relaxation. The austenitic grain size 
was essentially the same in all specimens with an 
average of 2 to 4 grains in the cross-section of the 
wire. 

The 3 pct Si addition has apparently increased the 
grain-boundary relaxation peak temperature in the 
quenched specimens. We have not positively identi- 
fied the increasing internal friction above the 250°C 
peak as a boundary relaxation peak but have assumed 
its origin is similar to that in the cold-worked 
material. 


III) DISCUSSION 


In the previous paper® the authors proposed a 
theory for the 200° to 250°C internal friction peak 
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for cold-worked and martensitic plain carbon steel. 
The theory is based upon the model that the internal 
friction peaks in the 250°C temperature range are 
due to a growth and solution of a carbide precipitate 
as a consequence of an oscillating dislocation. The 
peak height in the authors’ theory is 


AM 
(tan 9 B a 


/ (Ly? + L3”) 1? 


where C, is the density of carbon atoms in the pre- 
cipitates, 2 the dislocation density, A the inelastic 
strain in the precipitate per unit increase of carbon 
atoms, k the Boltzmann constant, 7, the peak height 
temperature, A the attraction coefficient between a 
solute atom and a dislocation, 8 is the strength of 
locking which depends on crystal structure and the 
effective number of locking solute atoms, M is the 
shear modulus of the precipitate, a is the lattice 
constant, and L, and L, the relaxation lengths 
which are assumed to be of the same order as the 
diameter of the precipitate. 

In the present experiments with the Fe-Si-C al- 
loys, the suppression of the peak height in the cold 
worked state but not in the quenched state is diffi- 
cult to explain with a high degree of certainty. How- 
ever, the following observations on the influence of 
silicon additions to Fe-C alloys provide some as- 
sistance in tenatively assigning a role to silicon in 
the internal friction experiments. First, it has been 
observed that the addition of approximately 3 pct Si 
to an Fe-C alloy resulted in a decrease in the solu- 
bility of carbon in the Fe-Si ferrite by approximately 
one order of magnitude.'! Second, Leslie et al.” 
found that the carbide precipitated from a Fe-Si-C 
alloy in quench aging was neither the € or the ce- 
mentite carbide. Subsequently,’® the carbide was 
identified as orthorhombic (a = 8.8 A, b = 9.0 A, 

c = 14.4 A) but the chemical composition was not 
determined. Owen et al.* identified an Fe-Si-car- 
bide as hexagonal (a = 11.7 A, c = 10.8 A) with a 
chemical composition of about Fe,, Si, C,. While 
there is still a degree of uncertainty concerning the 
crystal structure and chemical composition of the 
Fe-Si-carbides, the existence of such carbides seems 
beyond question. Third, studies on the kinetics of 
tempering of approximately 3-pct-Si steels indicated 
that the kinetics of the first stage of tempering were 
not influenced by the presence of silicon and that the 
initial precipitate was an € carbide.” Finally, the 
tempering studies have indicated a suppression of 
the transition of the e to cementite carbide in the 
Fe-Si-C alloys.* 

In view of the above observations on the effect of 
silicon additions to Fe-C alloys, we postulate that 
the decrease in relaxation strength is primarily due 
to the nature of the carbide precipitate. Whereas the 
C, term in the relaxation strength is estimated from 
Petch” to be 2.6 x 1077 per cm, for cementite and 
from Jack" to be 2.9 x 107 per cm® for ¢€ carbide, 
in the case of the Fe-Si-carbides C, has been es- 
timated from Humphrey and Owen’s"™ data to be 
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approximately 1.2 x 107" per cm® for a hexagonal 
structure or 3.9 x 107° per cm® for a hexagonal 
close packed structure. In the case of either of the 
latter values for C,, the reduction in C, by the for- 
mation of the Fe-Si-carbide is such that a substan- 
tial reduction in the peak height would be realized. 
According to the equation for the peak height it is 
difficult to fit the reduction in solubility of carbon 

in the Si-Fe ferrite into the present theory although 
it has been experimentally verified'»? that the 
presence of the cold-worked peak does depend upon 
the presence of carbon or nitrogen atoms in the iron. 
The presence of carbon atoms in solution has been 
verified with the Fe-Si-C alloys in a few strain-aging 
experiments at 28° and 60°C in which the strain ag- 
ing was observed to occur at an appreciably slower 
rate than in Fe-C alloys. However, since the Fe-Si-C 
alloys did show strain aging at strains of approxi- 
mately 3 to 15 pct, we conclude that there is still 
sufficient carbon in solution to interact with the dis- 
locations and the reduction in relaxation strength is 
primarily due to the nature of the carbide formed at 
a low temperature involved in the internal friction 
experiments. 

Our observations on the suppression of the relaxa- 
tion strength in the other ternary alloys were not in- 
vestigated in any detail. However, the suppression 
of the 250°C peak in cold worked iron alloys has 
also been reported for additions of 0.25 to 1.25 pct 
Mo and 3 to 6 pct Cr by Késter? and for.additions of 
1.83 and 5 pct W.”® In all of the ternary alloys the 
results of Hultgren’® indicate that the substitutional 
elements are partitioned between the matrix and the 
carbides. Since we hope to continue the internal 
friction study on the ternary alloys, we shall not 
dwell or speculate on them at this time. 

The presence of the substantially unreduced re- 
laxation strength in the Fe-Si-C alloys in the mar- 
tensitic condition seems likely to be due to initial 
precipitate of the epsilon carbide. 


IV) CONCLUSION 


1) The internal friction peak at 250°C of cold 
worked alloys which were vacuum melted Co-, Cr-, 
Mo-, Ni-, and Si-iron was depressed compared with 
that of plain carbon iron and steel. The decrease in 
the relaxation strength was found to be in order Co, 
Ni, Mo, Cr, Si. 

2) Theoretical explanation of the depression of the 
peak in Fe-Si-C alloy was made in terms of the car- 
bon density in the precipitates, C,, which is propor- 
tional to the relaxation strength in our theory. 

3) The internal friction peak at around 250°C for 
quenched vacuum melted Si-steel was similar to that 
of quenched plain carbon steel in height. The better 
resolution of the peak in the quenched Fe-Si-C alloy 
appears to be due to the increase in the grain boun- 
dary relaxation peak temperature which is caused 
by the silicon addition. 


VOLUME 221, DECEMBER 1961-1161 


ae, 
4 
ere 
iz 
4 
: 
: 
Ay 


ACKNOWLEDGMENT 


This research was supported by the U.S. Air 
Force through the Air Force Office of Scientific 
Research of the Air Research & Development 
Command. 


REFERENCES 


1T, S. Ke: AIME Trans., 1948, vol. 176, p. 448. 

aw. Koster, L. Bangert, and R. Hahn: Arch. Eisenhiitenw., 1954, vol. 25, 
p. 569. 

5T. Mura, I. Tamura, and J. O. Brittain: J. Appl. Phys., 1961, vol. 33, 
no. 1. 

4K. Kamber and C. Wert: Bull. Am. Phys. Soc., 1959, vol. 4, p. 170. 

5T. S. Ke/and P. Yung: Scientia Sinica, 1955, vol. 2, p. 263. 

*T. S. Ke and Y. Ma: Scientia Sinica, 1956, vol. 4, p. 19. 


71, N. Chernikova: The Physics of Metals and Metallography, 1957, vol. 5, 
p. 103. 

®T, Ichiyama and K. Takagai: Abstract for 43rd Congress of Japanese 
Inst. of Metals, October 18, 1958. 

°C. Wert: Seminar on Modern Research Techniques in Physical Metallurgy, 
p. 225. ASM, Cleveland, Ohio, 1952. 

10H], E, Suarez: M. S. Thesis, Northwestern University, Evanston, Ill., 1956. 

11D, A, Leak and G. M. Leak: J. /ron Steel Inst.,(London), 1958, vol. 189, 
p. 256. 

Ww. C. Leslie, R. M. Fisher, and N. Sen: Acta Met., 1959, vol. 7, p. 632. 

3G, Konoval, L. Zwell, L. A. Gorman, and W. C. Leslie: Nature, 1959, 
vol. 184, P. 1862. 

144], Humphreys and W. Owen: Nature, 1960, vol. 187, p. 589. 

45C, J. Altstetter, M. Cohen, and B. L. Averbach: WADC Tech. Rep. 59-57 
ASTIA No. 214426 (3). 

46N, J. Petch: J. /ron Steel Inst., (London), 1944, vol. 149, p. 143. 

17K, H. Jack: J. Iron Steel Inst., (London), 1951, vol. 169, p. 26. 

“*V. S. Postnikov and R. S. Lebedev: The Physics of Metals and Metallo- 
graphy, 1959, vol. 8, p. 81. 

19K. Kuo and A. Hultgren: Jernkonotorets Ann., 1951, vol. 135, p. 452. 


The System Titanium-Zirconium-Oxygen 


Michael Hoch, Robert L. Dean, 
Chung K. Hwu, and Samuel M. Wolosin 


The general shape of the 1450°C isotherm of the 
Ti-TiO-Zv02-Zr region was evaluated from the sur- 
rounding binary phase diagrams and from thermo- 
dynamic data on the metal-oxygen binaries. The 
phase boundaries were accurately determined using 
X-vay and metallographic techniques. At 1450°C the 
system shows a large bcc B field, which extends from 
the two metal-oxygen binary systems as a Gaussian 
error function, and is stable up to 30 at. pct O when 
Ti and Zr are present in equal amounts. At higher 
O concentrations, the B field is in equilibrium with 
t-ZrO . The following four regions, with three solid 
phases, are present: twoa+B+t-Zr0,,a+TiO + t- 
ZvOz2, and TiO +t-ZrO2 + On cooling the B 
phase transforms into the a phase, going through the 
w transition phase. The isotherm at 1500°C for the 
region TiO-TiO2-ZvOz2 was obtained by using X-ray 
diffraction. At 1500°C a large c-ZrOz2 region is 
present as well as a large two-phase field, TiO 
+c-ZrO2. The following regions, with three solid 
phases in equilibrium, were found: TiO + Ti2O3 + c- 
ZrOz2, Ti2z03+ TisO5+ TisO5+ TisOgt 
Tis09 + C-ZvYO2+ TiZrvO4, Tis0g+ TiO2+ 
c-Zv0,+ TiZvO, +t-ZvOz. These regions are rela- 
tively small. The solidus and liquidus relationships 
were determined by observing samples suspended 
in a tungsten crucible by means of a fine tungsten 
wire and heated in vacuum. Eleven univariant points 
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were found. C-ZvrO, decomposes through a peritectic 
reaction into liquid +t-ZvO,. The activities of Ti 
and TiO in the @+ TiO +t-ZrOzand in the twoa +B 
+t-ZvO2 regions were measured using the Knudsen 
effusion method. In the a+ TiO +t-ZrO, region the 
activities of Ti and TiO are the same, as in the a 

— Ti +TiO binary. In the two a+ 8 + t-ZrO,z regions, 
the Ti activity is high and the TiO activity very low, 
although all phases present contain at least 30 at. 
pct O. This indicates a short-range order in the 
solid phases, Zr atoms being preferentially sur- 
rounded by O. 


Tue system Ti-Zr-O is of interest because of the 
wide ranges of solid solubility exhibited by the boun- 
dary systems; as titanium and zirconiuni both belong 
to the same group of the periodic table, large single- 
phase regions should occur within the system, with 
a great variation of properties (as the composition 
changes within the single-phase region). Further - 
more, the possibility of modifying ZrO, to make it a 
more usable refractory by the addition of other met- 
als makes this system also of interest. Because of 
the high affinity of titanium and zirconium for oxy- 
gen, the oxygen partial pressure is very low at all 
compositions; thus, there exists a ternary metal- 
metal-oxygen system in which the oxygen pressure is 
not an important variable, so long as it is low enough. 

When a sample is heated in vacuum to a tempera- 
ture high enough for vaporization to occur, the vapor 
phase will consist of metal and metal-oxide gas, the 
oxygen concentration being very low. 

The phase relationships in the surrounding binary 
systems have already been reported in the litera- 
ture; therefore, the study of the ternary diagram 
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could be undertaken immediately. The approach 
here involved the determination of the phase rela- 
tionships at 1450° to 1500°C from the X-ray diffrac- 
tion patterns and micrographic inspection of sam- 
ples of various compositions. 

The solidus and liquidus relationships of the ter- 
nary system were determined by visual observation 
of samples suspended on a thin tungsten wire in va- 
cuum. 

The composition of gas in equilibrium with solid 
phases and the activities of the components at ele- 
vated temperature were determined using the Knud- 
sen effusion method. 


PREVIOUS INVESTIGATIONS 


The results of the investigations of the binary sys- 
tems surrounding this ternary have been compiled 
and discussed by Hansen?” and Levin, McMurdie, and 
Hall.?° 

Andersson, Collen, Kuylenstierna, and Magneli® 
studied the TiO-TiO, region at 1150°C and found the 
following homogeneity ranges for the intermediate 
compounds: 


TiO: TiO,.6, - TiO, 25 
Ti,O,; TiO, TiO,.. 
Ti,O,:; very narrow around TiO, 
TiO,: TiO,,., - TiO, 


The vatue for rutile is in agreement with data ob- 
tained from vaporization measurements by Groves, 
Hoch, and Johnston" who found the lower homoge- 
neity range limit of rutile to be TiO,,,,, at 1700°C. 

Furthermore, Andersson, ef al.* describe a set of 
compounds formed at 1150°C of the formula Ti,,O.,-; 
(4<n<10), which thus are placed between Ti,O, and 
TiO,. They all have quite similar X-ray diffraction 
patterns, and according to Hurlen’® are ordered 
structures; titanium atoms are located in the fairly 
large interstices of the basic rutile structure. At 
1500°C these structures will become quite disordered, 
and they probably will decompose into a two-phase 
Ti,O,-TiO, region. 

Weber, ef al.”® investigated three samples with 
high- ZrO, content in the Ti-ZrO, system. They 
found a titanium andm- ZrO, in room temperature 
diffraction patterns of two of their samples (contain- 
ing the greater amounts of titanium). However, they 
failed to find a titanium in any of the samples in 
high-temperature diffraction patterns. 

In their study of the TiO- ZrO, system Weber, et 
al. report that TiO stabilizes ZrO, in its cubic 
form, finding c- ZrO, to be the principal phase pres- 
ent in equilibrated samples containing TiO in con- 
centrations of 15 mole pct or greater. 

Duwez and Loh® have performed a preliminary 
investigation on the ternary system. Their investiga- 
tion was confined to samples containing 45 at. pct O 
or more and containing from 15 to 50 at. pct Zr. 
They report the presence of the 6 phase in the room- 
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temperature diffraction pattern of the sample 

Ti, ZY 590 4,. The sample had been quenched from high 
temperatures. Duwez and Loh® found c-ZrO, in all 
their samples, while this phase was absent in our 
samples. Because of the presence of a number of 
unidentified reflections in their X-ray patterns, 
Duwez and Loh were unable to make definite conclu- 
sions about the ternary system. 


EQUIPMENT AND MATERIALS 


A) Equipment. The equipment used in this inves- 
tigation consisted of a high-temperature vacuum X- 
ray diffraction camera,'* a vacuum-induction fur - 
nace,'* room-temperature Norelco diffraction equip- 
ment, and a Bausch and Lomb metallograph. 

Room-temperature diffraction patterns were ob- 
tained using a Phillips Norelco X-Ray Unit emitting 
nickel-filtered copper radiation. The Debye-Scherrer 
type powder cameras used were 57.3 and 111.4 mm 
in diameter. 

The samples were mounted in bakelite and polished 
on 1, 1/0, 2/0, and 3/0 emery papers and finally on 
a cloth wheel using Gamal Polishing Solution. 

B) Materials. The samples used in this investiga- 
tion were made up of Ti, Zr, TiO,, and ZrO, pow- 
ders. The titanium powder was supplied by the Fair- 
mount Chemical Co., N.Y., and was 99.6 pct pure ac- 
cording to the manufacturer. Oxygen analysis of 
this powder by the Frank L. Crobaugh Co., Cleve- 
land, Ohio, revealedthe presence of 0.435-wt-pct O. 
The zirconium powder was obtained from the Charles 
Hardy Co., Inc., N.Y. and was better than 99.5 pct 
pure. The dissolved oxygen content of this powder 
was found to be 0.639 wt pct by the Frank L. Cro- 
baugh Co. “Baker’s Analyzed” C.P. Grade TiO, pow- 
der with a TiO, content of better than 99.9 pct was 
used. The ZrO, powder was obtained from the Oak 
Ridge National Laboratories and its hafnium content 
was less thar 0.025 pct by weight. 

The sample powders, weighed and having a total 
weight of approximately 1 g, were transferred to an 
agate mortar and intimately ground and mixed by 
hand for 15 min using an agate pestle and then trans- 
ferred to a glass bottle. 


ISOTHERMAL SECTION AT 1450°C OF THE Ti- 
TiO-ZrO,-Zr REGION 


A) Theoretical Considerations. 1) Shape of B 
Phase Field. The difference between the free ener- 
gies of mixing of a and £ Ti-Zr alloys of the same 
composition was evaluated by Kaufman*® as 


F, - F, =x(1 - x) [- 2340 + 1.267] cal/mol [1] 


where x is the mole fraction of titanium. 


The simpler, regular solution approximation (using 

only the minimum point on the a-f transition—535°C 
and 50-at.-pct Ti!?—and the heats and temperatures 

of transition of titanium and zirconium’® gives 


Fy - Fy = x(1 -x)[- 1015] cal/mol [2] 
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In the temperature range 535° to 900°C, where Eq. 
[1] was derived, Eqs. [1] and [2] give nearly the 
same results. 

Eqs. [1] and [2] show that alloying titanium with 
zirconium, and vice versa, stabilizes the 6 field 
more than the a field. Furthermore, this effect is 
most pronounced at equimolar titanium and zirconi- 
um because Eqs. [1] and [2] are symmetric with 


respect to the titanium and zirconium concentrations. 


From the data of the binary Ti-O and Zr-O sys- 
tems at 1450°C’? it can be seen that oxygen addition 
stabilizes the a phase. In the ternary system, the 
two effects (8 stabilization by metal, a stabilization 
by oxygen) will work against each other. The two 
binaries Ti-O and Zr-O have the same shape.” If 
the alloying did not stabilize the 8 field more than 
the a field (constants in Eqs. [1] and [2] equal 0, 
then the 8 field boundary would be a straight 
line, connecting 6-at.-pct O on the Ti-O boundary 
with 6-at.-pct O on the Zr-O boundary. Because 
metal alloying does stabilize the 8 phase field more 
than the a field, in the ternary system the boundary 
of the 8 phase will extend to higher oxygen concen- 
tration; this extension will be maximum at equimolar 
titanium and zirconium concentrations because there 
the difference in stabilization is maximum. The 8 
field will therefore look like a Gaussian error func- 
tion. Because the free energy of formation of ZrO, 
is larger than that of TiO, the first oxide to form 
when oxygen is added to Ti-Zr alloys is ZrO, (except 
when the Zr concentration is below 3 at. pct, see be- 
low). 

The question to be answered is, will the extended 
8 phase meet the ZrO, phase and form (on the line 
connecting 50-at.-pct Ti and 50-at.-pct Zr with ZrO,) 
B, 8 + ZrO,, and ZrO, phase fields, or will the phase 
fields be similar to that of the Zr-O binary, the £ 


phase being extended only to higher oxygen concentra- 


tion ? 

Mah, Kelley, Gellert, King, and O’Brien”? and A. D. 
Little, Inc.” give accurate but not consistent data on 
the partial free energy of oxygen in titanium at low 
oxygen concentration. Kubaschewski and Dench!’,8 
give less accurate data for high oxygen concentra- 
tion in Ti-O and Zr-O systems. Assuming that the 
Ti-O and Zr-O systems behave identically, and using 
the above data plus Eq. [2], it is possible to show 
that within the error limits of the above data,*»”6 
the free-energy diagram of the 50 pct Ti + 50 pct 
Zr-O system shows the £ phase in equilibrium with 
ZrO, ; however, the error limits are too great to 
eliminate the possibility of having an a field extend- 
ing across the whole diagram. Because the oxygen 
partial free energy in the Zr-O system is lower than 
in the Ti-O system, the maximum stabilization of the 
B phase will be pushed to somewhat higher titanium 
concentrations (Ti to Zr ratio > 1), i.e., the 8, B+ 
ZrO,, and ZrO, pseudobinary will extend from a 
somewhat Ti-rich Ti-Zr alloy to ZrQ,. 


2) Zr-TiO-ZrO, Equilibrium. The maximum solu- 
bility of zirconium in titanium which is in equilibri- 
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um with TiO, before ZrO, forms, can be calculated 
from the free energy of formation of TiO and ZrO,. 
Coughlin® gives the following thermodynamic data 
at 1800°K: 


Zr + O, = ZrO, AF° = -181 +0.25 kcal 
Ti + 1/20, = TiO AF° = -84.2 +0.3 kcal 


At equilibrium, for the reaction Zr + 2TiO 
= ZrO, + 2Ti, 


AF® = AF°(ZrO,) - 2A4F° (TiO) 


If it is assumed that: 1) a7,5, = 1 (ZrO, does not 
dissolve much 
Ti or TiO), 


(neglecting the 
effect of Ti sol- 
ubility in TiO 
and the small 
Zr solubility), 
and 


2) =1 


(assuming the 
Ti-Zr solution 
behaves ideally). 
Ary = 


3) Az, = Nz, 


then Nz, = 0.03. 


As the solution is not ideal, but shows positive 
deviation from ideality!*»?® the solubility limit will 
be smaller than 0.03. The phase boundary was con- 
structed at 1.5 at. pct Zr halfway between 0 and 0.03 
at. pct Zr. 

B) Procedure. A portion of the mixed samples was 
introduced into a brass die and samples approxi- 
mately 1 mm in diam and 3 mm in length were 
pressed. 

The sample was then placed in a tantalum holder, 
positioned within the high-temperature camera, and 
heated in a vacuum better than 5 x 10-5 mm Hg to 
1450°C. This temperature was maintained for 2 hr 
before the X-ray beam was turned on. One-half hr 
exposure was sufficient to obtain a diffraction pat- 
tern. 

After the sample had cooled to room temperature, 
the rod-shaped sample was mounted on a glass ca- 
pillary and a room-temperature diffraction pattern 
taken. The surface of the sample was then removed 
by means of a small file so that a diffraction pattern 
of the interior could be obtained. The diffraction 
patterns of the surface and of the interior did not 
contain the same phases. Both the high-temperature 
and the surface room-temperature patterns con- 
tained ZrC lines. 

A great effort was made to eliminate this carbide 
contamination occurring while the sample was being 
heated at 1450°C. It was believed that the vapor of 
the Narcoil-40 diffusion oil in the diffusion pump 
was reacting with the sample. Dow Corning No. 704 
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Fig. 1—Isothermal section at 1450°C of 
the Ti-TiO-ZrO,-Zr region. 
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Silicon diffusion pump oil was substituted for the 
Narcoil-40. However, this did not eliminate the con- 
tamination. Zirconium metal chips were placed with- 
in the bottom tantalum heater surrounding the sam- 
ple to act as a “getter” for the contaminant, but this 
also failed. 

Therefore, the following procedure was adopted 
for carrying out the investigation: 

The samples were heated at 1450°C for 2 hr and 
then allowed to cool. Room-temperature X-ray dif- 
fraction pictures were taken of the samples after 
their surfaces had been filed down. The 2-hr holding 
time at 1450°C was believed to exceed the time 
needed to attain equilibrium as further heating did 
not change the X-ray diffraction pattern nor the mi- 
crostructure. 

To check what changes occur during quenching, 
several samples containing the various phases were 
X-rayed at high temperature and after quenching to 
room temperature. It was found that no change oc- 
curred on quenching in any of the samples except 
that the 8 metal phase sometimes transformed into 
the w phase, as discussed later, and that t-ZrO, 
transformed completely to m-ZrO,. 

Many of the samples containing 30 at. pct O or less 
were mounted in bakelite and polished, using stan- 
dard metallurgical procedures. They were etched 
in a solution of 3 cc HF (48 pct) + 12 cc HNO, (conc.) 
+ 85 cc glycerine. a, which was stable at high tem- 
perature, was identified by observing the microstruc- 
ture at low magnifications under polarized light. 

Former £f grains, which transformed to a on 
quenching, showed up as Widmanstatten a phase in 
the microstructure. This plate-like phase, hereafter 
referred to as qa’, appeared very fine and needle- 
like in some of the samples and coarser in others. 

The phases in the room-temperature diffraction 
patterns were determined by comparing the “d” val- 
ues with those found in the ASTM card set? or NBS 
circulars.“ The tantalum card was used for the in- 
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tensity of the lines present in the 8 bcc pattern. 

In those instances when either £ solid solution or 
TiO was present in the room-temperature X-ray 
patterns, the lattice parameters, a,, of both phases 
were determined. The method used was the Taylor, 
Sinclair, Nelson, and Riley Extrapolation Method* 
and takes into account the absorption of the X-rays 
by the sample. 

C) Experimental Results. The results of this in- 
vestigation can be seen in Fig. 1. 

The experimental points have been numbered 
within the phase diagram and all the pertinent infor- 
mation about the samples can be found in Table I. 
This table lists the composition of the samples, the 
phases present in the room-temperature diffraction 
patterns, the phases detectable in the microstruc- 
ture, and calculated lattice parameters of the B phase 
and the TiO phase. The shapes of the various phase 
fields have been constructed upon the basis of the 
experimental points and the thermodynamic require- 
ments. 

The extent of the TiO field into the ternary, i.e., 
the solubility of ZrO, in TiO is very small, as the 
TiO lattice parameter of sample 37 (a, = 4.192) in 
the a + TiO + t-ZrO, region is the same as that of 
samples 46 and 47 in the two-phase a+TiO region of 
the binary system. If a large amount of zirconium 
were soluble in the a + TiO region, one would ex- 
pect the TiO lattice parameter to be greater than it 
is, since zirconium is larger than titanium and would 
expand the TiO lattice. 

The lattice parameters of the TiO phase in sam- 
ples 41, 42, 43, and 45 are above that of stoichio- 
metric TiO, point 48, indicating that the TiO corner 
of the TiO + c-ZrO, + t-ZrO, three-phase region 
lies between TiO,,,, point 48, and the lower stability 
limit of the TiO phase, TiO,,,7. The part of the 
phase diagram surrounding the line TiO + ZrO, is 
shown enlarged in Fig. 2. 

The diffraction patterns of samples 2, 3, 4, 5, 11, 
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Table |. Experimental Data of the Isothermal Section at 1450°C for the Ti- TiO-Zr0,-Zr Region 


Phases in Room Temperature 


Composition, At. Pct X-Ray Patterns* Phases in Microstructures* Phases at 1450°C* Betaa, TiOa, 


B 


a B ZrO, TiO 


st+Ti,O, 


m 
m 
m 
w 
w 
st 
st 
m 
m 
st 
st 
w 
m 
m 
m 
st 
st 
st 
m 
w 
w 
w 
st 
m 
st 
m 
w 
w 
w 
w 
w 

vw 


~w 


*st = strong, m= medium, w = weak, vw = very weak, vw? = questionable. 


15, and 25 contained reflections that could not be 
identified as a, 8, or oxide phase lines. They were 
never present alone, but always together with the 
retained 8 phase, and the “d” values varied together 
with the a, of the retained £ phase, thus indicating 
that they are the transition phase lines. The reflec- 
tions are quite similar to those identified as an w 
phase in the Ti-Mn system by Frost, Parris, Hirsch, 
Doig, and Schwartz.!° 
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ISOTHERMAL SECTION AT 1500°C OF THE 
TiO-TiO,- ZrO, REGION 


A) Procedure. The samples were pressed ina 
steel die into pellets 1/4 in. in diam and about 1/16 
in. long. The pellets were placed in a tungsten cru- 
cible, introduced into the vacuum cell, and heated at 
1500°C for 2 hr. After quenching, the sample was 
ground and an X-ray diffraction pattern taken. The 
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Point Ti Zr a TiO a B A A 
6 88.8 5.0 6.2 st - - ~ - m m - nm = - - - 
1 74.9 18.7 6.4 st - - _ - - st - st —- - - - 
2 48.9 43.9 7.2 - st st st - st - - 3.424 
7 84.2 4.9 10.9 st - ~ m m - - - 
9 74.2 14.6 11.2 st - - m w - we - - 
10 68.9 19.7 11.4 st w - - - w st st - - 
3 49.0 39.2 11.8 - st - - m - st - st —- - 3.414 - 
15 29.3 58.5 12.2 w st o - m w st w st - - 3.462 - 
19 126 st - ~ - st vw - - - 
13 79.1 4.9 16.0 st - - st - - 
8 75.0 10.0 15.0 st ~ - m m nm — - 
4 49.1 34.4 16.5 - st _ - st - - - st - - 3.410 - 
16 20.0 65.0 15.0 m m - m m - — 3.494 - 
20 10.0 72.0 18.0 st st vw - vw 
14 74.1 4.9 21.0 st - st - - - - 
il 49.2 29.5 21.3 w st st w st st - 3.406 - 
5 39.3 39.2 21.5 - st - = m - st w st - - 3.434 - 
17 20.0 60.0 20.0 m m m m - — - 3.483 - 
12 216 27.1 m st - m nm — 3.405 
18 24.6 46.9 28.5 w st - st - - - - 3.498 ~ 
35 68.0 2.0 30.0 st - - - 
34 64.5 4.9 30.6 st ~ ~ - - - -_ - - ~ 
32 59.5 9.8 30.7 st ~ st w - 
31 54.3 15.0 30.7 st w w st 
44.4 24.4 31.2 m st - m w m - - 3.407 = 
34.3 34.4 31.3 ~ m ~ m vw? st - - 3.507 - 
20.0 50.0 30.0 w m vw? st - 3.516 
98 58.8 31.4 st w vw? m 3.546 
54.4 9.9 35.7 st - - - 
45.0 20.0 35.0 w m m st - 3.407 
58.0 5.0 37.0 m - vw vw? - - ~ - vw? - - 
58.0 2.0 40.0 m vw st - - - st 4.192 
30.0 30.0 40.0 st m - w - - - 3.411 
20.0 40.0 40.0 vw? st st - w - - - - 3.514 ~ 
32.7 25.6 41.7 vw? m st - - - - 3.407 
11.9 46.2 41.9 ww m st - - - - 3.516 
37.8 11.8 50.4 ~ ~ m m - - - - m - 4.192 
18.0 30.0 52.0 w m st - - - ~ 3.408 
31.9 14.0 541 m st st - 4.186 
29.8 14.9 55.3 m m ~ ~ m 4.186 
24.8 20.1 vw? m m - m 4.191 
35.0 120 53.0 - - m m - - - - m - 4.186 
29.8 14.0 56.2 - m st - - m 4.186 
150 250 60.0 - -_ st vw? w “-« 
11.9 27.9 60.2 vwP — st w - - - - w - 4.190 
57.0 - 43.0 - st - - - - st - 4.192 
50.0 50.0 - st - st - 4.179 
66.7 33.3 m m ~ m - 4.192 
44.0 - 56.0 - - - st - 4.172 


Fig. 2—Enlarged isothermal section at 
1450°C of the TiO-ZrO, region. 
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sample was recompacted and reheated at 1500°C for 
2 hr. This procedure was followed until two consec- 
utive X-ray diffraction patterns did not show any 
change. In most cases, equilibrium had been reached 
after the first heating, except in the region Ti,O,- 
TiO,-ZrO,, where two or three heatings were neces- 
sary. 

The phases were identified by comparing their X- 
ray diffraction patterns with those found in the ASTM 
card set? or the NBS circulars.”* The X-ray diffrac- 
tion pattern for TiZrO, was taken from Coughanour, 
et al.,° whereas our own patterns for Ti,O, and 
Ti,O, were used, which agreed well with the data of 
Andersson, 

B) Experimental Results. The compositions inves- 
tigated are shown in Table II and Fig. 3, together 
with the phases present and the intensity of their 
diffraction pattern, and also the lattice parameters 
of the TiO and c-ZrO, phases. The only change oc- 


Fig. 3—Isothermal section at 1500°C of 
the TiO-TiO,-ZrO, region. 
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curing during quenching is the transformation of t- 
ZrO, to m-ZrO,, all other phases remaining un- 
changed. Several X-ray diffraction patterns taken 
at 1500°C confirmed this. It was found advantageous 
to investigate quenched samples, as it is much eas- 
ier to differentiate between c-ZrO, and m-ZrO,, 
than between c- ZrO, and t-ZrO,. 

The center of the phase diagram is occupied by a 
large, single-phase c- ZrO, region. The stabilization 
of the cubic phase by the oxides of titanium is due 
both to the presence of oxygen and to the presence 
of titanium. The oxygen-to-metal ratio is the lar- 
gest (1.93) wherethe c-ZrO, touches the TiZrO, + c- 
ZrO, + t-ZrO, region, and is the smallest (1.71) 
where the c-ZrO, touches the c-ZrO, + TiO + Ti,O, 
three-phase region. The Zr:Ti ratio is 4.26 on the 
TiO-ZrO, pseudobinary at the zirconium-rich end of 
the cubic region, whereas the ratio is 0.538 where 
the c-ZrO, touches the Ti,O, + Ti,O, + c-ZrO, three- 
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Table Il. Experimental Data of the Isothermal Section at 1500°C for the TiO-TiO,-ZrO, Region 


Lattice Parameter 


H-21 16.1 77.8 6.1 
H-22 - 90.0 10.0 
H-23 26.0 74.0 ~ - - 
H-24 4.9 79.9 15.2 - - 
H-25 - 80.0 20.0 
H-26 15.0 85.0 ~ - - 
H-27 27.6 64.5 7.9 - - 


vw 


< 


Composition 
Mol Pct Phases Present at 1500°C TiO c-ZrO 
Pt. No. TiO TiO, 210, TiO TiO, Tif, Ti,O, TiO, t-ZrO, TiZrO, c-ZrO, a, A 
H-1 27.7 17.3 55.0 vw - - - - - - s 5.019 
H-2 17.8 13.2 69.0 - - ~ s 5.038 
H-3 9.9 15.1 75.0 ~ m s 5.030 
H-4 16.3 23.5 - - s 5.003 
H-5 95.0 5.0 s ~ m 4.176 5.055 
H-6 6.0 48.0 46.0 _ ~ - - - - s m 5.00 
H-7 5.0 60.0 35.0 - m vw s 
H-8 10.0 73.0 17.0 ~ - - w w ~ s - 
H-9 5.0 43.0 52.0 ~ ~ - ~ ~ s s s 5.00 
H-10 32.1 48.5 19.4 - w m - - - - s 4.906 
H-11 17.0 63.0 20.0 - = - m - - w s 
H-12 25.0 60.0 15.0 - - m w ~ - - s 4.966 
w - s 4.906 
m m - 
- - s 4.955 


1 


4.183 


4.178 


5.020 
5.065 


4.994 


5.043 


190 10.0 19.0 


71.0 = - 


4.190 
4.198 


4.178 


4.171 


4.180 
4.169 


5.080 
5.072 
4.961 
5.052 
5.080 
5.070 
4.914 


5.072 


4.932 
5.004 


4.959 
4.935 
5.045 
4.960 
4.982 
5.040 


vw-very weak w-weak m-medium - strong 


1168-VOLUME 221, DECEMBER 1961 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


H-18 5.0 95.0 - - s - - - 
H-19 7.8 53.3 38.9 - ~ - = - - m s 
H-20 19.3 65.2 15.5 - m vw s 
s vw = 
m s ~ 
- - m 
- s 
w s 
H-28 19.5 44.6 35.9 w vw - 4.970 
H-29 50.0 50.0 - - - - s 
H-30 17.9 82.1 s vvw - 
H-126 25.3 34.8 39.9 - - - - - - - | 4.960 
T-6 9.7 - 90.3 ~ - - - - s ~ 
T-7 6.9 - 93.1 - - - - s 
T-11 | - 94.9 - - - s 
T-12 17.6 ~ 82.4 - - ~ - - s ~ 
T-14 23.0 - 77.0 w - - - - - - 5.072 
: T-15 20.9 35.1 44.0 - - - ~ - - _ 4.975 
T-17 33.0 62.0 5.0 w s - 
T-18 4.9 22.6 72.6 - - s 5.031 
T-19 15.1 65.0 19.9 - - m w 
: T-20 9.9 43.3 46.8 - - - - - - - 4.980 
T-22 60.0 37.6 2.4 s w - - - - - 4.169 
T-23 34.2 63.3 25 m s - 
T-24 10.1 79.9 10.1 - - w w s 
T-25 10.0 30.0 60.0 ~ - - vw - 
T-26 30.0 10.0 60.0 m - - - ~ - - 
T-27 25.8 64.9 9.4 - - w m - - - = 
T-28 10.1 49.9 40.0 - - - vw ~ ~ m | 
T-29 19 12.6 79.9 - - - - - s ~ 
T-30 27.0 13.1 59.9 w - - - - - - m7 | 
109 33.0 67.0 w ~ - 
110 30.7 30.7 38.6 vw - 
114 90.0 - 10.0 s ~ - - | 
115 20.0 - 80.0 - - - - 
116 10.0 10.0 80.0 - - m - 
117 42.7 42.7 14.6 m - 
120 5.0 10.0 85.0 - - s 
121 26.0 - 74.0 w - - - | 
122 47.0 47.0 6.0 ~ s - - 
123 29.0 58.0 13.0 m - 
124 50.0 25.0 25.0 s - - - - 
25 10.0 70.0 20.0 - ~ ~ w vw ~ s 
126 25.0 35.0 40.0 - - - - - - - 
127 18.0 60.0 22.0 ~ - - w - - s 
12 65.0 10.0 25.0 s ~ - 
151 17.6 35.1 47.3 - - ~ 


Table Ill. Solidus-Liquidus Data for the Ti-TiO-ZrO,-Zr Region 


Composition Average Average 
Sample At. Pct of Solidus Liquidus 
No. Ti Zr oO Determinations Remarks 


1 29.9 52:3 i 1845 1925 
2 34.7 15.0 50.3 5 1757+9 1878+8 
3 32:3 13.0 54.7 3 1736+17 1806+4 
4 34.8 12.0 53.2 1 1788 1788 No solidus observed — possible 
eutectic composition. 
5 9.9 30.0 60.1 1 1866 1945 
6 59.6 - 40.4 2 1782+32 1841+14 
7 59.5 5.0 Jac 3 1827+4 1862+4 
8 89.1 ~ 10.9 4 1795 1880+10 Only one solidus determined. 
9 74.4 - 25.6 2 1868+13 - No liquidus determined. 
10 29.7 39.1 31.2 1 1842 ~ Liquidus between 1842° and 
1925° C. 
11 9.8 70.2 20.0 2 1899+7 2035 Only one liquidus determined. 
12 19.8 63.0 17.2 2 1845+1 1945 
13 24.7 44.0 31.3 5 1847+6 1877+7 
14 - 68.3 3L7 C 1944+4 2069+18 
15 9.8 58.8 31.4 5 1844+2 2030+6 
16 18.2 51.6 30.2 5 1833+7 1919+7 
17 34.3 34.4 33 5 1872+5 1898+5 
18 44.4 24.4 3F.2 4 1828+5 1836+14 
19 54.3 15.0 30.7 4 1823+6 1852+5 
20 59.5 9.8 30.7 5 1835+10 1854+10 
21 69.6 =~ 30.4 6 1846+6 1874+9 
22 74.9 18.7 6.4 4 1685+8 1748 Only one liquidus determined. 
23 88.8 5.1 6.1 3 1732+12 1838+8 
24 74.2 14.6 14.2 4 1713+4 1840+2 
25 84.2 5.0 10.8 4 1762+5 1864+14 
26 79.1 4.8 16.1 5 1845+9 1877+4 
28 74.1 4.9 21.0 4 1871+7 1904+5 
2 74.2 9.9 15.9 3 1782+4 1853+6 
30 32.4 46.2 21.4 1 1847 - Liquidus between 1847° and 
1925°C. 
31 64.9 19.7 15.4 2 1783+3 1867 Only one liquidus determined. 
32 73.6 24.5 1.9 5 1617+15 1655+11 
33 93.7 4.9 1.4 3 1694+2 1727+10 
34 68.9 19.7 11.4 5 172145 1823+15 
37 24.8 20.1 55.1 2 1772 2005 Only one determination for each. 
43 49.4 29.3 41.3 2 1845+2 1886+8 
46 29.8 14.9 55.3 2 1754 1914 Only one determination for each. 
48 19.6 58.7 2L7 2 1855+10 2000 Only one liquidus determined. 
49 9.7 77.8 12.5 2 1858+8 1981 Only one liquidus determined. 
50 29.3 58.5 12.2 1 1798 1896 
51 48.9 43.9 yeu 2 176644 1810 Only one liquidus determined. 
52 49.4 39.3 1}.2 2 1785 1872 Only one determination for each. 
53 49.1 34.4 16.5 2 1817 188 2+4 Only one solidus determined. 
54 39.3 39.2 21.5 1 1865 1912 
58 54.4 9.9 35:7 2 1832+5 1832+5 No solidus observed — possible 
eutectic composition. 
59 37.8 11.8 50.4 1 1753 1811 
60 64.5 4.9 30.6 2 1813+3 1852+11 
61 51-3 21.6 2A 1 1835 1865 
62 24.6 46.9 28.5 1 1866 1898 
63 11.9 27.9 60.2 1 1852 2150 
64 32:7 25.6 41.7 2 1827 1868 Only one liquidus determined. 
65 11.9 46.2 41.7 2 1848+8 2008 Only one liquidus determined. 


phase region. The lattice parameter varies in this elevated temperatures. 

cubic region, the maximum of a, = 5.079A occuring 

where the Zr:Ti ratio is the minimum. The constant- SOLIDUS AND LIQUIDUS RELATIONSHIPS IN THE 

lattice parameter lines through this cubic region are Ti-Zr-O SYSTEM 

curved and in general connect the two long sides. A) Procedure. A cylindrical sample, approxi- 
The fact that Ti,O, is stable up to 1500°C and high- mately 2 mm in length and 1 mm in diam, prepared 

er is in agreement with the findings of Andersson, in a small press under approximately 150,000 psi, 

et al., who from all the compounds Ti,0O.,.,, could was suspended in a tungsten crucible by means of a 

prepare only Ti,O, as a single crystal and grow it at very fine tungsten wire. As a result of this suspen- 
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Table IV. Solidus-Liquidus Data for the TiO-TiO,-Zr0, Region 


Composition Number Average Average 
Sample Mol Pct of Solidus Liquidus 
No. TiO Tio, ZrO, Determinations °C °C Remarks 
35 76.8 18.8 4.4 2 1660 1700+1 Only one solidus determined. 
36 76.3 1.6 men 2 1724+2 1724+2 No solidus observed — possible 
eutectic composition. 
38 76.8 12.1 a3.1 3 - 1671+7 No solidus determined. 
39 66.4 21.9 a3:7 2 1652 1718 Only one determination for each. 
40 65.9 29.1 5.0 ~ 1653+4 1706+7 
41 57.9 2.4 39.7 5 1718+5 1935 
42 90.8 5.0 4.2 3 1684 1710+2 Only one solidus determined. 
44 50.0 37.5 125 3 1661+4 1714+2 
45 48.7 26.4 24.9 2 1665+1 1788+4 
47 14.3 71.4 14.3 4 171147 1721+10 
55 66.2 33.8 = 2 1673+8 1851+9 
56 49.6 50.4 = 1 1876 1876 Congruent melting. 
Yi 33.0 67.0 ~ 1 1856 1856 Con gruent melting. 
66 93.5 5 5.0 3 1713+8 1756 Only one liquidus determined. 
104 59.3 0.8 39.9 2 1725+5 2145 
109 32.8 0.5 66.7 it 1705 1830 
111 32.8 33.9 33.3 1 1856 2077 
113 25.2 52:5 22.3 1 1875 1909 
114 88.6 1.4 10.0 S 1732+5 1778 Only one liquidus determined. 
121 25.5 0.4 74.1 2 1702+3 2145 
122A 30.0 31.0 39.0 1 1990 2145 
122B 46.2 47.8 6.0 1 1824 1856 
125 9.8 70.2 20.0 1 ~ 1804 No solidus determined. 
126 24.5 35.4 40.1 1 1996 2145 
127 a7.7 60.3 22.0 1 1785 1837 
128 63.9 11.0 25.1 1 1719 1848 
151 17.5 35.0 47.5 1 2000 2145 
T-21 5.2 7203 22:5 2 1718 1760+12 Only one solidus determined. 
T-22 59.0 38.6 2.4 1 - 1821 No solidus determined. 
T-24 9.9 80.1 10.0 2 1710 1789+9 Only one solidus determined. 
T-27 25.4 65.4 9.2 1 1788 1826 
H-14 20.0 80.0 0.0 1 1755 1770 


sion, the sample was in contact only with the tungsten heated in the vacuum induction furnace until the so- 


wire, and then just over a very small surface area. lidus and/or liquidus points were reached. The va- 
The crucible with the suspended sample was cuum was less than 7 x 107-5 mm just before the 
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Fig. 4—Liquidus projection for Ti-TiO- 
ZrO,-Zr region. 
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solidus temperature was reached. At the solidus, 
the sample was observed to undergo a slight round- 
ing off of the edges. In most cases this was accom- 
panied by a marked change (sudden increase followed 
by gradual decrease to original value) in vacuum 
gage readings. At the liquidus, the sample was ob- 
served to change completely into a spherical or drop 
shape. The absence of any reaction between sample 
and wire was verified by the fact that only one sam- 
ple melted at the wire; furthermore, after rapid 
cooling from the liquidus, the samples were easily 
separated from the wire. 

The temperature of the solidus and liquidus points 
was determined by reading the surface temperature 
of the tungsten crucible when the solidus and liquidus 
were reached. The relation between crucible surface 
temperature and sample temperature was obtained 
by melting platinum, mp 1769.3°C and aluminum ox- 
ide, mp 2040°C.*° Six runs using platinum and twelve 
using aluminum oxide were made at various heating 
rates. For both materials, the agreement among 
runs was very good and showed no dependence on 
heating rates or position within the crucible so long 
as the sample did not touch the crucible. 

The average heating rate used was 57°C per min, 
with the extremes ranging from 31° to 113°C per 
min. 

Because of this method of determination, it is pos- 
sible that the solidus temperatures may be slightly 
high, while the liquidus temperatures may be slight- 
ly low. Furthermore, this investigation was limited 
to temperatures up to 2150°C as Groves, et al." re- 
ported that titanium and titanium compounds undergo 
excessive vaporization above this temperature. 

B) Experimental Results. The data obtained are 
given in Tables III, IV, and V, and represented in the 
Liquidus Diagrams Figs. 4 and 5. 

To compare this method with other methods sev- 
eral compositions on the Ti-TiO, binary, points 8, 9, 
21, 6, 55, and 56, were investigated. The agreement 
with data obtained by other methods?” is good. 

The univariant points could possibly be moved 3 
at. pct in the direction of the corners of the triangles. 
The two-phase regions, 8 + t-ZrO, and a-Ti + t- 
ZrO,, may possibly form quasibinaries. The maxi- 
mum temperature for the f + t-ZrO, phase is placed 

at 1885° +15°C along the line connecting the points 
(33.2 at. pct Ti, 29.8 at. pct O, 37.0 at. pct Zr) and 
(7.0 at. pct Ti, 58.8 at. pct O, 34.2 at. pct Zr). The 
maximum temperature for the a-Ti + t- ZrO, region, 
determined from point 58, occurs at 1835° +5°C along 
the line connecting the points (64.3 at. pct Ti, 30.9 

at. pct O, 4.8 at. pct Zr) and (10.7 at. pct Ti, 60.6 at. 
pet O, 28.7 at. pct Zr). 

The system Ti,O,-ZrO,, where the c- ZrO, phase 
extends to the lowest ZrO, content, forms a three- 
phase equilibrium (liquid — solid 1 + solid 2) witha 
temperature maximum of 1730° +10°C in the vicinity 
of 31 mole pct TiO, 62 mole pct TiO,, 7 mole pct 
ZrO, ; also in the Ti,O,- ZrO, system, the peritectic 
reaction, c-ZrO, + liquid — t-ZrO,, is a quasibinary, 
with the peritectic temperature of 2000° +30°C at the 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table V. Univariant Points in the System Ti-Zr-O 


Com position 
At. Pct Type of Temperature 
Ti Zr fe) Reaction Reaction bt > 
37.5 37.5 25.0 Congruent L (liquid) 1930+15 
melting B 
19.0 46.0 35.0 I, Ternary L 1845+10 
eutectic a—Zr, B, t—-ZrO, 
47.0 19.0 34.0 I, Ternary L 1825+10 
eutectic a-Ti, B, t-ZrO, 
53.6 4.3 42.1 I, Temary L 1750+10 
eutectic a-Ti, TiO, t-ZrO, 
33.7. 11.8 54.5 I, Ternary L 1700+10 
eutectic TiO, c—ZrO, t—ZrO, 
Composition 
‘Mol Pct 
TiO TiO, ZrO, 
61.5 24.5 14.0 I, Ternary L 1650+10 
eutectic TiO, TiO, c—Zr0, 
38.0 55.0 7.0 I, Ternary L 1800415 
13.0 74.0 13.0  I,Ternary L 1700+15 
eutectic Ti,O,, TiO,, TiZrO, 
17.0 72.0 11.0 II _L+Ti0, 1730+10 
Ti,O, + c—ZrO, 
45 73S. 120 II L + c=Zr0, 1710+10 
Ti,O, + TiZrO, 
5.0 53.0 420 II L +t-ZrO, 1790+10 


TiZrO, + c—ZrO, 


Table VI. Composition of the Gas Phase Above the Ti-Zr-O System 


Composition 
Composition 
Ti Zr TiO, -n 
At. Pct Phase Region n 
66.6 0 33.3 a-Ti + TiO 3 
62.5 0 37.5 a-Ti + TiO 1,99 
58.9 0 41.1 a-Ti + TiO 1.61 
66.6 0 33.3 a-Ti + TiO 1.93 
Avg: 1.70 +0.25 
58 2 40 a+ TiO + t—ZrO, 1.84 
58 5 37 a+ TiO + t—ZrO, 1.56 
52 8 40 a+ TiO + t—ZrO, 1.84 
61 4 35 a+ TiO + t—ZrO, 1.57 
Avg: 1.70+0.14 
30 30 a+B+t-Zr0,I 2.00 
18 30 52 +t-—Zr0, 1.97 
9.9 37.8 52.3 a+B+t-Zr0,0 2.09 
Avg: 2.02 + 0.04 
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Table Vil. Activity of Ti and TiO in the Ti-Zr-O System 


Com position 


of Solid Evap Rate Pri Prio 
Ti Zr oO Temp mg/min atm atm 
Phase Region °K x 10? x 10’ x 10’ any at10 


0 a+ TiO 10.79 14.00 
58 40 a+ TiO +t—ZrO, 1896 11.75 15.25 0.331 1,20 
58 5 37 a+ TiO +t—ZrO, 1896 10.27 13:3 6.66 0.29 1.06 
52 8 40 a+ TiO +t—ZrO, 1895 11.20 14.52 7.20 0.31 1.16 
4 a+ TiO +t—ZrO, 1901 11.59 15.05 7.50 0.30 1.09 


0.31+0.02 1.13 + 0.05 


30 a+B+t-ZrO, I 1895 7.76 15.81 0.69 
45 20 35 a+B+t-—ZrO,1 1893 7.91 16.10 0.72 
25 25 50 a+B+t—ZrO,I 1888 6.76 13.74 0.67 


0.69 


a+B+t-ZrO, 0 1892 4,39 8.94 0.41 
10 48 42 a+f+t-ZrO, Il 1895 4.77 9.71 0.42 


0.41 


Avg: 


composition 21 mole pct TiO, 42 mole pct TiO,, 37 emissivity of tungsten.’ To correct for temperature 
mole pct ZrQ,. fluctuations, the effective time ¢,;, was calculated 
by the averaging method.®,25 The correction for non- 


idealized effusion conditions was applied according 
to the equation derived by Whitman.?”? The sample 


was placed in the crucible and heated in vacuum for 
A) Apparatus and Experimental Procedure. The 2 hr at 1500°C. One part of the sample was removed, 
method used was similar to that of Groves, et al." and the other part (80 to 120 mg) heated at 1600° to 
for study of the Ti-O compounds. The samples were 1650°C (below the solidus) for an additional 1 to 2 
contained in a tungsten crucible (1/4 in. ID x 3/8 in. hr. During this period, 4 to 8 pct of the sample va- 
high x 1/8 in. wall thickness). The temperature was porized. Thus the rate of evaporation was obtained. 


measured on the surface of the tungsten crucible As titanium and titanium oxides are far more vola- 
with a Leeds and Northrup optical pyrometer and tile than zirconium and zirconium oxides, !»15»%4 
was corrected for nonblack-body conditions and ab- only titanium and titanium oxides vaporized during 


sorption by the glass window by use of the spectral the heating at 1600°C. The removed sample and the 


Fig. 5—Liquidus projection for TiO-TiO,- 
ZrO, region. 
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vaporization residue were each oxidized in air at 
800° to 850°C in a platinum crucible to TiO, and 
ZrO,. From the oxidation weight gains of the two 
samples the composition of the vaporizing gas could 
be calculated. 

B) Experimental Results. 1) Composition of the 
Gas. Table VI gives the gas composition data. The 
gas composition is given as m in TiO,_, because the 
analysis, which consists of oxidizing the samples 
to TiO,, gives this value. There is some scatter in 
the data, which is due to the difficulty of oxidizing 
titanium to stoichiometric TiO,. In the presence of 
large amounts of zirconium, the oxidation proceeds 
very easily, and in these cases the scatter of the 
data is small. 

2) Activity Measurements. The vapor pressure 
and activity data for the four univariant regions are 
given in Table VII. The vapor pressures were cal- 
culated from the rate of effusion, using the equation 


where P is the pressure in atmospheres, R is the 
molar gas constant, T is the absolute temperature, 
m is the rate of effusion in g per sq cm per sec, and 
M is the molecular weight of the vapor. 

In the presence of more than one species in the 
gas, the measured total rates of effusion were divi- 
ded according to the ratio of molecular weights of 
the components, multiplied by the composition of the 
gas phase, and the pressure calculated for each 
component. 

The activity is defined as a = P/P,, where P is the 
measured pressure and P, the pressure in the stand- 
ard states. The values of PB, were calculated for ti- 
tanium and TiO from the equations given in Table 
XI of Groves, et 

C) Discussion of Results. The composition of the 
gas above the a-Ti + TiO in the binary system is the 
same as that above the a + TiO + ZrO, univariant 
region—70 mol pct Ti, 30 mol pct TiO (TiO, and O, 
are negligible). This can be expected, as the solubil- 
ity of ZrO, in TiO is very small, and the boundary of 
the three-phase region is very close to the a-Ti + 
TiO binary. Following the same reasoning, the tita- 
nium and TiO activities in the binary a-Ti + TiO 
system should be equal to those in the a + TiO + 
ZrO, three-phase region, which is the case, as can 
be seen from Table VII. 

The activity of TiO in Table VII is larger than 1, 
which is impossible. However, the true activity of 
TiO will be close to 1, because for example in the 
a + TiO two-phase region in the binary, the compo- 
sition of the TiO phase is Ti,, ,O,,,,, which is very 
close to stoichiometric. A temperature increase of 
5 deg (which is quite small) would bring the activity 
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of TiO down from 1.13 to 1. Above the two other uni- 
variant regions the gas consists of pure titanium. 
Surprisingly, the activity of titanium in those two re- 
gions is larger than in the a + TiO + ZrO, region, 
though the Ti-richest phases contain less titanium 
than the a + TiO + ZrO, region. The Ti-richest pha- 
ses also contain somewhat less (1 to 2 pct) oxygen 
than the a + TiO + ZrO, region, but they do contain 
larger amounts of zirconium. The presence of pure 
titanium in the gas phase and the high activity of ti- 
tanium in the two a + B + t-ZrO, regions can only be 
explained by the strong bond between zirconium and 
oxygen; this produces short-range order, the zirco- 
nium atoms, rather than the titanium atoms, being 
surrounded preferentially by oxygen, forbidding the 
vaporization of TiO and enhancing the vaporization 
of titanium. 
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LES 


A. G. Guy and J. Philibert 


Diffusion in the presence of deformation was stud- 
ied by the method of vacuum dezincification of cop- 
per-vich and silver-vrich solid solutions containing 
7 to 30 pct Zn. The specimens were designed to per- 
mit the study of diffusion in separate portions of a 
given specimen characterized by strain rates vang- 
ing from essentially zero to approximately 10~* sec™’. 
No effect of deformation on diffusion was observed. 


Becinninc with the work of Buffington and Cohen,} 
interest in the question of the effect of stress or 
strain on diffusion has largely been concentrated on 
the enhancement of diffusion in specimens subjected 
to continuous plastic deformation. The present re- 
search is a contribution to this limited area. How- 
ever, as a preliminary to focusing attention on this 
special topic, it will be desirable to make a broad 
survey of the larger question, especially since there 
has been considerable foreign work in areas outside 
those of current interest in the United States. Since 
most of the topics referred to in the following section 
are both complex and imperfectly understood at pres- 
ent, it has been expedient in most instances to offer 
only a guide to the general nature of the work rather 
than a critical evaluation. 


PREVIOUS WORK 


The effect of elastic stress on diffusion has re- 
ceived considerable attention, especially with regard 
to the thermodynamic driving force for diffusion. 
The thermodynamic treatments have been based on 
the work of Gibbs,? Voigt,> Planck,* and Leontovich.® 
Konobeevskii and Selisski® made a first attempt at 
treating the problem in 1933, and Gorskii’ a few 
years later gave a solution applicable to single crys- 
tals as well as to polycrystalline specimens. In 1943 
Konobeevski® published treatments that have been the 
basis of much Russian work up to the present. For 
example, Aleksandrov and Lyubov * used his work in 
explaining the velocity of lateral growth of pearlite. 

Early work in the United States was that of 
Mooradian and Norton,” which showed that lattice 
distortion tends to be relieved before it can signifi- 
cantly affect the diffusion process. Druyvesteyn and 
Berghout™ observed a slight effect of elastic strain 
on self-diffusion in copper, while de Kazinczy?? 
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Effect of Strain on Diffusion in Metals 


found that both elastic and plastic deformation in- 
creased the rate of diffusion of hydrogen in steel. On 
the other hand, Grimes*® observed no effect of either 
elastic or plastic straining on the diffusion of hydro- 
gen in nickel. High-frequency alternating stresses 
have been reported by various investigators+5“}5 to 
increase the rate of diffusion. 

A special form of elastic stressing is the imposi- 
tion of hydrostatic pressure, a condition that is amen- 
able to conventional thermodynamic analysis. Most 
of the experimental results in this area are consist- 
ent in showing a slight decrease in diffusion rates at 
high Although Geguzin?® reported a 
pronounced effect of relatively small pressures, 
Barnes and Mazey”° failed to corroborate this find- 
ing, while Guy and Spinelli#* advanced an explanation 
of the phenomenon observed by Geguzin. 

It has been recognized that the thermodynamic 
treatment of diffusion phenomena in an arbitrarily 
stressed body is complicated by the fact that the de- 
sired state of quasi-equilibrium ofthe shear stresses 
cannot be maintained during a general diffusion proc- 
ess. However, attempts have been made by Meix- 
ner 22-24 and to treat certain restricted 
cases, such as relaxation. Fastov?’ has also incor- 


porated the general stress tensor into the thermo- 


dynamics of irreversible processes. 

The lattice strain that accompanies the formation 
of a solid solution has been the subject of much 
study, 2°-°° and indirectly it has entered into many re- 
cent theories of diffusion. However, some Russian 
investigators*!»5? have taken other views of this mat- 
ter and have predicted large effects on diffusion 
rates because of “concentration stresses.” 

In completing this brief resume of previous work 
involving elastic strains and before proceeding to a 
consideration of the effect of continuous plastic de- 
formation, it should be pointed out that deformation 
of various additional types may also influence dif- 
fusion. The effect of cold-working on subsequent 
diffusion has been studied directly by Andreeva* 
and by Schumann and Erdmann-Jesnitzer,** while 
indirect evidence has been obtained by Miller and 
Guarnieri*® and by Vitman.* Thermal stresses may 
also influence diffusion, contributions to this subject 
having been made by Fastov® and by Aleksandrov 
and Lyubov.’ The work of Johnson and Martin, 
Dienes and Damask,** and Damask®® considered the 
question of radiation-enhanced diffusion. 

In considering previous work on the subject of 
plastic deformation and diffusion, attention will be 
directed to those studies concerned primarily with 
diffusion rather than with its relation to creep, é.g., 
the work of Dorn, or to the acceleration of diffusion- 
controlled reactions. Observations of the effect of 
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Fig. 1—Sketches of specimens employed: (a) location of the 
transverse hole in the cylindrical specimen subjected to 
simultaneous twisting and diffusion; (b) location of the two 
traverses with the microprobe used to determine “edge” 
and “center” diffusion curves. 


plastic deformation on diffusion were reported as 
early as 1921,*° although the first systematic study 
was that of Buffington and Cohen! in 1952, corrected 
and extended by Ujiiye.* Russian publications at 
this time were concerned with theory,*?,** design of 
experiments,** and methods for calculating diffusion 
coefficients.*°,4® The latter two papers were far 
inferior to the solutions published in the United 
States.47,4® When the Russian experimental results 
were published in 1958,*°,5° they agreed with the 
later results of two groups in the United States ™»™ 
in ascribing a large accelerating effect on diffusion 
to simultaneous plastic deformation. However, other 
work in the United States **»** and in France®™ indi- 
cated that plastic deformation has little influence on 
the rate of diffusion. 


EXPERIMENTAL PROCEDURE 


In an effort to obtain evidence on the effect of 
strain rate on diffusion, an experiment was designed 
in which the strain-rate variable was isolated for 
study. This goal was achieved by producing a range 
of strain rates at various positions within a single 
specimen subjected to ordinary chemical diffusion 
for a given time at a given temperature. Therefore, 
any variation in diffusion behavior could be attributed 
to the influence of strain rate. 

The experimental procedure involved dezincifica- 
tion of a copper-rich or a silver-rich solid-solution 
alloy from the surface of a small transverse hole 
through a cylindrical specimen, the specimen being 
twisted at a constant rate during the diffusion proc- 
ess, Fig. 1(a). Along the neutral axis of the speci- 
men the strain rate was essentially zero, and so the 
rate of diffusion would have the normal value at this 
position in the specimen, Fig. 1(6). However, near 
the surface of the specimen the alloy was subjected 
to a constant near-maximum strain rate, so the rate 
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Fig. 2—Apparatus used to heat a specimen for dezincifica- 
tion while simultaneously twisting it at a constant rate. 


of dezincification into the hole at this position would 
reflect any acceleration of diffusion on this account. 
The strain rate was chosen on the basis of the re- 
sults of Lee and Maddin™ such that acceleration by 
a factor of about 10 might be expected. 

The Zn-Cu alloys were commercial extruded 
brass rods containing 10, 20, or 30 wt pct Zn. The 
actual zinc contents were within 0.1 pct of the nom- 
inal analyses, and impurities of lead, iron, and 
nickel were each less than 0.01 pct. The Zn-Ag alloy 
rod was prepared by Handy and Harman Co. with a 
zinc content of 7 pct. Each specimen was 1/2 in. 
diam by 8 in. long and contained a transverse hole 
at its midpoint. A good interior surface on the hole 
was obtained by first drilling to 0.042 in. and then 
enlarging this to 0.047 in. using a slightly larger 
bit. Longitudinal reference lines were scribed on the 
surface of the specimen, and the cleaned specimen 
was then subjected to combined twisting and dezinc- 
ification in vacuum in the apparatus shown in Fig. 
2. The experimental conditions are summarized in 
Table I. It was difficult to measure the tempera- 
ture, and the values shown are only approximations. 

After the diffusion-and-twisting treatment the 
total amount of shear strain at the surface was de- 
termined in the diffusion zone as the tangent of the 
angle of inclination, a, of the initially longitudinal 
reference lines. Division of tan a by the duration of 
the treatment in seconds gave the (maximum) con- 


VOLUME 221, DECEMBER 1961-1175 


Sis 
i 
| 
a 
hi 
q 


Table |. Experimental Conditions and Observed Strain Rates 


Time of 
Specimen Nominal Approx. Temp. Diffusion, Total (max) Max Strain 
No. Analysis of Diffusion,°C Min. Shear Strain Rate, sec™ 


E 417 20 Zn 800 60 0 0 
80 Cu 

E 408 15 Zn 800 40 0 0 
85 Cu 

E 409* 3 Zn 800 
70 Cu 

E 416 10 Zn 800 195 0.65 56 X10 
90 Cu 

E 414 7 Zn 700 60 0.60 1 Abe 
93 Ag 


*This specimen was sectioned transversely, rather than longitudinally, 


for chemical analysis. 


stant strain rate experienced by the specimen. An- 
other effect of the deformation was to convert the 
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Fig. 3—Diffusion curves for control specimens, not sub- 
jected to twisting during the diffusion treatment. 
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Fig. 4—Diffusion curves for Zn-Cu specimens subjected to 
twisting during the dezincification treatment: (a) 30 Zn—70 
Cu specimen given 9 pct total deformation; (b) 10 Zn—90 Cu 
specimen given 65 pct total deformation. 


circular cross section of the hole to an elliptical 
shape, except at the neutral axis of the specimen 
where it remained circular. The inclination of the 
major axis of the elliptical cross section at the sur- 
face of each specimen was found to agree with the 
known relation for a plane surface.°® This behavior 
indicates that the theoretical stress concentration 
existed in the vicinity of the hole, and therefore the 
strain rate near the hole was even larger than the 
value calculated from angle a. 

In preparing the longitudinal section, Fig. 1(b), 
for determination of the diffusion-penetration curves 
on the Castaing electron probe microanalyzer, great 
care was exercised to prevent deformation of the 
specimen. The initial saw cut was made about 0.025 
in. short of the central plane of the specimen, and 
the additional metal was removed by filing and 
grinding. As soon as the “channel” of the hole could 
be opened up, its surface was examined under a bin- 
ocular microscope for evidence of grain-boundary 
cracking. Finally, the channel was filled with soft 
solder to protect the edges during grinding, and the 
specimen was ground down to the central plane and 
given a metallographic polish in preparation for 
chemical analysis on the Castaing microanalyzer. 
The solder allowed measurements to be made on the 
Cu-Zn specimens up to the very edge of the hole. 
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However, the Ag-Zn alloy reacted with the solder 
and formed a masking layer 3 thick, thus prevent- 

ing complete tracing of the diffusion curves for this 
specimen. 

The concentrations of zinc were measured on the 
Castaing microanalyzer™ along a line perpendicular 
to the hole both at the center of the specimen (along 
the neutral axis) and near the edge, Fig. 1(b). The 
traverse at the edge was made about 0.03 in. below 
the surface of the specimen to avoid the zone of de- 
zincification caused by diffusion towards the exte- 
rior surface of the cylinder. 


RESULTS AND DISCUSSION 


Fig. 3 shows the penetration curves for two Zn-Cu 
specimens that were carried through the above ex- 
perimental procedure except that they were not sub- 
jected to twisting. For one of these specimens, the 
20 Zn-80 Cu alloy, Fig. 3(a), the center and edge 
curves are sufficiently similar to justify the conclu- 
sion that the zinc vapor was removed effectively 
from the center of the cylindrical hole, thus giving 
the same boundary conditions at both edge and cen- 
ter. On the other hand, the two curves for the 15 
Zn-85 Cu alloy, Fig. 3(b), differ in a fashion that 
would suggest that a higher zinc content existed at 
the surface of the hole in the center. An evident ex- 
planation for this condition is that the rate of evacu- 
ation through the hole was not sufficiently high dur- 
ing the diffusion treatment of this specimen. 

Curves for Zn-Cu specimens subjected to twisting 
during the diffusion treatment are given in Fig. 4. 
The 30 Zn-70 Cu specimen, Fig. 4(a), had a total de- 
formation of only 9 pct with the result that there was 
little, if any, grain-boundary cracking to give spu- 
rious acceleration of diffusion in the more highly de- 
formed portions of the specimen. The curves for 
center and edge are essentially identical, showing 
that the imposed strain rate did not appreciably af- 
fect diffusion. The curves for the 10 Zn-90 Cu spec- 
imen suffered from two complicating effects con- 


nected with the large total deformation, 65 pct. First, 


there was considerable grain-boundary cracking, 
especially near the edge, and second, the hole be- 
came almost closed during its change in cross-sec- 
tion from circular to increasingly elliptical. As a 
result, these curves cannot be easily interpreted. 
However, a clear example is given by Fig. 4(d). 

The 7 Zn-93 Ag alloy, although subjected to a 
relatively large deformation, 60 pct, gave experi- 
mental points through which a single curve can be 
drawn, Fig. 5. This curve, which extrapolates to 
0 pct Zn at the surface of the hole, clearly demon- 
strates the absence of any effect of deformation on 
the rate of diffusion. 


CONCLUSIONS 


The results of this investigation show that strain 
rates on the order of 10~* sec™ have no appreciable 
effect on diffusion in polycrystalline alloys at the 
moderate temperatures employed. 
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Fig. 5—Diffusion curve for 7 Zn—93 Ag specimen subjected 
to 60 pct total deformation by twisting during the dezincifi- 
cation treatment. 


The results also suggest that the study of this 
question can be extended to higher strain rates and 
lower temperatures by the method employed here 
provided the complicating effects associated with 
large deformations are avoided. 
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T. J. Koppenaal and M. E. Fine 


ing (SRO) occurs in Cu base Al. Az at 296°K varies 
with heat treatment, decreasing as the annealing tem- 
perature is raised from 433° to 598°K. Davies and 
Cahn' observed a corresponding decrease in SRO. 


At (523°K anneal, measured at 77°K) is approximate- 


ly proportional to [c,, (1-c,,) |’. The variations of 
Az with strain vate and testing temperature are also 
consistent with the idea that Az is associated with 
SRO. 


A preliminary investigation of the tensile proper- 
ties of a Cu-Al single crystals showed the presence 
of a rather strong yield-point effect (drop in flow 
stress after initial yielding). The object of this re- 
search was to investigate its origin and behavior. 
a@ Cu-Al alloys are particularly interesting because 
diffuse X-ray scattering measurements by Davies 
and Cahn,’ Houska and Averbach,’ and Borie’® es- 
tablished the presence of short-range order. The 
degree of local order may be changed with heat 
treatment.’ Cottrell* suggested that the presence of 
local order might result in a yield-point effect, and 
thus the possibility exists here for experimentally 
ascertaining the importance of short-range order 
with respect to yield points in these alloys. 

Since a 12 pct difference exists between the 
atomic sizes, elastic or Cottrell locking® must also 
be considered. Further, Howie and Swann® have 
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Yield Points in Alpha Cu-Al Single Crystals 


A yield point effect attributed to short-range order- 
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shown that the stacking fault energy of copper is re- 
duced by aluminum additions. The width of extended 
dislocations should thereby increase. Thus the con- 
ditions appear attractive for Suzuki locking.° Finally, 
the possibility of stress-induced order at disloca- 
tions, Schoeck locking,’ must also be examined. 


EXPERIMENTAL PROCEDURE 


Alloys up to 14 at. pct Al were prepared by induction 
melting high-purity (99.999 pct) Cu and (99.996 pct) 
Al in a graphite boat under a dynamic vacuum of 
5 x 10°° mm of Hg. After homogenizing the ingots at 
900°C for at least 24 hr under vacuum, they were 
rolled with intermediate anneals to strips 1.55 mm 
thick. Single crystals 10 in. long were grown by 
lowering strips, contained in a split graphite mold 
sealed in fused quartz at 5 x 107° mm of Hg, through 
a single coil induction heater at a constant rate of 
1/2 in. per hr. ; 

Tensile specimens 1.25 in. long were cut from the 
single crystal strips and reduced cross sections 
about 0.7 in. long and 3.0 to 3.5 mm” in area were 
introduced by filing and abrading.® To remove the 
worked portion about 10 pct of the cross-sectional 
area was removed by etching. Back-reflection Laue 
photographs of a filed and etched specimen were 
taken before and after annealing at 900°C for 24 hr. 
Small, well defined Laue spots were obtained with no 
visual difference in the two photographs. Further, 
specimens with and without the reduced sections be- 
gan yielding at about the same stress. Hence, for 
our purposes, filing and abrading did not affect the 
structure of the specimens. 

Each single crystal specimen was annealed at 
900°C in vacuum for at least 24 hr and furnace 
cooled; while cooling through the range of 250° to 
200°C, the rate was about 55°C per hr. Orientations 
were determined by the usual back-reflection Laue 
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Fig. 1—Initial stage of plastic deformation at 
room temperature in three 14 at. pct Al crys- 
tals furnace cooled from 900°C. 


technique. Prior to testing, each crystal was elec- 
trolytically etched with a 60 pct phosphoric acid 
solution. 

All tension testing was done with an Instron Test- 
ing Machine; unless otherwise stated, the cross- 
head speed was 0.002 in. per min. For the 0.7 in. 
gage length, this amounts to a Strain rate of about 
5x 107° sec™’. 

All yield points reported in this investigation were 
obtained in the easy glide range of deformation. 

Young’s modulus was determined dynamically by 
measuring the longitudinal resonant frequency with 
electrostatic excitation and detection of vibrations.° 


RESULTS 


1) General Observations. Fig. 1 shows the initial 
stage of plastic deformation at room temperature in 
three 14 at. pct Al crystals furnace cooled from 
900°C. Defining the yield drop, At, as the difference 
in the resolved shear stress between the upper and 
lower yield stresses, the A7’s in Fig. 1 vary from 
220 to 310 gm per sq mm. For 10 at. pct Al crys- 
tals the largest initial AT observed was about 100 
gm per sq mm and for 5 at. pct Al crystals about 
50 gm per sq mm. The shear strain increment, Ay, 
associated with the yield drops in Fig. 1 is large and 
varies from 0.02 to 0.03. The unloading during the 
yield drop is nearly always ‘‘jerky’’. 

2) At as Function of Testing Temperature. To 
restore the yield points after plastic deformation 
beyond Ay, the crystals were annealed at 523°K, in 
silicone oil, for 1 1/2 hr and air cooled. Recrys- 
tallization was not observed. Four successive tests 
with one 14at. pct Al specimen after annealing at 
523°K gave At = 227 + 16 gm per sq mm; the crystal 
was extended 0.04 shear strain during each test. 

By use of this annealing procedure, AT was 
measured at various temperatures in alloys of 5, 
10, and 14 at. pct Al with the standard strain rate of 
5 x 107° sec ~*. The results are given in Fig. 2. In 
the 14 at. pct Al alloy, Atv is rather independent of 
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Fig. 2—Yield drop vs testing temperature for 
crystals annealed 1.5 hr at 523°K and air 


testing temperature below 200°K; At decreases sig- 
nificantly with increasing temperatures above 200°K. 
Yield points observed in the three alloys at 77K are 
shown in Fig. 3. In this figure the lower yield stress 
has been drawn at the same level for comparison 
purposes; the actual magnitudes of the lower flow 
stresses are also given. At 77K the unloading is 
smoother than that at room temperature, compare 
Figs. 1 and 3. 

3) At as Function of Annealing Temperature. AT 
was measured at 296 K in 14 at. pct Al crystals 
after air cooling, still air, from various tempera- 
tures, Fig. 4. Except for the lowest temperature, 
annealing times were 1 1/2 hr. At decreases by 
about 60 pct on raising the annealing temperature 
from 433° to 598°K and then Av increases on further 
heating to 673°K. During cooling from 598K, the 
cooling rate decreased from an initial value of 6.0° 
to 0.7K per sec at 423°K. 

4) At as Function of Strain Rate. At was inves- 
tigated as a function of strain rate at 483°K in 14 and 
5 at. pct Al crystals by alternately straining and then 
annealing 10 min, Fig. 5. Strain rates of 5, 12.5, and 
25 x 107° sec”, corresponding to cross-head speeds 
of 0.002, 0.005, and 0.010 in. per min, were em- 
ployed. In the 14 at. pct Al crystal the upper yield 
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Fig. 3—Initial stage of plastic deformation at 
77°K in crystals annealed 1.5 hr at 523°K and 
air cooled. 
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Table I. Flow Stress as Function of T and Al Content 


At. Pct Al 296 °K 373°K 473°K 523°K 
14 1-55 1.32 1.34 to 1.43* 1°37-to:.1-51* 
10 1.24 1.07 1.04 to 1.09* 1.04 to 1.17* 

5 0.88 0.75 0.70 0.66 


Unit is kg/mm* Strain rate = 5 x 10~* sec™. 
* Lower and upper yield stresses during serrated yielding. 


stress is essentially constant, but AT increases with 
the strain rate through a decrease in the lower yield 
stress; AT’s of 125, 200, and 232 gm per sq mm 
were obtained for strain rates of 5, 12.5, and 

25 x 10°° sec™*. Hence, the flow stress, or lower 
yield stress, exhibits an inverse strain rate effect 
at this temperature, that is, it decreases with 

strain rate. 

The serrations in the flow curve for the 14at. pct 
Al crystal are closest together for the slowest 
strain rate. This type of yielding was always ob- 
served in 10 and 14 at. pct Al alloys at testing tem- 
peratures of 415°K or higher but was never observed 
in alloys of 5 at. pct Al or less for testing tempera- 
tures to 523°K, the highest temperature studied. The 
serrations become more pronounced with increase 
in testing temperature. Fig. 5 also shows that At 
is essentially independent of strain rate in the 5 at. 
pet Al crystal; the lower and upper yield stresses 
both increase with increasing strain rate. 

Table I gives values of the lower yield or flow 
stress at various temperatures. In 10 and 14 at. pct 
Al crystals the flow stress increases on heating ina 
certain temperature range. This is inverse from 
the usual behavior and correlates with the inverse 
strain rate effect previously mentioned. 

5) Strain Aging. Strain aging kinetics were meas- 
ured in the temperature range 296 to 332°K. Here 
the rate of increase of the yield point is slow enough 
to be conveniently measured. Four identically ori- 
ented 14 at. pct Al crystals were used and, unless 
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SHEAR’ STRAIN 
Fig. 5—Initial stage of plastic deformation at 
483°K in 5 and 14 at. pct Al crystals tested at 
various strain rates, sec™'. Specimens were 
annealed at 483°K for 10 min between each 
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Fig. 4—Yield drop at room temperature vs 
annealing temperature for 14 at. pct Al crys- 
tals. Specimens were annealed for the indi- 


otherwise indicated, a stress of 1.2 to 1.4 kg per sq 
mm was applied during aging. 

The effect of strain rate on Av after strain aging 
is shown in Fig. 6. For the subsequent strain-aging 
experiments a strain rate of 12.5 x 10°° sec”* was 
used since AT varies slowly with strain rate here. 

The thermal variation of Av for a given treatment 
was evaluated by aging 5 min at 323°K and testing 
both at 323° and 296K. Tests at 296K gave Az of 
140, 146, and 135 gm per sq mm; 136, 131, and 145 
gm per sq mm were obtained at 323°K. The average 
At at 296K is 2 pct larger than that at 323°K. The 
spread of values observed at the same temperature 
is much larger than 2 pct. 

The influence of the aging stress on the strain- 
aging behavior was also studied. A 14 at. pct Al 
crystal was aged 1 min at 323°K using various values 
of stress. The resulting AT’s are given in Fig. 7. 
For aging stresses lower than about 0.7 kg per sq 
mm, AT increases significantly with the aging 
stress; above 1.0 kg per sq mm, the resulting AT is 
reasonably constant. In similar tests at 77K, yield 
drops were not observed. 
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Fig. 6—Yield drop vs strain rate in a 14 at. pct 
Al crystal. The squares represent testing and 
aging (30 sec) at 323°K and the circles represent 
testing and aging (5 min) at 296°K. An aging 
stress of 1.3 kg per sq mm was used. 
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Strain rate was 12.5 x 107° sec” 


AT’s are plotted against log time in Fig. 8. 
Defining f as: 
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To determine the kinetics of strain aging, crystals 
were alternately tested and aged for various times at 
323°, 309°, and 296K; the specimens were extended 
2 pet shear strain during each test. The observed 
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Fig. 9—Annealing times (log scale) to reach 
given values of f plotted against 1/7. The 
activation energies determined from the slopes 
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Fig. 8—Yield drop vs annealing time at 296°, 
309°, and 323°K in 14 at. pct Al crystals, 
y =12.5x sec™!, 


— AT, 
f [1] 


where At; is the final yield drop, taken as 220 gm 
per sq mm, see Fig. 8, and At; is the yield drop at 
aging time ¢, the times corresponding to selected 
values of f are plotted on a logarithmic scale against 
1/T in Fig. 9. Reasonably good linear relationships 
are observed for all f values selected and activation 
energies of motion, €,,, were calculated for each. 
The activation energy increases steadily from 
E» = 0.67 ev for f = 0.95 toe,, = 1.13 ev for f= 0.5. 
Ay’s and A7’s for all of the strain-aging yield 
points are plotted in Fig. 10. Despite the rather 
large variation observed it is evident that Ay gen- 
erally increases with AT; the increase appears to be 
roughly linear. The data for the three crystals 
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Fig. 10—Yield drop vs shear strain for un- 
loading. All strain aging data are included 
(solid circles). Data from Fig. 1 are open 
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Fig. 11—Typical yield points in a 14 at. pct Al 
crystal, ¥ = 12.5 x 10~® sec™!, for strain aging 


shown in Fig. 1 are also included in Fig. 10 and 
they are seen to fall within the extrapolated limits 
of the other data. 

Typical yield points for the strain aging at 296K 
are shown in Fig. 11. The discontinuities during the 
yield drop are much smaller than those shown in 
Fig. 1; the strain rate for the data of Fig. 11 was 
2.5 times faster. 
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Fig. 13—Yield drop at 77°K vs composition for 

crystals annealed 1.5 hr at 523°K and air cooled. 

Various theoretical curves are also shown. 

These have been normalized with the experimental 

curve at 0 and 14 at. pct Al. 


1182-VOLUME 221, DECEMBER 1961 


473 573 673 


-4 


TEMPERATURE IN °K 


Fig. 12—Relative change in Young’s modulus in 
a 14 at. pct Al single crystal vs annealing tem- 
perature. Specimen was air cooled from each 
temperature and measured at room temperature. 


The maximum yield drops for aging at 323°K were 
also measured in 5 and 10 at. pct Al alloys and 
values of 47 and 132 gm per sq mm, respectively, 
were obtained, compared to 220 gm per sq mm for 
14 at. pct Al. 

6) Slip Line Observations. The surfaces of elec- 
tropolished crystals were examined at different 
stages of deformation with a light metallograph. 
After 0.01 shear strain, on crystals of 2.5 or less 
at. pct Al there is a high density of very fine slip 
lines like those observed in pure copper.’ Alloys of 
5 or more at. pct Al show localized areas of very 
coarse slip lines characteristic of a-brass.” 

With 5 or more at. pct Al, further straining pro- 
ceeds by the coarse Slip lines propagating across 
the gage length of the crystals. This is similar to 
the behavior in a-brass single crystals observed by 
Piercy, Cahn, and Cottrell” and referred to by them 
as Liiders band propagation. Along with the coarse 
Slip lines, cross slip was also observed after an 
initial 0.01 shear strain; the cross-slip tendency in- 
creased with Al content. ; 

The total amount of slip associated with the slip 
bands in a 14 at. pct Al crystal was measured using 
an interference microscope. The specimen was ex- 
tended 0.01 strain, which corresponds to 0.022 shear 
strain. With a gage length of 2.044 cm the total 
shear in the crystal computes to 0.045 cm. The 
total longitudinal length occupied by the slip bands 
was found to be 0.29 cm or about 14 pct of the gage 
length of the crystal. The slip height of each slip 
band was then measured with the interference mi- 
croscope. The smallest step measurable with this 
instrument is 0.054u. The total of the slip heights 
measured was 85.17u. The total shear, S, was cal- 
culated from the total height, h, by the relationship, 


h 
= Sin ¢sind [2] 
where ¢ is the angle between the slip plane and the 
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surface, and @ the angle between the slip direction 
and the slip line. A total shear due to the slip bands 
of 0.019 cm was obtained. Since the crystal received 
a total shear of 0.045 cm, the measured shear 
accounts for only 42 pct of the total shear. It is 
evident that an appreciable amount of slip has 
occurred on a fine sub- microscopic (light) scale. 

7) Young’s Modulus Measurements. The resonant 
frequency of a 14 at. pct Al single crystal was mea- 
sured at room temperature after air cooling to room 
temperature from 673° to 473°K. The specimen was 
held 1 1/2 hr at each temperature prior to cooling in 
still air. The results of this experiment are shown 
in Fig. 12 as AE7;/E,, where E, is Young’s modulus 
observed on furnace cooling from 900°C. The modu- 
lus decreases with increasing annealing tempera- 
tures to 618K, and then increases. Comparing 
Figs. 4 and 12 shows a Similarity in the modulus 
and yield-drop behavior. 


DISCUSSION 


In the discussion which follows, the experimental 
findings are analyzed in terms of the various mech- 
anisms which have been proposed as sources for 
yield point effects; that is, short-range ordering, 
Cottrell locking, Suzuki locking, and Schoeck locking. 
The yield point effect ina@ Cu-Al we think is due to 
short-range ordering. 

1) Variation of At with Composition. The A7’s ob- 
tained at 77K after air cooling from 523K, Fig. 2, 
are replotted as a function of composition in Fig. 13; 
At is approximately proportional to [c(1-c)]?, where 
c is the atomic concentration of solute. Ar,,,, for 
strain aging at 323°K also approximately follows 
[c(1-c)]*?. Suzuki® analyzed the compositional de- 
pendence of Cottrell locking in a substitutional solid 
solution at low temperatures and predicted that the 
locking force is proportional to c(1-c). Theoretical? 
and experimental® evidence indicates that Suzuki 
locking is also proportional to c(1-c). 

Flinn“ proposed the following relationship for 
short-range order strengthening on the basis of 
quasi-chemical theory considering nearest neigh- 
bor interactions and neglecting strain energy and 
entropy effects: 


162 [3] 


In Eq. [3], v is the interaction energy, a the short- 
range order parameter of the nearest neighbor 
shell, and a, the lattice parameter. The relationship 
between v and a has been derived by Flinn’® based 
on nearest neighbor interactions and the quasi- 
chemical model of a solid solution. 


Qa 


c(1-c) [exp - 1] [4] 


T is the temperature at which a is the equilibrium 
short-range order parameter. When the amount of 
local order is small, Eq. [4] reduces to:** 
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Substituting [5] into [3] gives: 
« [e(1-c)} [6] 


The amount of local order in Cu-Al alloys is not 
small; consequently the short-range order strength- 
ening was calculated from [4] and [3]. The data of 
Houska and Averbach’ with Eq. [4] give v = -0.04 ev, 
and then a values of —0.038, -—0.075, and -0.113 
were computed for 5, 10, and 14 at. pct Al, respec- 
tively. The locking forces calculated with Eq. [3] are 
0.33, 1.0, and 2.35 kg per mm for 5, 10, and 14 at. 
pet Al. These values are approximately five times 
larger than the observed values of At. While Eq. [3] 
and [4] are approximations, the large discrepancy 
may mean that AT doesn’t correspond to complete 
destruction of short-range order in the slipped 
region. 

Since Schoeck locking is also an ordering effect, a 
variation with c similar to short-range order 
strengthening might be anticipated. 

While it is not possible to quantitatively compute 
At vs c for short-range order, Suzuki, and Cottrell 
locking, the qualitative predictions are perhaps im- 
portant. Thus, all of the theoretical curves in Fig. 13 
were normalized to the experimental data for 14 at. 
pet Al; the best agreement with the data is obtained 
with the normalized curve for short-range order 
strengthening. 

2) Variation of At with Testing Temperature and 
Strain Rate. Using a constant anneal of 1 1/2 hr at 
523%, At (strain rate = 5 x 10°° sec”*) is roughly 
independent of T below 200°K but varies rapidly with 
T above 200K, Fig. 2. 

Cottrell locking is thought to be highly tempera- 
ture dependent at low temperatures.” Since the 
stress field about a dislocation decreases inversely 
with the distance from the dislocation, one expects 
any stress-induced ordering about a dislocation 
(responsible for Schoeck locking) to be rather short 
range, thus significantly more important at low than 
at high temperatures. Suzuki and short-range order 
strengthening are long-range effects and should, 
therefore, be nearly independent of temperature. The 
data below 200°K thus points to one of these. 

The decrease of AT on heating above 200°K we 
attribute to thermally activated atomic rearrange- 
ment. Assuming ArT is due to local order, a similar 
explanation could be advanced for Suzuki locking, 
point defects created by plastic deformation are 
presumed to enhance diffusion at these temperatures, 
permitting reordering on the slip planes between 
successive dislocation passes. The steady-state 
degree of local order across an active slip plane 
at constant strain rate is presumed to increase with 
increasing temperature above 200°K and, hence, 

AT decreases. Further, during Ay the flow is less 
jerky at 77K, Fig. 3, than at 296%, Fig. 1. 

As shown by Wechsler and Kernohan,”* defects in- 

troduced by neutron irradiation at 153°K in a Cu-15 
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at. pct Al single crystal are immobile at 153°K but 
start annealing out at about 223°K. This correlates 
well with the interpretation of our data proposed. 

The variation of At with strain rate above 200°K is 
still further evidence for local diffusion. Increasing 
the strain rate by a factor of 50 at 296 or 323°K 
approximately doubles Av, Fig. 6. In the experi- 
ments at 483°K with 14 at. pct Al, Fig. 5, the lower 
yield stress decreases with increasing strain rate. 
A similar strain rate effect was also observed by 
Ardley’” in Cu,Au single crystals above the Curie 
temperature. In Cu,Au’’ and 14 and 10 at. pet Al, 
Table I, the flow stress increases with temperature 
in certain ranges of temperature. In all of these 
cases, as the temperature is increased or the strain 
rate is decreased more diffusion takes place be- 
tween each local increment of flow and the steady- 
state degree of order increases. 

The serrated flow may also be due to local diffu- 
sion and fluctuating local order close to the active 
Slip planes. In both the 10 and 14 at. pct Al alloys 
the serrated flow is observed above approximately 
413°K, whereas it is never observed in alloys of 5 or 
less at. pct Al at least to 523°K. Ardley and Cottrell’® 
also observed serrated flow in Cu-10 or more at. pct 
Zn alloys at 423° to 478K but not in alloys of 1 and 5 
at. pet Zn. 

3) Variation of At with Annealing Temperature. 
The strongest evidence that short-range order is re- 
sponsible for the yield point effect is the variation of 
Az7 at 296K, air cooled, with annealing temperature, 
Fig. 4. Davies and Cahn’ reported that the degree of 
short-range order at room temperature in water 
quenched specimens decreases as the annealing 
temperature is increased from 425° to 827K. Wech- 
sler and Kernohan’® measured the resistivity of a 
Cu-15 at. pct Al single crystal at room temperature 
as a function of annealing temperature. The resis- 
tivity was maximum for 593°K on air cooling and 
723°K on water quenching. The explanation is that on 
initially increasing the annealing temperature less 
short-range order is quenched in and the resistivity 
increases. At higher temperatures sufficient vacan- 
cies are quenched in to allow ordering to take place 
during the quench and immediately after. Wechsler 
and Kernohan’® observed a decrease in resistivity 
with time after quenching from 723°K and studied the 
kinetics in detail. 

The air cooled Young’s modulus values, Fig. 12, 
show good correlation with the resistivity changes 
observed by Wechsler and Kernohan;’® while a 
resistivity maximum was noted at 593°K, a mini- 
mum modulus was noted near 613°K. We have re- 
ported elsewhere” upon the kinetic changes in the 
modulus after quenching. 

In Fig. 4, At at 296K, air cooled, decreases as the 
annealing temperature is increased from 433° to 
598K. The correlation appears quite clear; less 
short-range order is frozen in as the annealing tem- 
perature is increased, giving a decrease in AT. 
Increasing the annealing temperature above 598K 
causes an increase in AT, correlating with the 
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modulus and resistivity data. 
It should be remarked that Davies and Cahn’ did 


not observe an increase in the local order ai room 
temperature on increasing the annealing tempera- 
ture above 732°K. An increase is indicated by the 
resistivity data for water quenching.”® This is a 
point which requires further investigation. 

4) Specific Heat Considerations. Differential 
thermal analyses by Panin and Zenkova” and Masu- 
moto, Saito and Takahashi™ show the presence of a 
heat effect in Cu-Al alloys between 450° and 600°K 
correlating with the resistivity, modulus, A7, and 
diffuse X-ray scattering data. Graphically measur- 
ing the extra area under the specific heat vs tem- 
perature curve reported by Panin and Zenkova gives 
a total excess heat content of 59 cal per mole of 
alloy. A simple calculation shows that this value 
can be understood on the basis of short-range order 
but not on the basis of Suzuki segregation, that is, 
Al atoms segregating to stacking faults. Consider- 
ing Suzuki segregation first, by assuming a disloca- 
tion density of 10® lines per sq cm and stacking fault 
widths of 100 atoms, the probability of finding an 
atom in a stacking fault is 7 x 10°. Assuming that 
the composition of a fault changes from 100 pct Cu 
to 100 pct Al, the segregation energy per atom would 
have to be about 400 ev to give the observed heat 
effect. This value is unreasonably high and actually 
is an underestimate. For comparison, the heat of 
formation of GP zones in Al-Cu alloys is only about 
0.08 ev per Cu atom. Thus Suzuki segregation does 
not appear to be the source of the heat effect. 

The energetics are much more reasonable for 
short-range ordering. Rudman and Averbach”™ give 
the following expression for the enthalpy change for 
a change in local order, assuming quasi-chemical 
near neighbor interactions: 

(7] 


6H™ = c(1-c)ZN, v(ba) 


5H™ is the enthalpy change, Z the coordination num- 
ber, N, Avagadro’s number, and the other symbols 
have the same meanings as before. With Eq. [4], a 
was calculated to be —0.139 at 448K and -0.101 at 
598°K for the 15.9 at. pct Al alloy used by Panin and 
Zenkova. From the difference, 0.038, 5H” was com- 
puted to be 56 cal per mole with Eq. [7]. This com- 
pares excellently with the experimental value of 59 
cal per mole. The good agreement must be regarded 
as somewhat fortuitous because of the assumptions 
involved in Eq. [7]; however, the specific heat effect, 
which occurs approximately over the same tempera- 
ture range as the observed change in local order, 
and the AT, Young’s modulus, and resistance effects 
may be rationalized on the basis of a short-range 
ordering reaction but not on the basis of Al atoms 
segregating to stacking faults. 

A similar effect of roughly the same heat content 
is observed in a-brass™ and it, too, is too large to 
be accounted for on the basis of Suzuki segregation. 

In conflict with our conclusions, Cahn and Davies” 
published the results of a low-angle scattering study 
of anneal hardening in Cu-15 at. pct Al and proposed 
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that their results strongly support solute segregation 
to stacking faults. However, the low-angle scattering 
effects are perhaps due to double Bragg reflections 
rather than scattering from GP-like zones. Further, 
Howie and Swann’ did not observe Suzuki segregation 
on annealing of cold-worked specimens with trans- 
mission electron microscopy. 

5) Strain Aging Behavior at 296°to 323°K. In the 
data discussed so far, the yield points were devel- 
oped by annealing at 433°K or higher without external 
load. Here, the evidence points to short-range 
ordering as the origin of the effect. 

On strain aging 1 min at low temperatures, Fig. 7, 
an applied stress during the aging significantly in- 
fluences AT. With small aging stresses AT increases 
rapidly with stress. The yield points here are not 
due to off-loading effects’*”* per se because similar 
tests at 77K did not show yield points. 

It is suggested that reordering near room tem- 
perature for the aging times investigated is largely 
at and near dislocations and is stress-assisted 
similar to Schoeck locking. The applied stress then 
causes dislocations to bow between obstacles pro- 
ducing a longer total length; this results in a greater 
amount of locking. 

As noted previously, one anticipates a similar 
variation of locking stress with composition for 
short-range order strengthening and Schoeck lock- 
ing. AT,nax for 323°K aging and Az for 1 1/2 hr 
annealing at 523°K both depend upon composition 
approximately as [c(1-c)]’. 

The effective activation energy, €,,, increases 
steadily as the aging progresses near 300°K, Fig. 9. 
Wechsler and Kernohan observed a similar behavior 
on annealing after quenching’® and low temperature 
neutron irradiation’® in Cu-15 at. pct Al single 
crystals. They suggested that single vacancies and 
vacancy aggregates were present and these had dif- 
ferent €,,s. The defect with the greatest mobility 
(lowest €,,) would anneal out faster and the effective 
€m would then increase with time. Li and Nowick” 
also discussed the possibility of different point de- 
fects in annealing processes in Cu-Al alloys. 

6) General Comments. The experimental results 
strongly indicate that the yield-point effect is assoc- 
iated with short-range ordering. However, a detailed 
explanation of the yield point in terms of short-range 
ordering is not simple. 

The deformation associated with the coarse slip 
lines is highly localized during the early stages of 
easy glide. As the deformation proceeds, the regions 
containing the coarse slip lines grow. Since the 
amount of slip associated with the coarse slip lines 
accounts for only about 42 pct of the total slip, it is 
suggested that fine slip, not detected with a light 
microscope, is occurring in other portions of the 
specimen. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


One might suggest that the yield point is associated 
with the formation of Liiders bands and their propa- 
gation, that is, propagation requires less stress than 
formation. However, Liiders bands are observed 
whether or not a yield-point effect is seen, and, 
hence, a Liiders band can form with or without a 
yield point. Apparently if the region of the band has 
appreciable short-range order, a yield drop is ob- 
served. The yield drop we suggest is associated with 
the destruction of short-range order on the slip 
planes which are active during the deformation cor- 
responding to Ay. In addition to coarse slip, fine 
slip is presumed to occur during Ay and it is further 
suggested that the subsequent coarse slip associated 
with the spread of the Liiders bands is at the sites 
of previous fine slip. 

In this paper we have reported upon the strength- 
ening represented by a yield point; a future report 
will analyze the strengthening of the lower yield 
stress with aluminum additions. 
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Kinetics of Reduction of Magnetite to Iron and Wustite 


in Hydrogen-Water Vapor Mixtures 


Jean M. Quets, Milton E. Wadsworth, and John R. Lewis 


Samples of synthetic magnetite were reduced in 
hydrogen-water vapor atmospheres in the tempera- 
ture range 450° to 900°C. The reaction was always 
surface controlled, indicating the final products of 
reaction are nonprotective. Three separate cases 
have been identified from the kinetic results: Case I, 
reduction of magnetite to iron below 570°C; Case ll, 
reduction of magnetite to iron above 570°C; and 
Case III, reduction of magnetite to wustite above 
570°C, In Cases I and III the kinetics have been 
explained by the formation of oxygen anion vacan- 
cies in the magnetite surface followed by associated 
diffusional processes. In Case II the observed 
kinetics have been related to the concentration of 
iyon cation vacancies in the wustite layer formed, 
followed by associated steady-state diffusional 
processes. The concentration of cation vacancies 
in the wustite is maintained constant by the mag- 
netite-wustite equilibrium, 


Tue reduction of the oxides of iron has been a 
subject of study and interest for many years. How- 
ever, few attempts have been made to interpret the 
results in terms of the mechanism of reduction of 
an iron oxide by either hydrogen or carbon mon- 
oxide. 

Stalhane and Malmberg’ using CO, H,, and CO-H, 
mixtures, developed the rate expression: 
s (P - Pe) [1a] 
where m= mass of oxide reduced, ¢ = time, k =a 
constant, s = surface area, P = partial pressure of 
of CO or H,, and P, = partial pressure of the re- 
ducing gas at equilibrium. The rate of reaction per 
unit area was proportional to the difference between 
the partial pressure of the reducing gas and its 
pressure at equilibrium. Hansen, Bitsianes, and 
Joseph? studied the reduction of pellets of hematite 
to magnetite with mixtures of CO-CO,. They con- 
cluded that below 450°C the reaction proceeded ac- 
cording to a model in which CO reacts with the 
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hematite surface producing an oxygen ion vacancy. 
The rate controlling step was then assumed to be 
oxygen ion diffusion through vacancies resulting in 
the formation of magnetite. They derived an ex- 
pression giving the rate of reduction proportional to 
the CO/CO, ratio. 

Recently McKewan® published results for the re- 
duction of magnetite spheres in H, -H,O-N, atmos- 
pheres below 570°C. He explained his results by an 
equation of the form 


KolPu, ~ Fao [1b] 


Rate = 
Puzo Kp + 1 
PH, 


where Ke, is the equilibrium constant for wustite- 
iron equilibrium attributed to the formation of 
wustite as an intermediate in the reduction of mag- 
netite. According to McKewan, Ky is an equilibrium 
constant for H, -H,O adsorption in which oxygen is 
deposited on the surface from the H,O and sub- 
sequently acts as a poison for reduction by hydrogen. 
Sample Preparation and Experiments. In this 
work the authors used the same apparatus and ex- 
perimental procedure employed in the hydrogen re- 
duction of magnetite. Sintered disk samples weigh- 
ing approximately 1.5 g and measuring 1.2 cm in 
diameter and 0.25 cm in thickness were prepared by 
a method described previously.* Partial pressures 
of hydrogen and water vapor were controlled by 
bubbling hydrogen through a series of flasks con- 
taining distilled and deionized water niaintained at 
constant temperature in an oil bath. The total flow 
rate of the reacting gases—hydrogen and water 
vapor —was approximately 0.5 liter per min. The 
entire external system was maintained at a tempera- 
ture above the oil bath to prevent condensation of 
water vapor. This was accomplished by wrapping 
electrical resistance elements over all surfaces. 
The glass column containing the weighing system— 
a McBain balance suspended from a gold chain—was 
enclosed in an aluminum tube heated by nichrome 
resistance wire enclosed in an insulating material. 
The temperature of the glass column was held 
constant by means of a series of thermocouples con- 
nected in parallel to a Leeds and Northrup tempera- 
ture controller. This was necessary since variations 
in temperature resulted in expansion and contraction 
of the glass column and could be readily observed 
with the cathetometer. The spring extensions were 
measured through a window with a gaertner cathe- 
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Fig. 1— Equilibrium diagram showing phase relationships 
at various temperatures and hydrogen-water vapor ratios. 


tometer, permitting determinations of weight changes 
as small as 0.02 mg. 

Equilibrium Conditions The equilibrium diagram, 
Fig. 1, as shown by Edstrom® gives the stable 
regions for iron, wustite, and magnetite, the scale 
of the partial pressure being too small to show the 
hematite range. Below 570°C the equilibrium reac- 
tion along line a of Fig. 1 is 


Fe,O, + 4H, 3 + 4H,O [1] 


Above 570°C wustite becomes stable and the equi- 
librium reaction along 0} is 


K. 
Fe,O, + H, = 3FeO+ H,O [2] 
Likewise along c the equilibrium is represented by 


K. 
FeO+H, = Fe+H,O [3] 


The extension of a, designated d in Fig. 1, above 
570° may be evaluated by the expression 


Ky = K,'/4 =[(K,)® K,]'/4 [4] 


where K,, K,, and K, are the equilibrium constants 
of Eqs. [1], [2] and [3] respectively. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Case I: Reduction of Magnetite to Iron Below 
570°C. Included under Case I is the reduction of 
magnetite to iron below 570°C. Typical linear rate 
plots are illustrated in Fig. 2 for magnetite reduc- 
tion at 500°C in several H,-H,O mixtures. The 
rates of reduction are represented by the slopes of 
the weight change vs time plots. Inall casesthe rates 
were linear, indicating the iron formed is non-pro- 
tective. Similar results were reported for magnetite 
in pure hydrogen by us* and by McKewan’*,® for 
hematite and magnetite. Rates of reduction for 
various H, -H,O gas compositions are shown in 
Fig. 3 where the rate refers to the removal of oxy- 
gen atoms from the oxide lattice measured as mol- 
ecules cm™~? sec~! on the left ordinate of the figure 
and g cm~? sec-! on the right ordinate. The abscissa 
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Fig. 2—Weight loss-time curves for magnetite reduction 

to iron in various atmospheres of hydrogen and water 


vapor. Pressures have been corrected to a total pressure 
of 1.0 atm. Actual total pressure is 0.86 atm. 


refers to the fraction of the gas which is H,O [ frac- 
tion = + Pu,)] the remainder 
being H,. For the three temperatures studied (450°, 
500°, and 550°C) the curves are clearly concave up- 
ward. The rates approach zero as the partial pres- 
sure of H,O increases. The points along the 500°C 
curve for example all lie along the vertical dashed 


Case 


x 107!'7 


-2 
fo cm sec 


RATE 


Fraction 


Fig. 3—Measured rates for various fractions Pro [frac- 
tion = PH20/(PH20 + PH,)] for magnetite reduction 
to iron below 570°C. Lines drawn through experimental 
points are calculated curves according to Eq. [15]. 
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line e of Fig. 1. The P,, 20 values corresponding to 
equilibrium or zero rate, indicated by the points on 
the horizontal axis of Fig. 3, were taken from along 
line a of Fig. 1. 

Following concepts advanced by Hauffe’»® the re- 
duction of magnetite below 570°C may be considered 
to take place in three separate steps: 

k 


Fe, 0, + Fe,0, +O, +20 +H,O [6] 


3 (Fe;0,+0,+20 Fe,O, + Fe, +20 [7] 
4 


+20 = Fe [8] 


6 
where Oj is an oxygen ion vacancy in the magnetite 
surface, 6 represents an electron in the lattice, and 
Fe,” is an iron cation on the magnetite surface. 
The weight change per unit surface area and conse- 
quently the number of oxygen ions (”,) reacting per 
unit area can be found from Eq. [ 6], since Eqs. [ 7] 
and [8] do not involve weight changes. The constants 
k, and k, represent the forward and backward rate 
constants for Eq. [6] and 


=¢ Pu, Rk, - 


[9] 
where @¢ is the number of reactive sites per unit 
area and C,= is the concentration of oxygen ion 
vacancies per unit volume in the surface of the mag- 
netite. The standard state for reactions k, and k, 

is one mole of gas per liter; whereupon k, and k, 
are of the form k, = (k/Rh) e ~4Fi*/RT 


where k and are the and Planck con- 
stants respectively and AF; + isthefree energy of 
activation. The term A is the thickness of a single 
surface oxide ion layer and is necessary to convert 
Cos to the number of oxygen ion vacancies per unit 
area. 

Assuming a steady-state process for the forma- 
tion and removal of oxygen ion vacancies and Fe,** 
ions at the magnetite surface: 


dCoz 
and 
stt 
at = Coz ks Cre s** ka 
1 
Cre hs ++ he = 0 [ 11] 


The quantity 1/d is factored out of k, for conveni- 
ence in clearing terms and is a thickness converting 
concentration of active sites included in k, to the 
number of active sites per sq cm. Eqs. [9],[10],and 
[11] may be combined to give 
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[12] 


For reasons which will be presented later it may be 
assumed k, < k,, and Eq. [ 12] becomes 


UL 
an, ~Puo 
[13] 


Pu,0 


The constants of Eq. [13] are not completely arbi- 
trary as may be seen from the boundary conditions. 
When Piz0 = 0, Eq. [13] becomes dn, /dt = ky 
which describes the reduction of magnetite in pure 
hydrogen or hydrogen-nitrogen mixtures as reported 
previously.* When the rate of reduction is zero 
(dn, /dt = 0) at the equilibrium partial pressures 

(Py, °, Pu,o ) it is apparent from Eq. [13] and the 
summation of Eqs. [ 6], [7], and [8] that 


Py° 


[14] 


where K,’ is the equilibrium constant determined 

from line a of Fig. 1. Eq. [ 13] therefore becomes 
dn, - Of /K,' [15] 
dt Artl 


where A, = k,k,/k,k, and is the only arbitrary 
constant. Selecting one point from each experimental 
curve to determine A, at the temperatures studied 
and using $k, from previous studies in H,* and 

K,’ from line a of Fig. 1, the theoretical curves 
shown as solid lines in Fig. 3 were calculated. Also 
it is possible to determine the value of k, independ- 
ently for each temperature since $k, /K,’ Ay = kg. 
According to the mechanism proposed here, the 
equilibrium along line a of Fig. 1 resulting from 
the summation of Eqs. [6], [7], and [8] is 


H, + (Fe,0, + OF +20) =Fe+H,O [16] 

X-ray examination of reduction products prior to 
complete reduction showed the presence of wustite 
below 570°C. Even at 500°C some wustite was in 
evidence when the fraction of Py0 was near equi- 
librium. At 550°C wustite was in evidence when the 
fraction of P#,0o was 0.1. The presence of wustite 
may be explained as a transient product resulting 
from the reaction 


Fe,O, +20 ~ 3FeO [17] 


The amount of wustite present did not vary ap- 
preciably during the course of one run. This fact 
plus the fact that the temperature coefficient below 
570°C,* and the continuity of data shown in Fig. 3 
suggest that the formation of wustite according to 
Eq. [17] may be a parallel reaction having little ef- 
fect on the kinetics because of the relatively con- 
stant amount present during the course of the reac- 
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Fig. 4—Rates of reduction of magnetite to iron vs PH» at 
550°C where the PH,0/Pu, ratio is held constant but 
dilution is effected using nitrogen as the diluent. 


tion. On the other hand, it may be a transient 
product in the series of reactions observed in the 
kinetics if it represents a recrystallization inter - 
mediate for the reformation of magnetite from the 
surface magnetite containing oxygen ion vacancies, 
providing the wustite does not form a protective 
coating over the magnetite surface. Once the wus- 
tite is formed it would rapidly revert to magnetite. 
The fact that FeO can form at all below 570°C 
provides evidence for the formation of oxygen ion 
vacancies in the surface of the magnetite according 
to reaction [6]. Other investigators*°-"' have also 
reported finding wustite below 570°C. 

If the ratio of (Py, /Py,) is maintained constant, 
Eq [15] requires a nonlinear variation of rate with 
Py. When Fy, = 0* or a small number such that 
PyroAr «1, the rate will increase linearly with 
Py, This may be checked by dilution with N, while 
keeping the (P,, 0 Pu,) ratio constant. At 500°C 
and ratios of Py o/Py, less than 0.04/0.96, 


Py,oA1 <1 and the calculated rate according to 
Eq. [15] increases linearly with Py up to atmos- 
pheric pressure for various N, dilutions in agree- 
ment with the findings of McKewan.* However, at 
higher (Fj;,o/Py,) ratios, particularly at higher 
temperatures, the nonlinearity of rate with P, 


at constant (Pj;,o/Py,) should be readily observable. 


Fig. 4 illustrates the nonlinear dependence of rate 
with P,,, at 550°C for (Py,../Fy,) ratios of 0. 05/ 
0.95, 0. i0/0. 90, and 0.125/0.875. This result has 
appreciable practical implication since it indicates 
that the benefit of increased pressure at constant 
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Fig. 5—Measured rates for various fractions PH2o0 for 
magnetite reduction to iron above 570°C. Lines drawn 
through experimental points are calculated curves ac- 
cording to Eq. [26]. The extended dashed lines to the 
right of line c indicate the regions in which iron is 
thermodynamically unstable. 


(Piro /Py, ) ratios becomes less and less important 
as the total overpressure increases. In fact a 
limiting rate should be approached at which addi- 
tional total overpressure should have little further 
effect. 

The mechanism presented here is very similar 
to that proposed by Hansen, Bitsianes and Joseph? 
for the reduction of hematite to magnetite in CO-CO, 
mixtures. They considered the first step of their 
reaction as equilibrium and obtained the equation, 
rate = A Pco/Pco,. This expression, however, does 
not give zero rate at the equilibrium CO-CO, par- 
tial pressures. Using the steady-state approxima- 
tion their equation becomes of the same form as 
Eq. [15] above. In their case the first term in the 
denominator is much larger than one and would re- 
sult in the expression rate = A Pco/Pco, - B, which 
provides for a zero rate at the equilibrium CO-CO, 
partial pressures. 

Case II: Reduction of Magnetite to Iron Above 
570°C. Above 570°C a dense layer of wustite forms 
as a result of the reaction 


(4X - 3) Fe + Fe,O, FexO 


[18] 


Edstrom and Bitsianes’? studied the kinetics of re- 
action [ 18] and found the rate to be controlled by 
diffusion of iron through cation vacancies in the 
wustite. This reaction involves no weight change. 
Quets‘ et al. have shown that the kinetics of hydro- 
gen reduction of magnetite to iron above 570°C are 
controlled by the reduction reactions at the wustite- 
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iron interface, iron being nonprotective. The rates 
were again linear in the H,-H,O mixtures. 

The results of these studies are shown in Fig. 5. 
These curves are similar to those obtained below 
570 deg as shown in Fig. 3, with the exception that 
iron is not stable at higher fractions of water vapor 
as indicated by the dashed line. This may be seen 
by examining line f in Fig. 1 for 900°C; the points 
on the 900°C curve of Fig. 5 fall on line f of Fig. 1. 
Between points f, and 4 wustite is the final stable 
phase rather than iron. Points f, and f, are also 
shown on the 900°C curve of Fig. 5. Point f, is on 
line d of Fig. 1 and may be calculated by Eq. [4]. 
This point is never actually reached because wustite 
becomes the stable phase below f,. The region be- 
tween f, and f, will be presented separately as 
Case III since the kinetics in this region represent 
the reduction of magnetite to wustite. 

The presence of a bulk wustite phase above 570 
deg may be attributed to the rapid diffusion of iron 
through wustite resulting in the formation of wustite 
as indicated by Eq. [18] with the rapid establishment 
of equilibrium at the magnetite-wustite interface ac- 
cording to the reaction’ 

Fe,O, = 4FeO+ Fe, +20 [19] 
where Fe, represents a cation vacancy and ® is 
an electron hole. An additional equilibrium condition 
at the magnetite-wustite interface may be expressed 
as 


3FeO = Fe,O, + 05 +20 [ 20] 


Since the wustite formed is protective, the reduction 
observed in H,* and in this study in H, -H,O mix- 
tures represents the kinetics of reduction occurring 
at the wustite-iron interface. The iron is porous, 
permitting access of gaseous reactants and products 
to and away from the wustite surface. 

The results shown in Fig. 5 may be explained by 
the reactions 


k 
FeO + 2 +H, Fe, ** + H,O [ 21] 
8 


k 
Fe,** Fe+2@ [ 22] 


10 


If the kinetics are surface controlled such that bulk 
diffusion of cation vacancies is not rate controlling, 
then the concentration of cation vacancies and sub- 
sequently electron holes at the wustite surface is 
controlled by the equilibria of Eqs. [ 19] and [ 20] 
and remains constant as long as the magnetite-wus- 
tite equilibrium prevails. 

The weight change and consequently the rate of 
removal of oxygen atoms per unit surface area may 
be expressed by considering the forward and back- 
ward reactions k, and k,, 


dt 


[23] 
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If steady-state conditions are assumed for the 
formation and removal of Fe, 


d Cre ied 


at = Py Ry - Cre ++ Pio kg 


Cret+ [ 24] 
r 


Eqs. [ 23] and [ 24] may be combined resulting in 


= [ 25] 
at Pio = +1 


which is of the same form as Eq. [13] for Case I. 
As before, Eq. [25] may be solved in the limits such 
that 


at An +1 


where Aj, = k,/k,. The quantity Aj, is the only arbi- 
trary constant since 4 C,@ k, is determined for 
wustite reduction in pure hydrogen‘ and K,’ is cal- 
culated by Eq. [4], line d of Fig. 1. Fig. 5 illus- 
trates the calculated curves according to Eq. [ 26] 
where Aj; is selected to give the best correlation of 
the data and AC, @ k, is the rate constant in pure 
hydrogen.* The points shown on the horizontal axis 
of Fig. 4 lie along line d of Fig. 1. The constant 

ky, may be determined separately from the relation- 
ship Cz @ k,/K,’ Ar = Rio: 

The mechanism proposed here is similar in con- 
cept to that presented by Smeltzer'’,'* for wustite 
scale formation during the oxidation of iron in 
CO-CO, atmospheres. In oxidation, however, the 
concentration of cation vacancies is controlled by 
equilibrium at the wustite-iron interface. 

Case III. Reduction of Magnetite to Wustite above 
570°C. A discontinuity in the kinetics results when the 
ratio of water vapor to hydrogen is such that wustite 
is stabilized. Such a point is f, of Fig. 5. Above f, 
iron is the final stable form and below f, wustite 
is the final stable form. As may be seen from Fig. 1 
for 900°C, f, is on the boundary between the iron and 
wustite phases of the diagram. Conditions are very 
different below f, since no metallic iron phase can 
form to produce the protective wustite layer by iron 
cation diffusion according to Eq. [18]. As a conse- 
quence, the wustite now formed is nonprotective. 
This is evidenced by the fact the rates are linear in 
this region as before and are not influenced by the 
thickness of the wustite layer. Also, separate por- 
osity measurements were made in boiling water 
which demonstrated the high porosity of the wustite 
formed. In one sample, reduced at 800°C, the wustite 
layer had a measured porosity of 45.5 pct. The re- 
duction process may therefore be considered to 
represent the direct reaction between magnetite and 
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hydrogen as in Case I with wustite as the final stable 
phase. 

Fig. 6 represents the rates measured for various 
hydrogen-water vapor atmospheres where wustite 
is stable. The rate is plotted against fraction water 
vapor of the hydrogen-water vapor mixture. The up- 
per points were taken from along line c of Fig. 1 at 
the appropriate temperatures and the points at zero 
rate on the horizontal axis represent corresponding 
partial pressures for the equilibrium between wus- 
tite and magnetite taken from line b of Fig. 1. For 
example, the experimental points on the 900°C rate 
isotherm of Fig. 6 lie between f, and f, on the 
dashed 900°C line of Fig. 1. 

The results presented in Fig. 6 may be explained 
by a mechanism similar to that proposed in Case I 
in which oxygen is removed from the magnetite 
surface leaving an oxygen anion vacancy followed by 
steady-state crystallization of wustite: 


Fe, 0, + Hy Fe,0, +05 +20+H,0 [27] 
12 
Fe,0, +03 +2043, 3Fe0 [28] 


Ry4 


The weight change and consequently the rate of 
removal of oxygen atoms from the sample may be 
represented by the forward and backward reactions 
k,, and 

=@' Pa ky -AC k [ 29] 
dt Hp 12 

where @’ is the number of active sites available for 
the reaction. If steady-state conditions are assumed 
for the formation and removal of oxygen anion va- 
cancies in the magnetite lattice 


Py Pu ~ Pingo Cog is 
1 
=0 [ 30] 


Eqs. [ 29] and [30] may be combined resulting in 
Ris 


dn, 9” Py Ry, - Po 


at Ria 
[31] 
Ris 
which is of the same form as Eq. [13] and [25] for 
Case I and Case II respectively. Again Eq. [31] may 
be solved in the limits such that 


Ry 
dn, Py Ry, Pino Re 


“dt Ait + 1 


[32] 


where K, is the equilibrium constant of Eq. [2] and 
may be determined from line b of Fig. 1. In this 
case Ay; is not the only arbitrary constant which 
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Fig. 6— Measured rates for various fractions PH20 for 
magnetite reduction to wustite above 570°C. Lines drawn 
through experimental points are calculated curves ac - 
cording to Eq. [32]. 


must be determined. The quantity 9’k,, is the 
hypothetical rate constant for the reduction of mag- 
netite to wustite in pure hydrogen which is not phys- 
ically possible. Consequently, both 9’ k,, and Ayyy 
must be determined from the experimental points of 
Fig. 6. The value of k,, may be determined sepa- 
rately since 9’ k,, /Ay1; Kz = The solid curves 
of Fig. 6 are calculated according to Eq. [32]. 

Cases I, II, and III may be compared in terms of 
the calculated enthalpies of activation. In pure hy- 
drogen the weight loss may be written 


KPy, [33] 
and K may be shown to be given by * 
RNh 


where M is the atomic weight of oxygen and y is the 
number of active sites per sq cm and is represented 
by @ in Case I, AC, @ in Case II, and 9” in Case Il. 
Fig. 7 is a plot of log,, K vs + for the three cases, 


resulting in calculated enthalpies of: 4H, t = 14,700 
cal per mole, AH, * = 3200 cal per mole, and 

AH,, * = 16,400 cal per mole. The small value of 
3200 cal per mole for magnetite reduction to iron 
above 570°C was attributed‘ to the presence of a 
protective layer of wustite formed as an intermedi- 
ate product. The AH,* is probably an apparent ac- 
tivation energy containing the enthalpy of adsorption 
of hydrogen which would be negative, thus accounting 
for its low value. 

It might be expected that the aH? line for Fig. 7 
should be an extension of the AH,* line to higher 
temperatures since each involves the reaction be- 
tween the magnetite surface and hydrogen. The ab- 
rupt shift of the AH, + line to the AH,,* line and the 
slightly greater value of AH aa over A H,+ may 
represent a change in the activated state. Such a 
shift would occur if the entropy of activation de- 
creased by a factor of approximately 4.5 e.u. Also, 
a decrease in the number of active surface sites by 
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Fig. 7—A plot of log K vs 1/T where K is the rate constant 
in pure hydrogen (PH, = 0.86). The AH,', AH,*, and 

AH;,,* are the corresponding enthalpies of activation for 
Cases I, II, and III respectively. 


a factor of ten would explain the observed shift. It 
is not possible to determine unambiguously which of 
the two factors has caused the observed shift, al- 
though the change in activated complex seems more 
likely because of the increase of AH,,+ over AH,* 
and the coincidence with the temperature at which 
wustite becomes thermodynamically stable. 

As noted earlier, the values of k,, k,,, andk,, for 
the three cases considered may be determined 
separately. Fig. 8 is a plot of log k;/T vs T where 
i refers to the subscript of the rate constants. It is 
apparent that 4H, * line is continuous with the 
A Hio* line extended to higher temperatures. An 
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Fig. 9—A plot of log A;T, log Ay;7, and log Ay;;7 vs 1/T 
for Cases I, Il, and III respectively. 
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corresponding to Cases I, II, and III respectively. 


examination of Eqs.[8] and[22] shows that each 
refers to the same kinetic process, back diffusion 
of iron. The low value of 5820 cal per mole suggests 
short range surface diffusion of iron from the iron 
lattice. The coincidence of the k,, k,, temperature 
dependence is the basis for assuming k, >k, in 
Case I. The value for AH *. is 4330 cal per mole. 
The low value again suggests surface diffusion. 

The quantities A;, A;;, and Ay; are ratios of rate 
constants which cannot be separated. For this reas- 
on the temperature dependence results from the 
sums and differences of the corresponding enthal- 
pies. Fig. 9 presents the A values on a log AT vs 
1/T plot giving: AH,+ + AH ,* = AH ,*.- AH,* = 
4600 cal per moles, AH,+ — AH,* = — 8410 cal per 
mole, and AH,,+ - AH,,+ ~ 460 cal per mole. 


SUMMARY 


The reduction of magnetite in hydrogen-water 
vapor mixtures has been studied over the tempera- 
ture range 450° to 900°C. In all cases the rates 
were linear, indicating the products of reaction are 
nonprotective. The observed kinetics have been 
separated into three groups as follows: Case I, 
reduction of magnetite to iron below 570°C; Case II, 
reduction of magnetite to iron above 570°C; and 
Case III, reduction of magnetite to wustite above 
570°C. The observed kinetics have been explained 
quantitatively by a series of chain reactions between 
the limits of maximum rate in pure hydrogen and 
zero rate at the appropriate equilibrium H,O: H, 
ratios. 

In Case I the kinetics have been explained in terms 
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of the direct reaction of hydrogen with an oxygen of 
the magnetite surface forming an oxygen anion va- 
cancy, followed by steady-state diffusion of the va- 
cancy in the surface layer and surface diffusion of 
iron to and away from the bulk iron phase. By this 
model, the enthalpy for the reaction of H, with the 
oxygen of the magnetite lattice is 14,700 cal per 
mole and the enthalpy for the surface diffusion of 
iron is 5820 cal per mole. Wustite was found to 
form below 570 deg and has been attributed to an 
intermediate product crystallized from magnetite 
containing oxygen ion vacancies. 

In Case I, wustite forms as a protective layer 
over the magnetite surface such that the kinetics 
represent the rate of reduction of wustite. Accord- 
ing to the mechanism proposed, the hydrogen-wustite 
reaction is controlled by the concentration of hydro- 
gen in the gas phase and cation vacancies in the wus- 
tite. The concentration of cation vacancies in turn is 
controlled by the equilibrium between magnetite and 
wustite at the magnetite-wustite interface. Associ- 
ated steady-state reactions then complete the over- 
all reaction. The enthalpy of reaction of hydrogen 
with the cation vacancy is 3200 cal per mole; how- 
ever, this may include the enthalpy of adsorption 
which would be negative and may account for the 
small observed value. The enthalpy for surface dif- 
fusion of iron is 5820 cal per mole, checking results 
observed in Case I. 


E. P. Abrahamson, II 


The effect of transition element binary solid-solu- 
tion additions upon the recrystallization temperature 
of vanadium has been investigated. Cr, Fe, Co, Ni, 
Mo, Ru, Rh, Os, and Ir lower the recrystallization 
temperature, while Ti, Mn, Zr, Cb, Pd, Hf, Ta, W, 
Re, and Pt raise it. The majority of elements have 
their greatest effect in less than 0.15 at. pct. Both 
the vate of change of recrystallization temperature 
with atomic percent solute and the limit of initial 
linearity are found to correlate with the free atom 
ground state outer electron configuration of the 
solute element. 


Tue work of Abrahamson and Grant! and Abraham- 
son and Blakeney? has shown that the solute’s elec- 
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In Case II, wustiteis the final stable phase. In 
this case the wustite formed was porous and non- 
protective, permitting access of H, to the magnetite 
surface. The enthalpy of the hydrogen reaction with 
the oxygen of the magnetite lattice according to the 
mechanism proposed is 16,400 cal per mole and the 
enthalpy for surface diffusion of FeO is 4330 cal per 
mole. The initial removal of an oxygen ion is then 
followed by surface diffusion resulting in the forma- 
tion of the porous wustite. 
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tron configuration appears to be a prime determinant 
of both brittle-to-ductile transition and recrystalli- 
zation temperature in dilute binary alloys. It has 
also been shown by Abrahamson’ that the limit of 
linearity, i.e., the limit of initial linear change of 
recrystallization temperature with atomic percent 
solute, is also a function of the electron configura - 
tion of the solute in iron base alloys. 

Because of the systematic nature of the solute 
electron configuration correlation, it is to be ex- 
pected that some systematic variation might be ob- 
served upon changing the solvent. Thus, this study 
of recrystallization in vanadium base alloys is the 
first of a series aimed at defining the role played 
by the electron configuration of solute in determin- 
ing the recrystallization characteristics of dilute 
transitional alloys. 


PROCEDURE 


All alloys were made using 99.8 pct V containing 
0.011 C, 0.024 N, 0.08 O, 0.006 H, 0.035 Ta, and 
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The alloys were arc melted six times and cast in- 
to cubic 400-g ingots under an argon atmosphere. 
They were then hot forged at 1200°C to 0.6-in. diam, 
910 ow annealed for 3 hr at 1000°C under argon, and furnace 

0 Re cooled. The specimens were then machined to 

a Os 0.400-in. diam. Grain size was checked and found to 
a eo Ir remain essentially constant at 140 grains +30 per 

o Pt sq mm. The specimens were then cold worked by 
swaging to 0.187 in. diam, yielding 46 + 1 pct cold 
work. The alloys were all analyzed chemically or 
spectrographically or both. In all cases the inter - 
stitial content remained within 10 pct of the values 
of the starting material, and the tungsten pickup was 
limited to 0.006 to 0.007 wt pct. 

The swaged rod was cut into 8-1/4-in. lengths and 
heat treated in a gradient furnace for 1 hr. The 
gradient was 600° to 1100°C over an 8-in. length, re- 
corded by twelve thermocouples and controlled to 
+ 3°C at the hot end. 

The recrystallization temperature was determined 
metallographically at X200 as that temperature at 
which the first recrystallized grain appears. Speci- 
mens were rechecked and the agreement was gen- 
erally found to be + 2°C. 
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Fig. 3—Recrystallization temperature vs atomic percent Eight different pure vanadium specimens were 
solute for elements in the third transition series. tested, and the recrystallization temperature was 
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Fig. 4—Initial rate of change of recrystallization tempera- 
ture with atomic percent vs number of outer d shell 
electrons of added element. 


found to be 860°C. Figs. 1 through 3 show the effect 
of the three transition series on the recrystalliza- 
tion of vanadium. The elements Cr, Fe, Co, Ni, Mo, 
Ru, Rh, Os, and Ir lower the recrystallization tem- 
perature, while Ti, Mn, Zr, Cb, Pd, Hf, Ta, W, Re, 
and Pt raise it. All but three of the additives result 
in a reduction of absolute slope at additions of less 
than 0.15 at. pct solute (less than solubility limit). 
Three solutes, Ti, Zr, Hf, yield slope increases at 
similarly low-soluté concentration. Such increases 
in slope were not noted in the iron or chromium base 
systems. 

The iron recrystallization studies indicated that 
all the transition elements immediately raised the 
recrystallization temperature. In the present study 
one half of the elements immediately raised it. 

If one considers the absolute slope of these data, 
Figs. 1 through 3, a definite periodicity can be noted. 
Further, the solute composition at which the break 
in the curve occurs, the limit of initial linearity, is 
also periodic. A plot of these two parameters vs the 
free atom ground state outer d shell electron con- 
figuration® demonstrates this periodicity, cf Figs. 
4 and 5. 


DISCUSSION 


As shown previously on iron base recrystalliza- 
and chromium base brittle-to-ductile transi - 
tion studies,’ an electron configuration correlation 
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Fig. 5—Limit of linearity in atomic percent solute vs num- 
ber of outer d shell electrons of added element. 


is present. It has previously been postulated by the 
author'-* that these property changes are a prime 
function of the electron configuration of the elements 
concerned. The data on vanadium base alloys sup- 
port this postulation. 

The recrystallization temperatures and the limit 
of initial linearity are functions of the free atom 
ground state outer d and s electrons of the solute. 
Those elements with the same outer electron con- 
figurations have similar rates of temperature 
changes and limits of linearity. Solute elements hav- 
ing like numbers of s shell electrons lie on the same 
curves. The curves for s = 0, 1, and 2 electrons 
are parallel. 

For solute atoms having a like number of d shell 
electrons, the fewer outer s shell electrons, the 
greater the magnitude of absolute rate of recrystal- 
lization temperature change. 

The vanadium base correlation differs in shape 
from that observed in iron in that it is in the form of 
an inverse “V”. However, the relative positions of 
the s = 0, 1, and 2 curves remain the same. The 
apex in the s = 2 curve is found at the element 
tungsten, whose d shell configuration is one more 
than that of the solvent. 

The Ti, Zr, and Hf alloys are the first to show a 
lesser effect on recrystallization temperatures at 
the low concentrations than at higher concentration 
and this is worthy of note. 
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CONCLUSIONS 


1) The elements Ti, Mn, Zr, Cb, Pd, Hf, Ta, W, 
Re, and Pt raised and Cr, Fe, Co, Ni, Mo, Ru, Rh, 
Os, and Ir lowered the recrystallization temperature 
of vanadium. 

2) All solutes studied showed a limit of linearity 
at less than their limit of solubility in vanadium. 

3) A correlation exists when the number of outer 
s shell electrons in the solute is constant, such that 
both the logarithm of the absolute rate of change of 
recrystallization temperature with atomic percent 
solute, and limit of linearity, are linear functions of 
the number of d shell electrons of the solute. The 
curves for additives having 0, 1, and 2 outer s 
electrons are parallel. A maximum occurs in the 
s = 2 curve with 4 d shell electrons. 

4) Atoms with the same outer electron configura - 
tions exhibit similar effects. 


ACKNOWLEDGMENTS 


The author wishes to thank the Watertown Arsenal 
Metallurgical Services, Analytical Chemistry and 
Fundamental Research Branches, and the Rodman 
Laboratory for their assistance. 

He further wishes to thank Mr. J. A. Alexander 
and Dr. F. Rhines for their many helpful discussions 
of the problem. 


REFERENCES 


1k P. Abrahamson, II, and N. J. Grant: Trans ASM, 1958, vol 50, pp. 705-721. 

2&. P. Abrahamson, II, and B. S. Blakeney, Jr.: Trans Met. Soc. AIME, 1960, 
vol 218, pp. 1101-1104. 

3E, P. Abrahamson, II: The Recrystallization of Iron as a Function of Binary 
Solute Additions and Time, Technical Report WAL No. TR 830.3/2, January 1961. 

“M. Hansen: Constitution of Binary Alloys, McGraw-Hill Book Co., New York, 


Tol Kittel: Introduction to Solid State Physics, p. 66, John Wiley and Sons, Inc., 
2nd Ed., New York, 1956. 


The Role of Dilute Binary Transition Element Additions 


on the Recrystallization of Columbium 


E. P. Abrahamson, II 


The effect of transition element binary solid solu- 
tion additions upon the recrystallization temperature 
of columbium has been investigated. The elements 
Mn, Fe, Co, Ni, W, Re, and Os lower the recrystal- 
lization temperature, while Ti, V, Cr, Zr, Mo, Ru, 
Rh, Pd, Hf, Ta, W, Ir, and Pt raise it. A correlation 
is noted between the rate of change of recrystalliza- 
tion temperature with atomic percent solute and the 
free atom electron configuration of the solute ele- 
ment. 


Tue work of Abrahamson and Grant’ has indicated 
a correlation between the free atom ground-state 
electron configuration and the change in brittle-duc- 
tile transition temperature per atomic percent solute 
in chromium base alloys. A similar correlation was 
observed for the change in the recrystallization tem- 
perature of iron base alloys by Abrahamson and 
Blakeney? and Abrahamson.* It was also observed 
that the limit of rapid change in recrystallization 
temperature also correlated with the electronic con- 
figuration of the free solute atom. A further study 
by Abrahamson‘ established the generality of the 
phenomenon by yielding similar results for vanadium 
base dilute alloys. It has been inferred that a peri- 
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odicity might be expected with changes in the free 
atom electron configuration of the solvent element. 

This study is the third set of transition base metal 
systems to be studied. It is the object of this and 
further studies on transitional metal systems to de- 
tect any systematic variations in the observed corre- 
lation which might contribute to the understanding of 
the electron interactions which are evidently exhibit - 
ing themselves. 


PROCEDURE 


All alloys were made using 99.9 pct ‘Cb with 
0.030 Ta, 0.016 O, 0.0025 H, 0.003 Mo, 0.021 Fe, 
0.005 C, and 0.002 N. The solute elements were 
99.9 + pct pure. According to the published binary 
phase diagrams® and metallographic examinations 
at X750, all additions were in solid solution. 

The alloys were arc melted and remelted 6 times 
in the form of cubic 400-g buttons under an argon 
atmosphere. They were then hot forged at 1200°C 
to 0.6-in. diameter, annealed for 3 hr at 1200°C 
under argon, and furnace cooled. The specimens 
were then machined to 0.400-in. diameter. Grain 
size was checked and found to remain essentially 
constant at 150 + 30 grains per sq mm. The speci- 
mens were then cold swaged to 0.187-in. diameter, 
yielding 46 + 1 pct cold work. All alloys were 
chemically analyzed for the major solute. Analyses 
of random samples indicated that the impurity con- 
tent remained at the values of the starting material. 
Tungsten contamination was held to 0.007 pct. 
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Fig. 1—Recrystallization temperature vs atomic percent 
solute for the first transition series. 


The swaged rod was cut into 8.25-in. lengths and 
heat treated in a gradient furnace for 1 hr. The 
gradient was 650° to 1200°C over an 8-in. length, 
recorded by twelve thermocouples, and controlled to 
+ 3°C at the hot end. 

The recrystallization temperature was determined 
metallographically as that temperature where the 
first recrystallized grain appears at a constant 
magnification, X200. Specimens were repeated and 
the agreement was generally found to be + 2°C. 


RESULTS 


Five different pure columbium rods were tested 
and the recrystallization temperature was found to 
be 990 + 1°C. Figs. 1 through 3 show the effect of 
the transition elements on the recrystallization of 
columbium. The elements Mn, Fe, Co, Ni, W, Re, 
and Os lower the recrystallization temperature, 
while Ti, V, Cr, Zr, Mo, Ru, Rh, Pd, Hf, Ta, W, Ir, 
and Pt raise it. It should be noted that where breaks 
from linearity occur, the solubility limits have not 
been reached. 

If one considers the absolute slope of the curves 
in Figs. 1 through 3, a definite periodicity is ob- 
served. A plot of the slope vs the free atom ground- 
state outer d shell electron configuration® of the 
solute demonstrates this periodicity, c/. Fig. 4. 
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Fig. 2—Recrystallization temperature vs atomic percent 
solute for the second transition series. 


DISCUSSION 


As shown previously in vanadium and iron base 
recrystallization?-* and chromium base brittle- 
ductile transition studies, an electron configuration 
correlation is present. The form of the columbium 
plot is the same as the brittle-ductile transition tem- 
perature plot for chromium. The plot can best be 
described as a series of V’s with their apexes dis- 
placed by one dshell electron. This differs from the 
iron recrystallization data where the apexes are 
found at the same number of d shell electrons. One 
fact in common to all of the electron configuration 
work accomplished thus far is that the apex for the 
s = 2 electrons V, occurs consistently at those 
elements having one outer d electron more than the 
free-atom configuration of the solvent. 

Vanadium and columbium occur in the same group 
in the periodic table, however the vanadium base 
recrystallization correlation results in an inverted 
V while the columbium correlation results ina 
normal V. It will be necessary to investigate lower 
d shell configuration transition element solvents such 
as titanium and zirconium to note whether the re- 
versal of the V-shaped curve can be attributed to the 
d shell configuration of the solvent. 

It will be noted that breaks in the curves are present 
in Figs. 1 through 3 as in the other systems noted. 
Due to the lack of sufficient data it was impossible to 
accurately fix the limit of linearity of all systems. 
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Fig. 3—Recrystallization temperature vs atomic percent 
solute for the third transition series. 


As in the case of chromium and vanadium, initial 
negative changes in recrystallization temperature 
are noted. The negative changes are limited to a 
consecutive series of elements on the s = 2 electrons 
curve. 


CONCLUSIONS 


1) The elements Mn, Fe, Co, Ni, W, Re, and Os 
in solid solution lower the recrystallization tem- 
perature of columbium, while the other transition 
elements investigated raise it. 

2) A correlation between the logarithm of the rate 
of change of recrystallization temperature per 
atomic percent solute and the free atom ground state 
number of outer d and s shell electrons of the solute 
is observed. This correlation is similar to others 
carried out on Fe and V base materials and for 
brittle-ductile transition temperature in Cr base 
alloys. 

3) The apexes for the s = 2 curves on all systems 
studied occur at those elements having one outer d 
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Fig. 4—Rate of change of recrystallization temperature with 
atomic percent solute vs ground state outer electron con- 
figuration of solute. 


electron more than the free atom configuration of 
the solvent. 
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The Role of Dilute Binary Transition Elements 
on the Recrystallization of Zirconium 


E. P. Abrahamson, II 


The effect of transition elements which form binary 
solid solution upon the recrystallization temperature 
of zirconium has been investigated, All additions 
raised the recrystallization temperature. A correl- 
ation is obtained between the logarithm of the rate of 
change of vecrystallization temperature with atomic 
percent solute and the free atom ground state elec- 
tron configuration of the solute element. 


Tue work of Abrahamson, et al.,+~> on dilute bi- 
nary solid-solution alloys indicated a correlation 
between the free-atom ground state electron con- 
figuration of the solute and either the brittle-ductile 
transition or recrystallization temperature. These 
studies were carried out on bcc base materials. 
The implication is that the outer s and d electrons 
of the solute are the prime determinant of the ab- 
solute rate of change of recrystallization or transi- 
tion temperature. Furthermore, the limit of linearity 
has been shown to be a function of solute electron 
configuration for recrystallization in iron and vana- 
dium. 

To date no complete systematic recrystallization 
study of dilute binary zirconium base alloys has 
been made. It is the purpose of this study to note 
whether the change in solvent structure from bcc to 
hcp will influence the correlation. It was also de- 
sired to learn more of the role of the electron con- 
figuration of the solvent on recrystallization tem- 
perature. 


PROCEDURE 


All alloys were made using 99.87 pct Zr with 
0.01 Cr, 0.04 Fe, 0.006 Hf, 0.003 Mg, 0.003 Mn, 
0.003 N, and 0.080 O (132 BHN). The solute elements 
were 99.9 + pct pure. According to the published 
binary phase diagrams® and metallographic exam- 
inations at X750, all alloys used were solid solutions. 

The alloys were arc melted and remelted six 
times in the form of cubic 200-g buttons under an 
argon atmosphere. They were then hot pressed at 
950°C to 0.450 in., upset pressed to 0.350 in., and 
annealed at 800°C for 1 hr. The specimens were 
then Blanchard ground to 0.250 in., removing 0.050 
in. from each side. The grain size of the material at 
this stage was found to be 8000 + 100 grains per sq 
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mm. The specimens were then cold rolled to 0.130 
in. and cold pressed to 0.125 in., yielding 50 + 1 pct 
cold work. All alloys were then chemically analyzed 
for the principal addition. The interstitial contents 
remained at the values of the starting material when 
checked on random alloy specimens. 

The rolled sheet was cut into 6.75 by 0.25-in. 
lengths and heat treated in a gradient furnace for 
1 hr. The gradient was 250° to 900°C over the 6-in. 
length, recorded continuously by six thermocouples 
resting on each specimen. Control was + 3°C, 
accomplished at the hot end. 

The recrystallization temperature was determined 
metallographically using polarized light. The crite- 
rion chosen was the point on the specimen showing 
the first recrystallized grain at a constant magnifi- 
cation, X200. Specimens were repeated, and the 
agreement was found to be + 3°C. 


RESULTS 


Three different pure zirconium specimens were 
tested, and the recrystallization temperature was 
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Fig. 1—Recrystallization temperature vs atomic percent 
solute for elements in the first transition series. 
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Fig. 2—Recrystallization temperature vs atomic percent 
solute for elements in the second transition series. 
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Fig. 4—Rate of change of recrystallization temperature per 
atomic percent solute as a function of the ground state 
electron configuration of the solute. 
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Fig. 3—Recrystallization temperature vs atomic percent 
solute for elements in the third transition series. 


found to be 500°C + 2°C. Figs. 1 through 3 show the 
effect of the transition elements on tHe recrystalli- 
zation of zirconium. All solute elements raised the 
recrystallization temperature. 

If one considers the slope of the curves in Figs. 
1 through 3, a definite periodicity can be noted. A 
plot of the logarithm of this parameter versus the 
free-atom ground state electron configuration’ 
demonstrates this periodicity, c/. Fig. 4. 


DISCUSSION 


As shown previously on iron, vanadium, and 
columbium base recrystallization?-5 studies and 
chromium base brittle-to-ductile transition studies, 
an electron configuration correlation is present. As 
in the prior cases, elements with similar free atom 
configurations exhibit similar rates of temperature 
change with solute. Elements having a like number 
of s shell electrons have slopes which fall on one 
curve. If fewer solute s electrons are present, the 
slope of the recrystallization temperature vs per- 
cent solute curve is greater, d shell electrons being 
held constant. 

The curves in Fig. 4 are inverse V’s as were 
those found in vanadium base recrystallization _ 
studies. However, the correlation curves for the 
other studies are normal V’s,7.e., they exhibit a mini- 
mum rather than a maximum. The free atom ground 
state electron configuration of zirconium is 4d75s?. 
It will be noted that the elements at the apex on the 
s = 2 electrons curve are tantalum and vanadium, 
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d°. As in previous studies® the apex for the s? curve 
occurs at that element having one d electron more 
than the solvent. No other apex is noted as there 
are no transition elements with configurations of 
or d's’. 

The breaks from linearity observed in Figs. 1 
through 3 are similar to the other studies. Prior 
work %»* has shown this limit of linearity to be a 
function of solute electron configuration. The data 
in this study are insufficient to accurately establish 
the limit of linearity for all of the systems. — 


CONCLUSIONS 
1) All transition element additions investigated 


raise the recrystallization temperature of zirconium. 


2) A ccorrelation exists between the logarithm of 
the slope of the recrystallization temperature vs 
atomic per cent solute curve and the free atom 
ground state outer d shell electron configuration of 


the solute. The curve is in the form of an inverse V. 


3) The apex of the correlation curve for solutes 


having 2 s-electrons occurs at tantalum and vana- 
dium. 
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The Use of Vanadium Nitride Inclusions for the 


Development of Cube-on-Edge Texture in 3 Pct. Si-Fe 


H. C. Fiedler 


A high degree of cube-on-edge grain orientation 
and good magnetic properties were obtained in 
Si-Fe strip processed from laboratory heats con- 
taining vanadium nitride inclusions. The higher 
the nitrogen content the greater was the re- 
straint on normal grain growth and the greater 
was the ability to undergo secondary recrystal- 
lization. The degree of restraint in a heat con- 
taining magnanese sulfide inclusions was slightly 
greater than that in the lowest nitrogen vanadium 
nitride heat. The high rate of diffusion of nitro- 
gen in the temperature vange in which the texture 
is developed makes it necessary to retard the loss 
of the inclusions until the texture has been de- 
veloped. 


May and Turnbull’ have shown that to develop the 
cube-on-edge secondary recrystallization texture in 
Si- Fe it is necessary that inclusions, such as man- 
ganese sulfide, be present to prevent normal grain 
growth. They showed that the driving force for the 
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growth of the secondary grains is inversely propor- 
tional to the diameter of the matrix grains, and that 
the function of the inclusions is to maintain a small 
matrix grain size.* Fast*has developed cube-on- 


i Walter and Dunn? have shown that secondary recrystallization to the 
(110)[001] texture in high purity Si-Fe occurs if low-oxygen material is 
annealed in a nonoxidizing atmosphere. This process does not depend 
upon inclusions. The low gas-metal interfacial energy of the (110) sur- 
faces provides the driving force for growth of these grains. 


edge texture in Si-Fe by nitriding the hot rolled 
band. The silicon nitride thereby formed promotes 
secondary recrystallization during the anneal of the 
final gage strip. 

To obtain the best magnetic properties, the inclu- 
sions must be removed from the strip after the 
grain orientation has been developed. Nitride inclu- 
sions have an inherent advantage over sulfide inclu- 
sions in that the greater diffusivity of nitrogen as 
compared to sulfur permits the use of shorter times 
and/or lower temperatures for the purification heat 
treatment. The purpose of the work to be described 
was to examine the usefulness of vanadium nitride 
inclusions in developing the cube-on-edge texture 
and to determine the magnetic properties of oriented 
strip made from heats containing these inclusions. 
A comparison is made with a heat having had iden- 
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Table 1. Composition of Heats 


PectS PectV PctSi PctO PctMn PectC 


Pct N 


0.003 


1 0.0015 0.003 0.09 3.3 0.005 

2 0.004 0.003 0.10 3.3 0.005 - 0.003 
3 0.009 0.006 0.11 3.1 0.004 ~ 

4 0.015 0.003 0.10 3.3 0.005 - 0.002 
5 0.002 0.025 - 3.3 0.004 0.054 0.005 


tical processing but containing manganese sulfide 
rather than vanadium nitride. 


EXPERIMENTAL PROCEDURE 


Electrolytic iron and 98 pct ferrosilicon were 
used as the base material for all of the heats listed 


in Table I. The first four heats are low in sulfur and 


range in nitrogen content from 0.0015 to 0.015 pct. 
To heat 5 were added manganese and iron sulfide, 
but no vanadium. With the exception of Heat 3, all 
were poured at 1630°C into a graphite mold with a 
cavity cross section of 2 5/8 by 5 in. Heat 3 was 
poured at 1600°C into a cast-iron mold with a cavity 
cross section of 2 1/4 by 11 in. 

Some control of the nitrogen content of the ingots 
was achieved by the following procedure. Argon was 
blown over the surface of all heats during melting 
with the exception of Heat 4, and argon was bubbled 
through the baths of Heats 1 and 5 after the ferro- 
silicon was added. These latter two heats, as a re- 
sult, hadthe lowest nitrogen content of the group. An 


argon cover was used for Heats 2 and 3 during melt- 


ing, but they were bubbled with nitrogen rather than 
argon and were consequently of an intermediate 
nitrogen content. The high nitrogen content in Heat 4 
was achieved by both melting under and bubbling 
with nitrogen. 

Vanadium nitride inclusions in Heat 4, as-cast, 
are shown in Fig. 1(a@). Although the inclusions in 
the ingot are large, subsequent processing reduces 
their size, as indicated by the inclusions in 12-mil 
recrystallized strip from the same heat, shown in 
Fig. 1(b). Positive X-ray identification of extracted 
residues from samples could not be made because 
of the similarity of the lattice parameters of vana- 
dium nitride, carbide, and oxide. The high nitrogen 
content of the extracted residues did, however, sup- 
port the belief that the inclusions are vanadium ni- 
tride. 

A 2-1/4 in.-thick slab from Heat 3 was reduced 
to 90 mil thick hot rolled band after a single heating 
to 1075°C. All of the other heats were hot-rolled by 
taking 1-in.-thick slabs from the ingots, heating to 
1000°C, and reducing to 80 to 90 mil thick band with- 
out reheating. After pickling, the bands were heat- 
treated for 5 min at 900°C in hydrogen, cold-rolled 
to 25 mils, heat treated for 5 min at 860°C in hydro- 
gen, and cold-rolled to 12 mils, the final gage. The 
significance of these processing steps to the devel- 
opment of the cube-on-edge texture has been dis- 
cussed.4 
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(5) 
Fig. 1—Vanadium nitride inclusions in Heat 4 (0.015 pct 
N), (a) as-cast, and (0) after processing to 12-mil-thick 
strip and recrystallizing. The inclusions are large and 
plate-shaped in the ingot but are reduced in size by the 
subsequent working and tend to be strung out in the 
rolling direction. X1000. Reduced approximately 2 pct 
for reproduction. 


RESULTS AND DISCUSSION 


The effectiveness of inclusions in retarding nor- 
mal grain growth is indicated by the primary grain 
size of the final gage strip after heat-treating for 
10 min at 950°C, cf. Table Il. The higher the nitro- 
gen content, the larger the number of inclusions and 
the greater the restraint on normal grain growth. 
The degree of restraint is only slightly larger in the 
manganese sulfide heat than in Heat 1, which con- 
tains the smallest number of vanadium nitride in- 
clusions. 

In Fig. 2 are samples of 12 mil-thick strip after 
being heat-treated for 15 min in a temperature gra- 
dient. The ability to undergo secondary recrystal- 
lization between 1000° and 1100°C increases with 
increasing nitrogen content. The ability of the man- 
ganese sulfide heat to undergo secondary recrystal- 
lization in this temperature range is slightly greater 
than that of the lowest nitrogen vanadium nitride 
heat. 
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Table Il. Grain Size of Final Gage Strip After Primary 
Recrystallization, Heat Treated 10 min at 950°C 


Heat Pct N in Ingot Grain Size —mm 
1 0.0015 0.034 
2 0.004 0.024 
3 0.009 0.022 
4 0.015 0.015 
5 (MnS) 0.031 


To compare the secondary recrystallization be- 
havior, samples were heat-treated for 15 min at 
temperatures between 1000° and 1100°C in mixtures 
of nitrogen and dry hydrogen and in hydrogen alone 
with a specified dew point. The nitrogen mixed with 
the dry hydrogen had a dew point of about —40°F. 
Fig. 3 shows the per cent cube-on-edge texture 
developed by heat treating for 15 minin atmospheres 
containing either 25 or 67 pct N, balance dry hydro- 
gen. Each point represents the averaged maximum 
torque of four disk samples, measured in a field of 
1000 oe, divided by the maximum torque for a sin- 
gle crystal having the same silicon content and the 
(110) plane in the plane of the disk. Only Heats 1 
and 5 showed any secondary recrystallization after 
15 min at 1000°C; the samples from the other heats 
remained fine-grained during this heat treatment. 
The maximum degree of texture, which is achieved 
in samples comprised wholly of grains developed 
by secondary recrystallization, is attained at in- 
creasingly higher temperatures, the higher the ni- 
trogen content of the atmosphere and the higher the 
original nitrogen content of the sample. The sam- 


ples from the manganese sulfide heat undergo mainly 


normal grain growth regardless of the atmosphere. 
In Fig. 4 are the nitrogen contents (determined by 
vacuum fusion) of the samples from Heat 4 after the 
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Fig. 3—The per cent cube-on-edge texture developed by 
heat-treating for 15 min at the temperatures shown in an 


atmosphere of either 25 pct N, balance hydrogen, or 67 
pet N, balance hydrogen. The lowest nitrogen vanadium 


nitride heat and the manganese sulfide heat develop little | 


texture in either atmosphere, but the trend in the other 
three vanadium nitride heats is toward increasing degree 
of texture at higher temperature, the greater the nitrogen 
content of the alloy and the greater the nitrogen content of 
the atmosphere. 
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Fig. 2—The macrostructure of strip samples from the four 
vanadium nitride heats (the per cent nitrogen is indicated 
at the left) and the manganese sulfide heat after heat- 
treating in a temperature gradient for 15 min. The ability 
of the vanadium nitride heats to undergo secondary re- 
crystallization increases with increasing nitrogen content. 
Secondary recrystallization is slightly more extensive in 
the manganese sulfide heat than in the lowest nitrogen 
vanadium nitride heat. 


15 min heat treatments between 1000° and 1100°C. 
There is no loss of nitrogen within 15 min at 1000°C 
with either the 25 or 67 pct N, balance dry hydrogen 
atmospheres. At higher temperatures, the greater 
the amount of nitrogen in the atmosphere, the less 
is the loss from the strip. The poorer degree of 
texture obtained in this heat between 1050° and 
1100°C with the 25 pct N atmosphere is due to the 
greater loss of inclusions and the consequent com- 


| | | i 
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Fig. 4—The per cent nitrogen in samples from Heat 4 after 
heat-treating for 15 min at the temperatures shown in an 
atmosphere of either 25 pct N, balance hydrogen, or 67 pct 
N, balance hydrogen. The loss of nitrogen increases with 
temperature above 1000°C but is less the higher the 
nitrogen content of the atmosphere. 
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Fig. 5—The per cent cube-on-edge texture developed by 
heat-treating for 15 min at the temperatures shown in 
hydrogen with a dew point of either —20° or -40°F. The 
lowest nitrogen vanadium nitride heat and the manganese 
sulfide heat develop little texture in either atmosphere. 
With the two highest nitrogen vanadium nitride heats, the 
wetter atmosphere requires a higher heat-treating tem- 
perature for complete secondary recrystallization. 


petition of normal grain growth with secondary re- 
crystallization. 

The per cent cube-on-edge texture obtained by 
heating in wet hydrogen atmospheres is shown in 
Fig. 5. Runs were made with the dew point of the in- 
let hydrogen at -20° and-40°F. The dew point had 
little effect on the degree of texture developed in the 
two lowest nitrogen heats. These heats were capa- 
ble of secondary recrystallization only in the lower 
portion of the temperature range. The degree of 
texture developed in Heats 3 and 4 is, however, af- 
fected by the dew point. The drier the gas, the low- 
er is the temperature at which secondary recrystal- 
lization begins. Samples from Heat 4 heat-treated 
at 1050°C in the -20°F dew point hydrogen had not 
begun secondary recrystallization, whereas samples 
heat-treated in the -40°F dew point atmosphere ex- 
perienced partial secondary recrystallization. The 
degree of texture in the manganese sulfide heat is 
low after heat-treating at 1000°C in either atmos- 
phere and becomes poorer as the temperature of the 
heat treatment is increased. 

The nitrogen contents of the samples from Heat 4 
heat-treated in the hydrogen atmospheres are plot- 
ted in Fig. 6. The behavior is distinctly different 
from that in Fig. 4, when relatively dry atmospheres 
containing nitrogen were used. With the hydrogen at 
the inlet to the retort having a dew point of -20°F, 
little nitrogen is lost at any heat-treating tempera- 
ture. With an inlet dew point of —40°F, the loss of 
nitrogen at a temperature as high as 1050°C is mod- 
erate, but is precipitous at higher temperatures. It 
is likely that the retention of nitrogen in the -20°F 
dew point hydrogen and the retention as high as 
1050°C with the -40°F dew point hydrogen are due to 
the formation of silica on the surface of the sample. 
Owing to the loss of vanadium nitride inclusions 
above 1050°C, normal grain growth competed with 
secondary recrystallization, and the degree of tex- 
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Fig. 6—The per cent nitrogen in samples from Heat 4 
after heat-treating for 15 min at the temperatures shown 
in hydrogen with a dew point of either —20° or —40°F. 
The loss of nitrogen with increasing temperature is 
moderate in the —20°F dp hydrogen and as high as 
1050°C in the —40°F dp hydrogen, but is precipitous at 
higher temperatures. The wetter atmosphere was 
oxidizing to the strip over the entire temperature range, 
whereas it is probable that the drier atmosphere was 
not oxidizing above 1050°C. In the absence of an oxide 
film, the nitrogen is readily lost. 


ture is low. In marked contrast to the factor of 30 
decrease in the nitrogen content of Heat 4 after heat- 
treating for 15 min at 1100°C in —40°F dew point 
hydrogen, Heat 5 after the same treatment contained 
0.023 pct S, which is nearly equal to that found in the 
ingot. 

Using the activity for silicon in silicon-iron as 
determined by Seybolt, the temperature above which 
hydrogen of a given dew point is no longer oxidizing 
can be estimated. Simple calculations suggest that 
hydrogen with a dew point of —40°F should not be 
oxidizing above 900°C, or above 1050°C with a dew 
point of -20°F. The discrepancy between the tem- 
peratures found and those predicted is probably due 
in part to insufficient purging of air from the retort 
before the beginning of the run, so that the dew 
point of the atmosphere around the samples was 
wetter than that of the hydrogen at the inlet, which is 
where the dew point was measured. 

The secondary recrystallization behavior of the 
heats was also compared by heating from 900° to 
1100°C at 100°C per hr in mixtures of nitrogen and 
dry hydrogen and in hydrogen with controlled dew 
point. This heat treatment is less demanding on the 
ability of the inclusions to promote secondary re- 
crystallization than the short isothermal heat treat- 
ments discussed above. As before, four disks from 
each sample were tested and the per cent texture 
determined from the ratio of the averaged maxi- 
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mum torque and the maximum torque of a single 
crystal. These results are in Table III. 

The degree of texture developed in the vanadium 
nitride heats by heat-treating in an atmosphere con- 
taining nitrogen is appreciably better than that ob- 
tained with a dry (< -60°F dew point) hydrogen at- 
mosphere. Adding water vapor to the hydrogen does, 
however, markedly improve the degree of orienta- 
tion that is obtained. The interpretation is, again, 
that the loss of nitrogen from the strip is retarded 
either by having nitrogen present in the atmosphere 
or by forming an oxide layer on the surface of the 
strip. Heat 4, which has the highest nitrogen con- 
tent, can best afford to lose nitrogen during the heat 
treatment, and consequently of the vanadium nitride 
heats it is the least sensitive to the conditions of the 
heat-treating atmosphere. The degree of texture de- 
veloped in Heat 5, which contains manganese sulfide 
inclusions, would not be expected to be dependent 
upon the heat-treating atmosphere since the loss of 
sulfur is insignificant in the temperature range in 
which the texture is being developed. Except perhaps 
for the somewhat anomalously high per cent texture ob- 
tained by treating in the 25 pct N atmosphere, the 
results are consistent with this view. 

The magnetic properties of Heat 3 parallel to the 
rolling direction were measured on an Epstein pack 
of 0.0127 in.-thick strips. The strips were heated 
from 900° to 1200°C at 100 C per hr in a mixture of 
2/3 nitrogen and 1/3 hydrogen, followed by 1/2 hr 
at 1200°C in hydrogen to insure the removal of ni- 
trogen from the strips. The energy loss at 15,000 
gausses was 0.598 w per lb. and the a-c permeability 
at 10 oe was 1810. A similar pack from another 
heat made and processed as was Heat 3 had an en- 
ergy loss at 15,000 gausses of 0.580 w per lb. and an 
a-c permeability at 10 oe of 1832. 


SUMMARY AND CONCLUSIONS 


The development of cube-on-edge texture in Si-Fe 
strip by secondary recrystallization depends upon 
the presence of inclusions to inhibit normal grain 
growth. It has been demonstrated that a high degree 
of grain orientation and good magnetic properties 
are obtained in strip processed from heats contain- 
ing vanadium nitride inclusions. 

The secondary recrystallization characteristics 
of strip containing vanadium nitride inclusions were 
compared with those of strip containing manganese 
sulfide inclusions. The manganese sulfide heat con- 
tained 0.025 pct S, and the four vanadium nitride 
heats, which were low in sulfur, ranged from 0.0015 
to 0.015 pct N. The higher the nitrogen content of 
the vanadium nitride heats, the greater was the re- 
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Table Ill. Percent Cube-On-Edge Texture of Samples Heated 
at 100°C per Hr from 900° to 1100°C 


Pct Nitrogen in Ingot 


0.0015 0.005 0.009 0.015 MnS 
Atmosphere (Heat 1) (Heat 2) (Heat 3) (Heat 4) (Heat 5) 
25 Pct N,, 75 Pct H, 80 91 88 92 88 
67 Pct N,, 33 Pct H, 82 91 87 88 84 
< -60°F dp H, 68 80 78 85 82 
-54°F dp H, 74 82 89 88 84 
-30°F dp H, 79 88 86 86 84 


straint on normal grain growth and the greater was 
the ability to undergo secondary recrystallization. 
The degree of restraint in the manganese sulfide 
heat was slightly greater than that in the lowest ni- 
trogen vanadium nitride heat. 

In contrast to the other heats, the manganese sul- 
fide heat and the lowest nitrogen vanadium nitride 
heat showed little capacity for developing cube-on- 
edge texture during short time isothermal heat 
treatments at 1000°C or higher. When precautions 
were taken to prevent the premature loss of nitro- 
gen from the vanadium nitride samples, moderate 
to high degrees of orientation were obtained in all 
of the heats, including the one with manganese sul- 
fide, by heating at 100°C per hr from 900° to 1100°C. 

The high rate of diffusion of nitrogen in the tem- 
perature range in which the texture is developed 
makes it necessary to prevent or retard the loss of 
the inclusions until the texture has been developed. 
The higher the nitrogen content of the heat treating 
atmosphere, the greater is the amount of nitrogen 
retained in the strip. The inclusions are also re- 
tained by heat-treating in hydrogen containing water 
vapor if at the temperature of the heat treatment 
the dew point is high enough for the atmosphere to 
be oxidizing to the alloy, thereby forming a film of 
silica on the surface which functions as a barrier. 
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in Aluminum Single Crystals 
S. K. Mitra, P. W. Osborne, and J. E. Dorn 


A refinement of the Seeger model for intersection 
process is investigated which is in better agreement 
with experimental observations than the original. It 
is shown that, in single crystals, the strain harden- 
ing in Stage II is mainly due to the short-range inter- 
actions when intersection is the rate-controlling 
process. It is also demonstrated that the creep 
curves, as predicted by this theory, are in good 
agreement with the experimental observations. 


Mort; Cottrell,? and Seeger * have developed an 
approximate theory for plastic deformation of single 
crystals over the range of variables where the strain 
rate is controlled by the rate of intersection of dis- 
locations. Although it is now generally agreed that 
the low temperature deformation of many pure metals 
is controlled by the intersection mechanism, various 
dictates of the over-simplified Seeger model are not 
in good agreement with all the experimental facts. 

It is the purpose of this paper to reveal that by ap- 
propriate extensions of the Seeger model, particu- 
larly those suggested by Basinski,* a much more 
reliable theory results. The refined model to be pre- 
sented here will be shown to account, in a satisfac- 
tory way, for the effect of stress, temperature, and 
strain on the creep rate under constant stress and 
for the effect of temperature and strain on the flow 
stress in constant strain-rate tests. 


EXPERIMENTAL METHOD 


To check the theoretical deductions, both creep 
and tension tests were conducted on single crystals 
of high-purity Al (99.994 pct Al) so oriented that 
both the active slip plane and the Burger’s vector of 
the operative dislocations on that plane made angles 
of about 45 deg to the tension axis. Single crystals 
of aluminum (5/8 in. by 1/10 in. by 8 in.) were grown 
in a graphite mold under an inert atmosphere using 
the Bridgman method. The chemical composition of 
the aluminum is given in Table I. A common seed 
was used for all crystals and their orientation is 
shown in Fig 3. 

The extensometry consisted of two differential 
transformers with matched outputs mounted so as to 
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On the Intersection Mechanism of Plastic Deformation 


measure the extension in a 2 in. gage length. The 
amplified difference in output of the two transform- 
ers was recorded by a potentiometer. The amplifi- 
cation was calibrated before each run so that one 
chart division of the recording potentiometer indi- 
cated a 10°° shear strain on the specimen. Stresses 
were measured to the nearest 1 xX 10* dynes per sq 
cm. 


ACTIVATION VOLUME 


The concept of Basinski that the activation volume 
is not constant but is a function of the force that aids 
thermal fluctuation in effecting the cutting of disloca- 
tions will be adopted in this section. The force act- 
ing due to an applied shear stress 7 on the disloca- 
tion being intersected is 


F=(t-17*) Lb [1] 


where L is the mean spacing between the forest dis- 
locations, b is the Burger’s vector and 7 * is the 
back stress. A detailed discussion about the origin 
of back stress will be taken up later in this report. 
As shown by Basinski, the activation energy, U, that 
must be supplied by a thermal fluctuation in order 
to effect intersection, is equal to 


Fm 
[2] 


where x is the distance through which the disloca- 
tion must be translated for complete intersection, 
and F,, is the maximum force encountered in inter- 
section. When the applied stress is décreased abrupt- 
ly F also decreases and the activation energy in- 
creases correspondingly as documented in Eqs. [1] 
and [2]. 

The Seeger equation for the strain rate when the 
deformation is controlled by rate of intersection of 
dislocations is 


P= NL? bye [3] 
6 
where 
y =the shear strain rate (per sec) 
N =the number of points per unit vol at which 
intersection can take place 


Table I. Chemical Analysis of the Pure Aluminum Stock 


Aluminum 


Cu Fe Si Mg Others (py difference) 


wt pet 0.002 0.000 0.004 0.000 0.000 99.994 
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Fig. 1—B = (8Iny/8T) vs resolved shear strain. 


b =the Burger’s vector (2.86 x 107° cm for Al) 

v =the Debye frequency (7.6 X 10}? per sec for Al) 

k =the Boltzmann constant (1.38 x 1072° erg per 

deg) 

T =the absolute temperature in °K 

An increase in activation energy, when other 
factors are identical, results in a decrease in strain 
rate. Details of Eq. [2], therefore, can be obtained 
from the effect of small abrupt decrease in stress 
on the strain rate. Increases in stress were not 
employed in this evaluation because of their possible 
effect on modification of substructure. 

The quantity, 8 , which was obtained experimen- 
tally from both creep and tension tests is defined by 


dlny Alny 
[4] 
Reference to Eqs. [1], [2] and [3] reveal that 
(=)(22)(24) -xLb 
kT [5] 


The values of 8 obtained by application of Eq. [ 4] 
to the effect of small changes in stress on the creep 
rate are recorded in Fig. 1. In the three cases a, 

b, c documented in the figure, the decrease in stress 
was made at the same strain rate of y = 2.5 x 107° 
per sec in creep tests. In order to determine f at 

a given creep rate the stress was periodically in- 
creased throughout the series of measurement. The 
plots (a) and (6) represent the values of 8 measured 
at temperatures 160°K and 114°K respectively, for 

a stress drop of 1.5 x 10° dynes per sq cm. The 

8’s for the plot (c) were obtained at 77°K for three 
stress drops of 1.5 10°, 2.9 10°, and 4.9 x 10° 
dynes per sq cm all of which gave the same values 
of 8 within the experimental scatter. In the other 
two cases, viz. (d) and (e) the values of 8 were 
determined from the effect of decrease of strain 
rate on stress in tension tests at 77° K. The strain 
rate for (d) and (e) was 1.5 X 107° and1.5x 

per sec respectively, and was dropped to one tenth 

of its initial value for the determination of 8. 

For a given state of the crystal, defined by a 
given value of L and T*, the activation energy U of 
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Eq. [2] can, with the aid of Eqs. [5] and[1], be 
expressed as 


F 
_p “BRT 
w=) 


dF = BkTd (T-T*) 


[6] 


where 7,,, is the maximum stress necessary to cause 
intersection in the absence of thermal] fluctuations. 
Since a constant state is being considered, however, 
T* and L are constant and the above expression for 
activation energy reduces to 


Tn 
U=J_ BeT dt [7] 


The activation energy, however, is linearly re- 
lated to the shear modulus of elasticity and there- 
fore U decreases with temperature in accord with 


U =U,G/G, [ 8] 


where 
U, = the activation energy corrected to 0°K for 


the change in shear modulus 
G =the shear modulus at 7°K 
G, = the shear modulus at zero deg K. (2.82 x 10" 
dynes per sq cm for Al)*® 
Thus, referring to the activation energy corrected 
for the change in shear modulus with temperature 
we can write 


TmG 


TGo/G 


U,=f a (7G,/G) [9] 


In order to conduct the integration of Eq. [9] it is 
necessary to establish the condition for identity of 
states for tests conducted at different temperatures 
for the same strain rate and for different strain 
rate at the same temperature. This is particularly 
necessary because of the inherent scatter in the 
state of different as-grown crystals and because 
Stage II is initiated at different strains as a function 
of the temperature. The criterion for the identity of 
states that will be used here, as based on Eqs. [1], 
[2], and [3], is that crystals exhibiting the same 
flow stress at the same temperature and strain rate 
are in the same state. Actually, as previously men- 
tioned, the same state should refer to the same 
value of T* and L. Consequently, the proposed cri- 
terion for identity of states presumes that 7* and L 
are uniquely related. The assumed criterion for the 
identity of state will therefore be justified a pos- 
teriovi later in this report. 

To identify the same states for the series of tests 
run at different temperatures under the same strain 
rate, the Cottrell-Stokes® ratio 


T71/TT2 =f (T,,T2,%) 
was used. This relationship was obtained by strain- 
ing one crystal at a strain rate of 2.5x10~ per sec 
at a fixed temperature, i.e., 77°K and periodically 
changing to other temperatures for a short time. 
From these data the relationship shown in Fig. 2 
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Fig. 2—The Cottrell-Stokes ratio of the flow stress at tem- 
perature T to the flow stress at 77°K for a strain rate of 
2.5 x 10 per sec. 


were obtained. And on the basis of these data the 
stress-strain curve for the same strain rate at 
114°K and 160°K were plotted as corrected to the 
temperature 77°K as shown in Fig. 3. Thus, the 


ture were readily established. 

Equivalence of states between the tension tests 
conducted under two different strain rates at a fixed 
temperature of 77°K was obtained as follows. Re- 
ducing periodically the strain rate of the faster test 
to that of the slower one (7 = 2.5 x 10~® per sec) the 


ratios of Ty, to at = 2.5 x 107° persec were ob- 


tained as shown in Fig. 4. With the help of these 
ratios the stress-strain curves of y, = 1.5 x 107$ 
per sec andy, = 1.5 X 10~* per sec at 77°K were ad- 
justed to y = 2.5x 10° per sec at the same temper- 
ature and are also shown in Fig. 3. 

Having thus determined the five equivalent states 
a, b, c, d, and e documented in Fig. 3, the actual test 


state were plotted as a function of Bk T as shown in 
Fig. 5. The activation volumes, therefore, increase 
as the stress is decreased in harmony with Basin- 

ski’s suggestion; and the amount of change depends 
on the state of the crystal. 


BOWING, CONSTRICTION, AND JOGGING 


When the leading partial of the dislocation on the 
glide plane is first impressed against the first par- 
tial of the forest dislocation, the pair of forest par- 
tials bow out on their glide plane along its line of 
intersection with the active slip plane of the glide 
dislocation. As higher net stresses are imposed on 
the glide plane, the bowing of the forest dislocation 
increases and the partials of both the glide disloca- 
tion and the forest dislocation begin to constrict. At 
a sufficiently high stress, constriction is complete. 
Up to this point no jogging takes place. At yet higher 
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Fig. 4—The ratio of the flow stress at a strain rate Y, to the 
flow stress at a strain rate y = 2.5 x 10~ per sec plotted as 
a function of strain for a temperature of 77°K. 
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Fig. 3—Cumulative stress-strain curves for aluminum single 
crystals. Curves 2, 3, 4, and 5 have been corrected to a tem- 
perature of 77°K and a strain rate of y = 2.5 x10 per sec. 


stresses jogging occurs accompanied by continued 
bowing, but no additional constriction takes place. 
Throughout this process the total applied stress 
must do work against the back stress field. Conse- 
quently, the total stress acting on a dislocation at 
any stage can be visualized to be the sum of the 
stress components necessary to induce jogging (7;), 
constriction and bowing (7,), and to overcome the 
back stress field (7*) as given by 


70 | T T | 
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Fig. 5—Temperature corrected stress vs the activation vol- 
ume (87) for five different states. 
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Fig. 6—The bowing of a forest dislocation B (pinned at B, 
and B») by an intersecting dislocation. 


TG, /G +7, +T*)G/G [10] 


Whereas 7; and 7, depend on the value of x during 
jogging and constriction, T* is independent of x and 
varies only with the work-hardened state of the 
crystal. Consequently, the curves for the various 
states shown in Fig. 5 have analogous shapes and 
differ from each other only with respect, first, to 
the displacement of the ordinate arising from differ- 
ences in 7* and, secondly, with respect to a multi- 
plicative effect on the abscissa due to the variation 
of L with the strain-hardened state. 

During the increase in stress necessary to effect 
intersection mechanically, the force acting on the 
glide dislocation imposes an equal force on the for- 
est dislocation at their point of contact, as shown in 
Fig. 6, causing the forest dislocation to bow out. 
The force required to bow the forest dislocation is 


y y 


where I = 1/2Gb? is the dislocation line tension. 
Because the line tension is great, the displacement 

y will always be small relative tol, or 1,. Further- 
more, the average values of 1, and 1, will be about 
1/4 and 31/4. Consequently, the bowing force can 

be approximated by 

Ty _ x) [11] 


where y, is the total displacement required for com- 
pletion of intersection mechanically. The mean value 
of 1 is approximately 3L and therefore 


1.78 x) 
L 


Fg = = 


Fg = = [12] 


During any slow purely mechanical process of inter- 
section, the force at any stage for intersection can 
be equated to that given for bowing, revealing that 


(r-7*)Lb 


This suggests that (7 - 7 *)G,/G for a given state 
should decrease linearly as x increases, a conclusion 
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Table Il. Values of L and 7* 
Estimated from Fig. 5 


State L, cm T*G/G, 
a 2.82 x 10-5 2.16 x 10” 1.74 x 10-5 
b 2.32 x 10-5 2.60 x 10’ 1.73 x 16° 
c 1.77 16 3.45 x 10’ 1.75% 16° 
d 1.41 x 1075 4.32 x 10’ 1.74 x 10-5 
e 1.16 x 1075 5.18 x 10’ 1.72% 106° 


which is in sharp contrast to the actual data recorded 
in Fig. 5. The origin of this false deduction is con- 
tained in the tacit assumption that the thermally acti- 
vated process of intersection is accomplished by tra- 
versing the same series of equilibrium states as 
those obtained by slow mechanical intersection. 

A certain amount of bowing, as given by Eq. [13] 
takes place under static effect of an applied stress. 
But under the additional effect of a successful ther- 
mal fluctuation, a shock is imposed locally at the 
point of contact of the glide dislocation with the forest 
dislocation, resulting in completion of constriction and 
jogging without inducing extensive additional bowing. 
As a result of the conditions of shock imposed by a 
thermal fluctuation, the distance x appropriate to the 
data recorded in Fig. 5 refers approximately to the 
geometrical displacement necessary to complete con- 
striction and intersection and not that necessary for 
bowing. Therefore, for aluminum and other metals 
that have relatively low constriction energies, a pre- 
cipitous increase in the TG,/G vs xLb = BkT curves 
of Fig. 5 will take place, as x decreases atx ~b. At 
this point the constriction becomes complete and jog- 
ging first begins. The values of L, obtained by esti- 
mating the point xLb = Lb? at which a rapid increase 
in ordinate is observed in the curves of Fig. 5, are 
recorded in Table II. The values obtained for various 
states give an order of magnitude for the density of 
dislocations that is reasonably consistent with other 
observations and further reveal that the density of 
the forest dislocations increases with strain harden- 
ing during Stage II. It is believed, however, that the 
values of L documented in Table II might be slightly 
higher than the actual mean spacing between the 
forest dislocations because of the arbitrary proce- 
dure that had to be adopted in estimating the value 
of xLb at which TG,/G began to increase rapidly. 

Since TG,/G approaches asymptotically the value 
of T*G,/G as xLb increases, the value of T*G,/G 
can also be estimated to be slightly below the lowest 
values of TG,/G obtained in the data given in Fig. 5. 
Such estimated values are also given in Table I. 

From the now known values of L, given in Table 
Il, it was possible to determine the curves given in 
Fig. 7, where the values of (TLb)G,/G are plotted 
as a function of x. The striking result is obtained 
that the plots of (F + T*Lb) G,/G vs x coincide ex- 
tremely well regardless of the work hardened state 
of the material. This can only mean that (7*Lb)G,/G 
must be a constant, independent of the strain hardened 
state. Since the value of (tLb)G,/G should be only 
slightly greater than that for (T*Lb)G,/G for the 
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Fig. 7—The plot of tLb/(G/Gpo) against x the distance be- 
tween the intersecting dislocation for five different states to- 
gether with the mean curve. 


highest value of x investigated, the value of the con- 
stant (T*Lb)G, /G is estimated from the mean curve 
of Fig. 7 to be about 1.73 x 107° dynes. The same 
value can be found by taking the average of the last 
column of Table II which was estimated on the basis 
that the values of TG,/G for the highest values of 
xLb approach the value of T*G,/G for each state 
shown in Fig. 5. 


ACTIVATION ENERGY 


From the Seeger equation for creep rate given as 
Eq. [3] we see that a small abrupt change in tempera- 
ture from T, to T, if made, without affecting the 
state of the material, will cause a corresponding 
change in the strain rate from y, to 7. A quantity gq, 
the apparent activation energy, defined as 


q=k in(y, /x) [14] 


was calculated from such changes at different tem- 
peratures and strains at a strain rate of 1 x 107° 
per sec. A typical example of such a test run is 
shown in Fig. 8. 

In order to get the apparent activation energy q 
for the given strain rate, the change in temperature 
was always made when the strain rate equalled 
1X 10°® per sec. This was effected by periodically 
increasing the stress during the course of creep 
and then delaying the change in temperature until 
the desired creep rate was obtained. The average 
values of g measured throughout Stage I and II at 
different temperatures are recorded in Fig. 9 after 
being corrected to a strain rate of 2.5x 10° per 
sec. 

The apparent activation energy, q, is related to 
U according to 


[15] 
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Fig. 8—Typical apparent activation energy determination. 


where AT is the small abrupt change in temperature 
made at T °K and 


AU = aT 


As shown by Eq. [9], the activation energy U, can 
be calculated from the data given in Fig. 7, by de- 
termining the area under the curve from (TLb)G,/G 
to the value of F,,,, which must yet be evaluated. An 
increase in temperature AT = 7, - T, at a constant 
stress for a given state, will cause an increase of 
the force on the dislocation by a factor of G, /G, , 
where G, and G, are the shear moduli at tempera- 
tures 7, and 7,, respectively. The area between 
these two ordinates gives the value of AU. Thus the 
values of T, (AU/AT) for 77°K, 114°K, and 160°K 
were calculated for each of the five states shown in 
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Fig. 9—Apparent activation energy vs temperature for alu- 
minum single crystals at a strain rate of approximately 2.5 
x 10 per sec. 
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Table 
Difference 
of U, between Calculated from q Calculated from B 
114° to 77°K 900x erg 1300cal/mole 1000ergx 1400cal/mole 
160°to77°K 2200 erg 3200 cal/mole 2700 erg x 10-** 3900 cal /mole 


Fig. 3. Values of U for the given strain rate y = 

2.5 107° per sec were computed by subtracting the 

average values of TZ, (AU/AT) for the three tempera- 

tures from the corresponding values of g. The plot 

of U against temperature is shown in Fig. 10. 
According to Eq. [3] the activation energy 


INL? 
6Y 
should increase linearly with temperature for a con- 
stant strain rate over the range where NL? remains 
constant. The plot of Fig. 10 shows that U varies 
linearly with temperature and that NL? stays sub- 
stantially constant over the range of conditions in- 
vestigated. 

As mentioned before, the area enclosed between 
two ordinates and the curve of Fig. 7 gives the dif- 
ference in activation energy for two temperatures 
at a given state and fixed strain rate. The difference 
of activation energies between 77°, 114°, and 
160°K for all five states were thus calculated and 
their average value has been tabulated in Table II. 
These values, as can be seen, are computed from 
the observed values of 8 obtained by the change in 
stress at a fixed temperature. The same energy 
difference can also be calculated from the observed 
values of g obtained by change in temperature at a 
fixed stress. 

The agreement between the difference in U, calcu- 
lated by two alternate techniques, being within ex- 
perimental accuracy, confirms the nominal validity 
of the assumed theoretical approach adopted here. 

From the known value of true activation energy, 
U, of about 3400 cals per mole at 77°K for a strain 
rate of 2.5 107° per sec, F,, shown in Fig. 7 was 
calculated. The remainder of the curve, between 
0 < x < 6 was faired in as shown by the solid line in 
Fig. 7, to give the complete force vs distance dia- 
gram. 


U =kT [16] 


STRAIN HARDENING 


The data contained in Fig. 3 clearly reveals that 
when stress-strain curves are adjusted by the Cot- 
trell-Stokes ratio to refer to the single temperature 
at 77°K, they all exhibit the same rate of strain 
hardening, @ = dt/dy over Stage II. This correlation 
is a direct consequence of the fact that T*Zb isa 
constant. To illustrate this point using Eqs. [1] and 
[16] we have 


Fm 2 

 xd{(t- Lb} = kT in( [17] 
F=(7T - T*)Lb 

consequently 
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Fig. 10—The plot of true activation energy, U, as calculated 
from apparent activation energy against temperature. 


AE be) 


where yw is an appropriate function given by the in- 
tegral and @¢ is its inverse. For a given strain rate 
at a fixed temperature, since dF/dy = 0 the rate of 
strain-hardening 


dt _ T*d\n(t*Lb) +TL constant [19] 


dy 
This fact plus the experimental correlation that for 
a given strain rate the ratio of strain hardening at 
two temperatures / 97, / Try, where T7, and 
T7, are flow stresses at any given Strain for the two 
temperatures demand that T*Lb must be a constant 
as shown in Fig. 7. Consequently, the method of 
using the flow stress as a measure of the strain 
hardened state of the crystal at a given strain rate 
and temperature is confirmed a posteriori. 

Many theories have been proposed to account for 
the linear strain hardening effects that are so pro- 
nounced over Stage II. Mott? originally suggested 
that the back stresses arising from dislocation ar- 
rays on the slip plane, which were piled up against 
stable Cottrell-Lomer dislocation, were responsible 
for the long range back stresses giving rise to 7*. 
Freidel’” and Seeger ® independently suggested alter - 
nate quantitative models based on this mechanism. 
Stroh,® however, illustrated that Cottrell-Lomer dis- 
locations are not stable under localized stress fields 
of piled-up arrays, whereas Cottrell and Stokes 
pointed out that the independence of the Cottrell- 
Stokes relation with strain hardened state could only 
be rationalized if the forces responsible for strain- 
hardening arose from the neighboring dislocations 
rather than long range stress field. More recently 
Basinski* emphasized that since the forest and glide 
dislocation may not be mutually perpendicular, the 
local interaction between their stress field is the 
factor responsible for strain hardening. 

To a first crude approximation the local interac- 
tion force over a region b, between forest and glide 
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dislocation separated by one Burger’s vector will 
be about 


Fs ~5x3.7x10°% dynes [20] 
where 6 is of the order of magnitude of unity. The 
experimentally determined value of T*LbG,/ Ge 
1.73 x 10-5(see Fig 7) shows that the force due to 
back stress is almost equal to the theoretically esti- 
mated value of localized interaction force. Conse- 
quently, the force due to long-range interaction is 
not much effective in retarding the motion of glide 
dislocation. 

The preceding analysis therefore reveals that the 
strain hardening of single crystals of Al in Stage II 
arises almost exclusively due to the increase of lo- 
calized interaction force as a result of the increase 
in density of forest dislocations with strain. This 
conclusion also supports the rather extensive evi- 
dence that the deformation of single metal crystals 
at low temperatures obeys the mechanical equation 
of state. 

The variation of 1/L with the value of (y - %) re- 
ferred to 77°K for Stage II (vide Fig. 3) is given in 
Fig. 11. The major question confronting the com- 
plete description of strain hardening of single cry- 
stals in Stage II now concerns only the details of the 
mechanism whereby the density of the forest dislo- 
cations is increased to give the linear dependence of 
1/L on strain. 

Although single crystals of aluminum appear to 
strain harden exclusively as a result of the increase 
in density of the forest dislocations, the deformation 
characteristics of polycrystalline aluminum might 
also be dependent on the effects of long-range back 
stresses induced by dislocations piled up against 
grain boundaries. In this case 7* and 1/L may well 
vary independently. Perhaps this is the major factor 
responsible for the differences in the mechanical 
behavior of single crystals and polycrystalline ag- 
gregates. It is worthy of consideration because it 
may be possible that the two independent state vari- 
ables 7* and 1/L account for the well-documented 
failure of the mechanical equation of state for defor- 
mation of polycrystalline aluminum. 


LOW-TEMPERATURE CREEP 


The creep behavior of single metal crystals at low 
temperatures has not yet been adequately treated by 
a unified theoretical approach. It is well-known that 
under certain conditions of temperature and stress, 
logarithmic creep is obtained, whereas under other 
conditions a somewhat parabolic behavior results, and 
yet both laws are ascribed to the operation of the 
intersection process as the rate controlling mecha- 
nism. It is the present contention that the observed 
differences in the creep laws arise principally from 
the differences in the slope of the F vs x curves for 
intersection at various stress levels and strain- 
hardened conditions. As creep proceeds at a given 
stress, L decreases causing F to decrease. This in 
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Fig. 11—The variation of 1/L with resolved shear strain, 
(Y — Yo), for stage II referred to 77°K (see Fig. 3). 


turn results in an increase in the activation energy 
U and consequently results in lower creep rates. But 
the intimate trends of creep straining on the creep 
rate will depend on the initial value of Fand the shape of 
the F- x curve at that value of F. The fact that creep 
curves can be predicted from the F - x data will now 
be demonstrated without reference to any of the va- 
rious empirical time laws for creep. 

Making the approximate assumption that N is con- 
stant during the course of limited creep, 


y, _(Y%)-(@) 
e kT [21] 


where subscript one refers to a standard state ona 
creep curve. In Fig. 12 the standard state was taken 
at a strain rate of 2.5 x 10° per sec and at a strain 
y, = 0.03155 where the calculated and observed 
curves are brought into coincidence. The value of 
U, at 77°K when referred to Fig. 7 gives the value of 
F,G,/G. The plot of 7Lb vs x which can be obtained 
from Fig. 7 gives the value of 7* Lb and the value 
of L,, therefore, can be calculated from Eq. [1] 
When referred to Fig. 11 this gives a value of 
(% — Y 9) where % is an unknown constant of the cry- 
stal. If a second smaller strain y, is now assumed 
the corresponding value of L, can be obtained from 
which the value of F, can be calculated. The differ- 
ence in the activation energy between this and the 
standard state is merely 


U,-U,=S xdF [22] 


which can be obtained by the graphical integration of 
TLb vs x curve. Introducing the values for L and 
(U,) - (U,) into Eq. [21] gives the creep rate for 
the second strain that was selected, and so forth. 
The creep curves shown in Fig. 13 were calculated 
in this way for comparison with the actual experi- 
mental results at two temperatures, viz. 77° and 
160° K with the same applied shear stress of 4.9 x 10’ 
dynes per sq cm. The good agreement confirms the 
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Fig. 12—Calculated and observed creep curve with an applied 
shear stress of 2.95 x 10’ dynes per sq cm at 77°K. 


general validity of the proposed procedure and sug- 
gests that the debate on the time laws for low-tem- 
perature creep can only be rationalized in terms of 
F curves. 


CONCLUSIONS 


1) Extensive evidence based on activation energies 
for deformation and activation vols strongly support 
the contention that the rate of deformation of single 
Al crystals at subatmospheric temperatures is con- 
trolled by thermally-activated intersection of dis- 
locations. 

2) Analyses of the dependence of the flow stress on 
the activation vol permit the estimation of the force- 
displacement diagram for the intersection of a dis- 
location pair. 
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Fig. 13—Calculated and observed creep curves with an ap- 
plied shear stress of 4.9 x 10’ dynes per sq cm at 77°K and 
160° K. 


3) The long-range back stress was found to be 
zero, the entire strain-hardening over Stage II being 
attributable to short-range stress fields encountered 
upon intersection. 

4) The linear strain hardening in Stage II results 
from the linear increase in the reciprocal of the 
spacing of forest dislocations with strain. 

5) The shape of the creep curves depends on the 
nature of the force-displacement diagrams for inter- 
section of dislocation pairs. 
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17. 


The Titanium Rich Region of the Titanium-Aluminum- 


Vanadium System 


Paul A. Farrar and Harold Margolin 


The Ti-Al-V system has been delineated from 50 titanium was premelted into buttons of 25 g because 
to 100 wt pct Ti and from 600 to 1400°C by X-ray and_ spattering during the first melt caused uncontrol- 
metallographic techniques. Isothermal sections were able loss of alloying constituents. Typical analyses 
delineated at 600, 700, 800, 900, 1000, 1100, 1200, of the material used have been reported elsewhere 
1300, and 1400°C. X-vay and metallographic evidence (A},° Ti, and V1). 

indicated the presence of two phases (y7;,a14nd 51i.a1) Attempts to hot roll the alloys prior to heat treat- 
in addition to those reported by previous investigators went were made on the first series of alloys pre- 


of the ternary system'-°, 


Tue titanium-rich region of the Ti-Al-V system as 
originally proposed by Rausch ef al.'»? and Jordan 
and Duwez’ was based on the binary Ti-Al diagram 
as proposed by Bumps ef al.* As additional phases 
have been shown to exist®~® in the region previously 
thought to be all a, the titanium-rich region of the 
Ti-Al-V system is open to serious question. There- 
fore, in order to determine the effect of the indicated 
changes in the Binary Ti-Al system on the ternary 
Ti-Al-V system the present investigation was initi- 
ated. 


EXPERIMENTAL PROCEDURE 


The experimental procedures in this investigation 
are the standard techniques used in the study of 
titanium-alloy systems which have been described in 
detail previously.’° Consequently, only details perti- 
nent to the present work are discussed. 

The alloys employed for the delineation of this 
system were prepared from titanium obtained from 
the Bureau of Mines (73 BHN) 99.99 pct Al and 99.7 
pct V, by the consumable arc-melting technique. The 
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pared, but as the area of extensive hot workability 
was fairly restricted, see Table I, this practice was 
discontinued. 

The times of isothermal annealing are given in 
Table II. A preliminary heat treatment of 96 hr at 
1000°C was used prior to heat treatment at lower 
temperatures. 

The standard techniques used for polishing speci- 
mens involved belt-grinding, grinding on emery pa- 
per, polishing electrolytically, and etching with 
Remington “A” etch. In the low-alloy region it was 
found that the *R” etch, developed by Ence and Mar- 
golin,/* gave better contrast between phases. Where 
this procedure did not differentiate between phases 
clearly, the method of stain etching developed by 
Ence and Margolin!%,/4 was used. 

It has been previously reported? that filing of 
titanium alloys is not desirable for producing X-ray 
powders, since the powder becomes contaminated 
by the file material. Therefore, for those samples 
not brittle enough to crush, the procedure described 
below was used. The specimen was wrapped in 
molybdenum sheet and placed in a vacuum system 
and evacuated to 0.03 u. Palladium-purified hydro- 
gen was then admitted to the system until a partial 
pressure of 50 cm of H was reached. The specimen 
was heated in the system to the temperature of orig- 
inal heat treatment and was slowly cooled over a 
period of 3 hr to 400°C while the partial pressure of 
hydrogen was maintained. The sample was removed 
from the system after it had completely cooled and 
was crushed to a powder of 230 to 270 mesh. 

The powder, wrapped in molybdenum sheet, was 
dehydrogenated at the temperature of original heat 
treatment until a partial pressure of 0.03 y was 
maintained in the system for at least 1/2 hr. The 
tube containing the powders was quenched in iced 
brine while still connected to the vacuum system. 
After dehydrogenation, the powder, except for the 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table |. Chemical Analysis and Hot Rollability of Selected Alloys Table |. (Continued) 


Nominal Composition Analysed Composition Pct Hot Rollability Nominal Composition Analysed Composition Pct Hot Rollability 
Pct Al Pct V Pct Al Pct V at 800°C Pct Al Pct V Pct Al Pct V at 800°C 


2 30.60 


32 
36 34.40 
38 36.20 


single phase 11 pct Al-1 pct V* alloy at 700°C, was 


*All compositions are in wt pct. 


reannealed in quartz capsules at the temperature of 
the original anneal. 

The powders were then mounted in Lindemann 
glass capillaries (0.03 mm diam). Exposure times 
were 20 to 28 hr at 35 kv and 20 ma. 

Chemical analysis of 33 of the 216 alloys used in 
this investigation was carried out by the Academy 
Testing Laboratories, Inc., New York. In general 
the agreement between nominal and analysed com- 
positions was quite good, as shown in Table I. In 
plotting the diagram the analysed alloys are shown 
as squares while those for which nominal composi- 
tions were used are shown as circles. 


OOH ANH 


EXPERIMENTAL RESULTS 


A) Accuracy of Determination of Phase Bound- 
aries. The isothermal sections were finally con- 
structed after adjusting the isothermal with perti- 
nent vertical sections where necessary to bring them 
into agreement with each other and the binary Ti-Al 
system as proposed by Ence and Margolin’»® and the 
Ti-V system as determined by Ermanis ef al." In 
the sections as presented the phase boundaries 
drawn as solid lines are thought to be accurate to 
within +0.5 pct with those drawn as dashed lines be- 
ing less accurately determined. 
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21.60 

20.80 

21.65 

23.80 

24.70 : Fig. 1—Partial isothermal section of the Ti-Al-V system 
27.50 at 1400°C. 
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Table Il. Heat Treatment Times and Temperatures 


Temperature °C Time, Hr. 
1400 2 
1300 8 
1200 24 
1100 48 
1000 96 to 166 
900 168 
800 432 
700 840 to 1154 
600 3696 to 4608 


B) Isothermal Sections. The partial isothermal 
sections covering the region up to 50 pct V and 50 
pct Al are shown in Figs. 1 to 9 for the temperature 
region 1400° to 600°C inclusive. 

The phases encountered are the following: a, f, 
YTIi, Als Al? and From the binary Ti-Al 
data the phase TiAl, should appear in the very high- 
aluminum region of sections at 1100°C and below, 
but no specimens which contained the phase were 
prepared. As its presence in the binary diagram is 
not questioned it has been included, where neces- 
sary, to complete the drawing of the sections. 

The isothermal sections at 1400°, 1300°, and 
1200°C, have the same general construction, see 
Figs. 1, 2 and 3. The phase fields encountered are 
the three-phase field B + 573,41 the two- 
phase fields + 573,41, 8 +€ria1 and Ory 
well as the corresponding single-phase 
fields. 

At 1100°C and below the phase relations become 
more complex. The peritectoid reaction 


B + Y Tig Al 
and the peritectoid reaction 


B+Yri,a17 @ 


as reported by Ence and Margolin’»® occur in the 
binary Ti-Al diagram. 


Fig. 3—Partial isothermal section of the Ti-Al-V system 
at 1200°C. 
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Fig. 2—Partial isothermal section of the Ti-Al-V system 
at 1300°C. 


In the 1100°C section, see Fig. 4, the same gen- 
eral configuration is encountered in the high-alumi- 
num region as was found in the sections at higher 
temperature, with the phase boundaries being shifted 
to still lower aluminum contents and the solubility 
of vanadium in 67 i,A1 decreasing further. In the 
low-alloy region an additional three-phase field 
B+Yrisai + ori, ay has been introduced even though 
no three-phase alloys were obtained, since the mi- 
crostructures of the alloys in the field labeled 
B+ Ytiza1 Were definitely different from those in the 
Bt Sry, al Phase field. 

The solubility of vanadium in the y7;_,4; phase at 
this temperature is considerably less than 1 pet 
and no direct evidence for this or the Y7i,a1 + ont, Al 
phase field was obtained. 

In the low-alloy region of the 1000°C section, 

Fig. 6, the three-phase field 8 + yx, 31 + on, A, has 
expanded and direct microstructural evidence for 


Fig. 4—Partial isothermal section of the Ti-Al-V system 
at 1100°C, 
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Table Il. Summary of X-Ray Data 


X-Ray Type Heat 
Nominal Microstructural _Identi- of Treatment 
Composition Identification fication X-Ray Temp °C 

Ti-24 pct Al-8 pct V B B+6 P 1400 
Ti-28 pct Al-8 pct V B B+6 P 1400 
Ti-32 pct Al-8 pct V B+6 B+6 P 1400 
Ti-36 pct Al-8 pct V 5 +e S +e G 1300 
Ti-24 pct Al-4 pct V B+6 B+6 P 1200 
Ti-24 pct Al-8 pct V B+6 B+6 P 1200 
Ti-24 pct Al-12 pct V B B+6 P 1200 
Ti-28 pct Al-4 pct V 6 6 P 1200 
Ti-28 pct Al-8 pct V B+6 B+6 P 1200 
Ti-28 pct Al-12 pct V B+6 B+6 P 1200 
Ti-32 pet Al-4 pct V S +e S +e P 1200 
Ti-32 pct Al-8 pct V S+e S +e P 1200 
Ti-36 pct Al-4 pct V € OS +e P 1200 
Ti-40 pct Al-4 pct V € € |S 1200 
Ti-7 pct Al-2 pct V a+Bt+y a+B P 1000 
Ti-8 pct Al-1 pct V a+Brty a P 1000 
Ti-11 pct Al-1 pct V y at+y P 1000 
Ti-11 pct Al-4 pet V B+y+8 a+B+Y P 1000 
Ti-14 pct Al-1 pct V y+ y +d P 1000 
Ti-24 pct Al-4 pct V 6 6 P 1000 
Ti-32 pct Al-4 pct V S+e S +e P 1000 
Ti-8 pct Al-8 pct V B+y+6 y+6 G 800 
Ti-10 pct Al-4 pct V Bry y G 800 
Ti-11 pct Al-1 pct V y a G 800 
Ti-12 pct Al-4 pct V B+y+d B+6 G 800 
Ti-16 pct Al-8 pct V B+6 B+6 G 800 
Ti-3 pct Al-1 pct V a a P 700 
Ti-8 pct Al-1 pct V at+y 700 
Ti-8 pct Al-4 pct V a+B+y a+B+y P 700 
Ti-10 pct Al-1 pct V y y P 700 
Ti-11 pct Al-1 pct V y a P 700 
Ti-11 pct Al-4 pct V B+y+8 B+y+d P 700 
Ti-12 pct Al-1 pct V y y P 700 
Ti-14 pct Al-1 pct V y+6 y+6 P 700 
Ti-19 pct Al-1 pct V 6 ) P 700 
Ti-16 pct Al-4 pct V 6 r) P 600 


P — Powder pattern. 
G — Solid sample goniometer pattern. 


Fig. 6—Partial isothermal section of the Ti-Al-V system 
at 900°C. 
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Fig. 5—Partial isothermal section of the Ti-Al-V system 
at 1000°C, 


its existence at this temperature was obtained. An 
additional three-phase field a +B + Yvi,a1 has also 
been introduced, again with direct microstructural 
evidence being obtained. 

The isothermal sections at 900°, 800°, 700°, and 
600°C, Figs. 6-9 inclusive, are all similar in con- 
struction to the 1000°C section with the three-phase 
fields being expanded with decreasing temperature. 

C) Microstructures. Typical microstructures ob- 
served throughout the system are shown in Figs. 10 
to 18. 

Figs. 10 (26 pct Al-10 pct V alloy heat treated at 
1100°C), 11 (28 pct Al-10 pct V alloy heat treated at 
1100°C) and 12 (34 pct Al-8 pct V alloy heat treated 
at 1100°C) show the progression of microstructures 
as the aluminum content is increased at approxi- 
mately constant vanadium content. Fig. 10 shows a 
typical structure of oni, a) in a transformed f ma- 


Fig. 7—Partial isothermal section of the Ti-Al-V system 
at 800°C. 
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Fig. 8—Partial isothermal section of the Ti-Al-V system 
at 700°C, 


trix. Fig. 11 shows on, a) and €7;,; in a transformed 
8 matrix while in Fig. 12, small amounts of retained 
8 are shown dispersed in an €+7;,, matrix. 

Fig. 13 (6 pct Al-2 pct V alloy heat treated at 
1000°C) shows a typical a +8 structure, while 
Fig. 14 (6.84 pct Al-2.18 pct V alloy heat treated at 
1000°C) shows a plus transformed 7-7;, 4; plus trans- 
formed f. Fig. 15 (7.81 pct Al-2.26 pct V alloy heat 
treated at 1000°C) shows transformed y7;,q) in a 
transformed £ matrix. Thus by the change of only 


Fig. 9—Partial isothermal section of the Ti-Al-V system 
at 600°C. 


loy as has been reported previously’? for Ti- Al 
alloys in which the 67;, 4; is low in aluminum content. 
Fig. 18 (12 pct Al-4 pct V alloy heat treated at 
800°C) exhibits a typical peritectoid structure of 
B +¥rizga1 and 67;,4;. This structure shows the for- 
mation of ¥7;,a1 by the reaction of 8 and 57;,,4; upon 
cooling from the 1000°C preliminary anneal to the 
final heat-treatment temperature of 800°C. 

D) X-Ray Diffraction Data. A total of 36 X-ray 
diffraction patterns were obtained from representa- 


2 pct in the aluminum composition the phase relations tive samples throughout the system and the data ob- 


have changed progressively from a +f toa +f 
and then to + ¥7;, 41. 

In Fig. 16 (10.24 pct Al-4.08 pct V alloy heat 
treated at 1000°C) small amounts of 57;, 4; as well 
aS Y7i,41 Can be seen in the 8 matrix. Fig. 17 (14 pct 
Al-4 pct V alloy heat treated at 1000°C) shows only 
57,1 and 6. It should be noted that there is some 
indication of transformation of the 57;, 4; in this al- 


Fig. 10—Ti-26 pct Al-10 pct V Alloy. 
1100°C-48 hr, I.B.Q., ‘‘A’’ etch, 
X350. Isothermal Sti,a1 ina matrix 
of 8 partially transformed to OTi,al- 


trix. 
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Reduced approximately 19 pct for reproduction. 


Fig. 11—Ti-28 pet Al-10 pct V Alloy. 
1100°C-48 hr, I.B.Q., ‘‘A’’ etch, ‘‘HG’’ 
electrolytic stain, X600. 67,4; (long 
white plates) + €y;4; (adjacent twin 

like structure) in transformed 8 ma- 


tained is summarized in Table III. Of the phases en- 
countered in this investigation, 
and €7;,;), all but y7;,4; have structures which 
have been identified previously. on, a) Was identified 
as hexagonal with a suggested isomorphism with 

Ti, Sn with a c/a ratio approximately half that of a.® 
Although 57;, 4) occurs over a rather broad range of 
composition, no large change in lattice parameter 


Fig. 12—Ti-34 pct Al-8 pct V Alloy. 
1100°C-48 hr, I.B.Q., ‘‘A’’ etch, 
X350. Small amounts of Bin €7ia; 
matrix. 
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Reduced approximately 19 pct for reproduction. 


Fig. 14—Ti-7 pct Al-2 pct V Alloy. Fig. 15—Ti-8 pct Al-2 pct V Alloy. 


Fig. 13—Ti-6 pct Al-2 pct V Alloy. 

1000°C-162 hr, I.B.Q., ‘‘A’’ etch, 1000°C-162 hr, I.B.Q., ‘‘A’’ etch, 1000°C-162 hr, I.B.Q., ‘‘A’’ etch, 
““TA”’ electrolytic stain, X225. a in “TA’’,electrolytic stain, X350. a “TA” electrolytic stain, X225. Trans- 
transformed £ matrix. (dark) + transformed y7;,4; in trans- formed y7i,a: in transformed £ matrix. 


formed matrix. 


was noted. € has been determined as face centered indexed as hexagonal structure with multiple c/a 
tetragonal.!® ratios a ~ 1.6, dy;,41 ~ 0.8, and Y7;,41 ~ 0.4, it is 

X-ray diffraction data of alloys annealed at 1200°, very difficult to identify positively X-ray structures 
1300°, and 1400°C proved that the decomposition 
products of both B and €7;,) are 57j, 4; in the higher 
aluminum region, é.g., above approximately 20 pct 
Al. For example, the 24 pct Al-8 pct V alloy heat 
treated at 1400°C showed a partially transformed 
8 microstructure, while the X-ray diffraction pat- 
tern was B + 4). 

From diffraction data obtained of alloys annealed 
at 700°, 800°, and 1000°C, the ¥7,4; phase was ten- 
tatively identified as hexagonal c/a = 0.403, 

a =11.550A, c = 4.655A. Typical X-ray diffraction 
data for 700°C are given in Table IV. The data for 
the Ti-3Al-1V alloy, see Table IV, is that of a typi- 
cal a structure while the Ti-8Al-1V pattern shows 
additional lines. The Ti-10 pct Al-1 pct V, Ti-12 pct 
Al-1 pct V and Ti-14 pct Al-1 pct V alloy have still 
more lines. In the Ti-19 pct Al-1 pct V alloyonlythe rig. 17_Ti-14 pet Al-4 pet V Alloy. 1000°C-162 hr, I.B.Q., 
lines associated with Ti, Al are observed, see ‘“‘A”’ etch, “‘TA”’ electrolytic stain, X600. d7;,a: (dark) 


Table IV. Since a, ¥j4,41, and 657;, 4; all have been + retained 8. Reduced approximately 19 pet for reproduc- 
tion. 


Fig. 18—Ti-12 pet Al-4 pet V Alloy. 1000°C-96 hr, 800°C- 
432 hr, I.B.Q., ‘‘R’’ etch, ‘‘HG”’ electrolytic stain, X350. 
B (white) + O7i,A1 (dark) + Y7;,a,- Reduced approximately 

19 pet for reproduction. 


Fig. 16—Ti-11 pct Al-4 pct V Alloy. 1000°C-162 hr, I.B.q., 
etch, ‘“‘TA” electrolytic stain, X600. d7i,a1 (A) + YTi,Al 
(B) + transformed 8. Reduced approximately 19 pct for 
reproduction. 
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Table IV. X-Ray Diffraction Data of Ti-Al-V Alloys Heat Treated at 700°C 


10 Pct Al-1 12 Pct Al-l 14PctAl-1 19 Pct Al-1 
3Pct Al-1PctV aTi* 8 Pct Al-1 Pct V Pct V Ti,Al** Pct V Pct V Pct V Ti,Al*** 
Ij, bth I, I, I, 4A I, GA Wk If, 
5.6 vw 5:7 vvw 5.8 vvw 
200 5.001 4.9 vvw 4.95 vvw 100 5.001 w 


4.3 vw 4.2 vww 101 .4220 4.3 vvw 
3.8 vw 3.8 vvw 210 3.781 3.81 vvw 3.8 vvw 
3.40 vvw 201 3.407 3.40 vvw 3.40 vw 3.40 w 101 3.399 m 


-2:935 3.01 vvw 

220 2.887 2.88  vvw 2.90 vw 110 2.887 vw 
301 2.710 2.57. vvw 

2.54 m 100 2:527 2.52 om 2.51 m 400 2.501 2.505 m 2.50 m 2.50 m 200 2.500 ms 
311 2.383 2.37. vvw 

2.34 m 002 2:331 2.33 m 2:32: om 002 2.328 2.320 w 2.32 m 2.33 ms 002 2.319 ms 
2:27 vvw 102 2.267 2.27. vvw 

2:23. 101 2222 2.22 s 221 6s 401 2.203 2.203 s 220 222 201. 2201 


202 2.110 2.120 ww 
420 1.890 1.890 ww 1.885 vvw 1.90 vvw 210 1.890 vw 
501 1.838 1.845 vvw 
222 1.812 1.810 ww 1.810 vvw 1.81 vw 112 1.802 w 


42) 45751 1.750 vvw 1.75 vvw 211 1.751 vw 
1.72 m 102 1.712 1.710 m 1.710 m 402 1.704 1.705 m 1.702 m 1.71 ms 202 1.700 ms 
203 = 1.482 1.482 vvw 103 1.477 vw 
1.465 w 422 1.467 
1.470 m 110 1.459 1.460 m 1.447 w 440 1.444 1.450 m 1.448 m 1.450 m 220 1.444 ms 
213 1.435 vvw 
602 1.355 1.360 vvw 302 1.353 vvw 
432 ° 1.343 1.341 vvw 
1.330 m 103 1.331 1.321 ms 1,321 om 403 1.318 1.321 m 1.319 ms 1.320 ms 203 1.315 ms 
522 1.304 1.305 vvw 
540 1.281 1.282 vvw 
612 1.276 1.276 vvw 
1.274 vw 200 1.263 1.260 vvw 1.251 vvw 800 1.250 1.257 vvw 1.254 w 1.257 w 400 1.251 w 
1.249 m 112 1.236 1.236 m 1.232 m 442 A227) 615225: «m 1.231 m 1.232 m 222 12% m 
1.218 vvw 532 1.218 1.220 vw 
1.233 m 201 1.219 1.215 Mm 1.210 m 801 1.208 1.213 m 1.213 «m 401 1.208 Mm 
423 1,199 1.197 vvw 
S13 74 1.174 
1.170 vw 004 1.166 1.64 w 1.163 w 004 1.164 1.165 vvw 1.163 w 1.165 w 004 41.160 m 
104 1.156 1.155 vvw 
640 1.147 1.148 vvw 
S42 1,322 1.123 vvw 
1.117. vvw 523 1.114 1.115 vvw 
1.110 vvw 632 1.108 
1.122 vw 202 1.111 241.110 w 802 1.101 1.107 vw 1.103 m 1.108 w 402 1.101 m 
731 1.094 1.092 
722 1.082 1.083 vvw ‘ 
821 1.063 1.063 vvw 
1.067 vw 104 1.058 1.056 w 1.055 w 404 1.055 1.058 w 1.055 m 1.058 m 204 1.052 m 
642 1.029 1.031 vvw 


* Calculated d values based on a = 2.918A, c = 4.662A 
** Calculated d values based on a = 11.550A, c = 4.655A , 
*** Calculated d values based on a = 5.775A, c = 4.638A‘ 
s Strong 
ms Medium strong 
m Medium 
w Weak 
vw Very weak 
vvw Very very weak 


containing 2 or more of these phases. The presence single-phase Y7;, 4) at 700°C by microscopic means, 

of the more complex structure can be determined by _ but as @ by X-ray. The reason for this was that the 

the presence of the additional lines, but the simpler X-ray powder was not reannealed after the dehydro- 

structure can only be detected by line broadening genation and as the cooling rate after this operation 

due to overlap of almost identical lines. was not fast enough, the y7;,,, transformed to an 
The Ti-11 pct Al-1 pct V alloy was identified as a-like structure. 
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DISCUSSION OF RESULTS 


The results obtained in this investigation can, in 
general, be said to support the conclusions of Ence 
and Margolin ® as to the nature of the Ti-Al diagram 
between 0 and 50 pct Al. Definite X-ray and metal- 
lographic evidence has been obtained to support 
their findings as to the existence of ¥7;,,; and 
57;,a1- The data obtained at temperatures of 1200°C 
and above also tend to support their contention that 
no peritectoid reaction exists in the Ti-Al system 
at 1240°C and 31 pct Al as was reported by Bumps 
et al.* 

The X-ray data obtained from the ternary system 
did not give any evidence for the existence ot the 
€ phase reported by Sagel ef al. This phase was 
reported by them to exist at about 18 pct Al below 
1000°C. 

The ¥7;,a1 Phase was found to decompose very 
readily and it was only through the use of very 
careful technique in quenching that it could be re- 
tained. This and the fact that an a-like structure 
was obtained from the transformed y 7; a1 Would sup- 
port the contention that y7;,,4; reacts eutectoidally 
to form a + 67,4; at some temperature below 700°C. 
However, from data obtained previously’? it seems 
that the transformed structure itself is different 
from a. 
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Reduction Rates of Iron Ores in a Fluid Bed Reactor 


H. P. Meissner and F. C. Schora 


Iron ore from Cerro Bolivar, Segre', and Sierre 
Grande was reduced in fluid beds at about 800°C, 
using gas analyzing 20.5 pct CO, 41 pct H,, and 
38.5 pct N,. Except in the early stages of re- 
duction, the rate of oxygen loss from the bed was 
directly proportional to the oxygen concentration 
in the bed, independent of gas composition as long 
as the gas was reducing, and little affected by 
temperature. The percentage reduction of the bed 
solids at any time was independent of particle size. 
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Tue reduction of spheres or cubes of dense iron 
ore in a slowly moving stream of either pure H, or 
pure CO has been found to take place at distinct in- 
terfaces between well defined layers of iron and the 
iron oxides.’»* These interfaces generally penetrate 
the ore lump in topochemical fashion, remaining 
parallel to the original contours of the specimen. 
Thus in the earlier stages of reducing hematite, the 
specimen’s core is Fe,O, surrounded by successive 
shells of the lower oxides, and finally by an exterior 
shell of iron. McKewan® assumed that the rate limit- 
ing step occurred at the Fe-FeO interface, with re- 
ducing gas penetrating up to this interface through 
the external porous iron shell, and reduction of the 
higher oxides within the ore lump occurring by dif- 
fusion of iron through the dense FeO shell. He 
developed an analytical expression based on this 
model relating the amount of oxygen removed from 
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a spherical ore specimen to the time needed for 
such reduction. His equation agrees well with pub- 
lished experimental data for particles ranging from 
1 mm to 5/16 in. in diameter at 800°C and above, 
and shows that time for complete reduction of ore 
lumps varies directly with diameter. Von Bogdandy 
and Riecke,?° on the other hand, found that the degree 
of reduction attained above 800°C at any given time 
was independent of diameter for lumps below 10 mm. 

The object of the work described here was to re- 
duce selected iron ores in a fluidized bed, to develop 
a rate equation, and to explore the relation of reduc- 
tion rate to particle size. The reducing gas used, 
which analyzed 20.5 pct CO, 41 pct H,, and 38.5 pct 
N,, was generated by the partial combustion of CH, 
with air and is here called “standard gas” for 
convenience. 


EXPERIMENTAL 


Reductions were carried out in an externally 
heated vertical tube, 4 in. in internal diameter and 
9 ft high. Standard reducing gas made in a Lindberg 
Endothermic generator was preheated to operating 
temperature before entering the reactor. Reactor 
superficial gas velocity in all the runs reported here 
was 3 ft per sec. The off-gases passed through a 
cyclone to remove dust, and this dust could then be 
recycled to the bed if desired. 

This apparatus, which has been described else- 
where in somewhat more detail,® can be operated 
either batch-wise or continuously. In batch opera- 
tion, ore is added to the reactor tube, the system is 
brought to operating temperature with nitrogen gas 
flow, after which reducing gas is substituted for the 
nitrogen. Since some adjustments are required in 
changing from nitrogen to standard gas, there is 
always uncertainty as to the exact starting time of 
the run. Similarly, when operating without return 
of cyclone solids, there is uncertainty as to the 


1.0 > 


FIRST SECOND 
| - PERIOD PERIOD 


0.05 


HOURS 


Fig. 1—Cerro Bolivar ore, batch run 94, 800°C. Reduction 
with ‘‘Standard Gas’’; G = 4.7 lb.mols per (hr) (sq ft), 
equivalent to 3 ft per sec; W= 1.7 lb. atoms Fe per (sq ft). 
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weight of bed present in the reactor because of loss 
of fines to the cyclone system. 

In continuous operations, an overflow pipe 1/2 in. 
in diameter is provided within the reaction tube, 
through which product is withdrawn from the bed. 
Fresh solid feed is blown continuously into the re- 
actor along with the reducing gas. The solid feed in 
the continuous runs reported here had all been pre- 
reduced; so that X, (atoms oxygen combined with 
iron per atom iron present in this feed material) 
was generally about 0.9. 

Bed temperature and pressure drop through the 
system are recorded. Gas compositions are de- 
termined by a mass spectrometer, while samples of 
bed solids are analyzed for total iron and metallic 
iron by the method of Zimmerman-Reinhardt as 
described in Treadwell-Hall.* When X is less than 
unity, these two iron determinations make it possible 
to calculate X directly. 


BATCH RESULTS 


It was found that the reduction of iron ore in a 
fluid bed using standard gas may be divided into two 
time periods. In the first period, the off-gases are 
substantially at equilibrium with the bed solids dur- 
ing their progressive change from Fe,O, through 
Fe,O, to FeO. Feinman and Drexler® similarly re- 
port high rates when reducing Fe,O, to FeO in 
fluid beds using hydrogen at 1300 F and below. In 
the second period, the off-gases are no longer in 
equilibrium with the bed solids as these solids show 
a further progressive loss of oxygen. This second 
period is further characterized by the fact that 
values of X plotted against time on a semi-log scale 
fall on a straight line as shown by the typical results 
in Fig. 1 for run 94, in which Cerro Bolivar ore was 
reduced with standard gas at 800°C. These results 
can be represented by the equation: 


[1] 


2.3 


In Eq. [1], & and B are constants, and @ is time (the 
factor 2.3 is inserted to simplify conversion from 
Naperian to base-ten logarithms). During the first 
period, this straight line relationship is not main- 
tained. The dividing point between the first and 
second periods, as further discussed below, comes 
at a value for X of about 0.9 in this run. 

Reduction rate data for other ores are presented 
in Fig. 2, and inspection shows that data points again 
fall on straight lines on semi-log coordinates in the 
latter parts of all these runs, with k values as in 
Table I. Thus Eq. [1] applies in the second period 
of reduction to the various ore types tested for this 
range of temperature level and bed depth. Differenti- 
ation of Eq. [1] yields the rate expression: 


ax 


[2] 
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X_}820-840 


SIERRE GRANDE 


Table |. Data on Batch Reduction of Various Ores 


© |740-760 

1 | 830 |SEGRE’ 

800 _|CERRO BOLIVAR 
890 " 


Gas Velocity is 3 ft per sec, hence G is 4.9 lb. mols per (hr) (sq ft) 
of H, and CO. 


1 


W 


Iron in Bed, 


lb. Atoms Per 


Sierre Grande 
Sierre Grande 
Segre’ 
Cerro Bolivar 
Cerro Bolivar 
Cerro Bolivar 


0.02 


Fig. 2—Selected batch reductions. Reduction data on ores 


2 3 4 
HOURS 


5 6 


as listed in Table I, for a gas velocity of 3 ft per sec, or 
G = 4.7 lb. mols per (hr) (sq ft). 


Inspection of Eq. [2] shows that the reduction rate 
in the second period is first order with respect to 
the oxygen in the solid. 

Beds of ore undergoing reduction were sampled 
from time to time, and the resulting solid samples 


were separated into various particle size fractions 
by screening. Analysis of these size fractions showed 
that the percent reduction attained at any given time 


is usually similar for all fractions regardless of 
particle size. The largest size particie present in 


these fluid bed studies was about three mms. Typi- 


cal results are presented in Table II for a Sierre 


Grande and Cerro Bolivar ore. It might be noted in 


passing that the particle size distribution of the 


product reported here is very similar to that of the 
ore originally used in these runs. These results are 
in agreement with those of Ess and Wild,” who found 


that time for complete reduction of ores fluidized 
with hydrogen at 800°C was independent of particle 


size. Again in fixed beds, Udy and Lorig® as well as 
Von Bogdandy and Riecke?® found that time to a given 
percentage reduction varied very little with particle 


diameter. 


It is now evident that since the degree of reduc- 


tion attained with a given ore at any time is independ- 


ent of particle size, then the constant k in Eqs. [1] 
and [2] must be the same for all particle sizes. 
The dividing point between periods 1 and 2 can 
now be established. That is, by material balance, 
the loss of oxygen from the bed solids equals the 


oxygen pickup by the gases passing through the bed, 


or 


- GYd@ = Wdx 


where G is the pound mols of H, and CO in the en- 
tering gas per sq ft per hr, W is bed weight in lb. 


atoms of contained iron in all forms per sq ft of bed 


[3] 


crosssection, and Yis the quantity (CO, + H, O) 
TRANSACTIONS OF 
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[3]: 


GY = WkX 


/ (CO +H, + CO, + H,O). Combining Eqs. [2] and 


[4] 


However, since inspection of Fig. 1 indicates the 
solid phase to have a value for X of less than unity at 
the dividing point between the two stages, Y cannot 
exceed the equilibrium gas composition for the re- 


actions: 


FeO + CO = Fe + CO, 


FeO +H, = Fe + H,O 


[5] 
[6] 


At 800°C, the equilibrium value of Y for both Eqs. 
[5] and [6] is about 0.33. Thus, at 800°C, Y cannot 
exceed 0.33 in Eq. [4]. The highest corresponding 
value of X at which this equation can apply, marking 
the beginning of period two, is here designated as 


Table Il. Reduction vs Particle Size 


Run 78, 810°C, Sierre Grande Ore, after 5 Hr, with Recycle 


Pct X; Atoms Oxygen 

Cumulative Per Atoms Iron 
Mesh Size Weight in Bed Solid 
+14 11.4 0.11 
- 14+ 35 42.2 0.29 
- 35+ 60 59.1 not available 
- 60 + 80 67.4 0.10 
- 80 + 100 P43 not available 
-100 100. 0.12 


Run 8, 800°C, Cerro Bolivar Ore, without Recycle, after 2 Hr 


X; Atoms Oxygen 
Per Atoms Iron 


Mesh Size in Bed Solid 
+ 16 0.15 
16+ 35 0.16 
- 39+ 0.08 
- 48 + 80 0.08 
- 80 +100 0.08 
-100 + 160 0.11 


VOLUME 221, DECEMBER 1961-1223 


“ x 93 | | 
x k, Ye 
Run No. Ore Type Sq Ft Eq. [2] 
xX 02 y 
84 820-840 2.2 0.435 a 
86 740-760 2.2 0.435 
0. 90 830 2.2 0.5 
93 800 1.7 1.53 yale 
0.08 94* 850 1.7 0.85 
Vv 
0.06 95 890 3.4 1.02 reeaieme. 
* 
Fig. 1. 
= 


Table Ill. Continuous Runs, Cerro Bolivar Ore 


F Xo X W 
Feed, Ib. Atoms Atoms Iron in 
Atoms Iron OxygenPer OxygenPer Bed, Ib, 


PerSq Ft AtomIron AtomIron AtomsPer k, from 

Run No. PerHr in Feed in Bed SqFt Eq.[10] 
3A 805 0.71 0.9 0.11 34 1.64 
3AA 790 0.76 0.9 0.193 2.95 0.94 

3AAA_ 790 0.86 0.9 0.343 2.8 0.5 

5A 800 0.71 0.9 0.35 1,2 0.92 
6A 805 0.71 0.89 0.31 1:37 0.96 
Average 0.96 


X,, and can be obtained by rearranging Eq. [4] as 
follows: 

0.33G 

Xs Wh 


Substituting values of G, W, and from run 94 into 
Eq. [7], Xs is found to equal about 0.9. In this way, 
the value of X, can be calculated directly for any 
given run. There is some uncertainty in this calcu- 
lation as applied to the work reported here, since 
dusting from the bed introduces uncertainty as to the 
exact bed weight at this point. 

The degree of reduction attained at any time in a 
batch reduction can now be predicted. That is, during 
the first period, the composition of the bed at any 
time is determined by the fact that the off-gases 
are in equilibrium with the bed. Knowing this equi- 
librium composition at the temperature in question 
as the bed solids change progressively from Fe,O, 
to Fe,O, to FeO to Fe, and knowing the weight of 
solids in the bed and the gas flow rate, the bed com- 
position at a given time may be computed by simple 
stoichiometry. The end of the first period can be 
estimated by the method just outlined. The composi- 
tion at any time during the second period can be 
computed directly from Eq. [1], recognizing that 
B has the following value: 


B = log X, [8] 


2.3 
where X, and 6, are values at the outset of the sec- 
ond period. 


CONTINUOUS RUNS 


In continuous operation, particle residence time 
in the bed varies widely. Divide the bed particle 
population into m equal parts, so that 1/n* of the bed 
population is present an average of 6,, hr, the next 
1/n* is present 0,. hr, and so forth. Since the solids 
in the bed are perfectly mixed and k& is independent 
of particle size, the rate of oxygen loss from each 
1/n** part of the bed is (W/n)kX atoms per unit 
time, by Eq. [1]. An oxygen balance as in Eq. [9] 
below can now be written for any 1/n*® part of the 
bed, here called the “i”*t» part. In this equation, 
the term on the left is the oxygen feed, while the 
terms on the right are respectively the oxygen out- 
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put due to gaseous reduction and the oxygen output 

in the overflow product. The solid feed rate is F lb. 

atoms of iron per sq ft per hr: 
FX, WRX FX 


n n n 


[9] 


where X, is the solid feed composition. Making n 
large and summing: 


=n i=n 

WRX; FX; 

FX, = > n 
i=0 i=0 


Recognizing that X, the average composition of the 
product stream, equals i =n 
—, then 


i=0 


FX, = WRX + FX [10] 


Results of continuous runs made on prereduced 
Cerro Bolivar ores in the 4 in. tube at various feed 
rates are presented in Table III. The values of k 
calculated from Eq. [10] presented in the last col- 
umn of Table III, and having an average value of 
0.96, agree reasonably well with the k values 
reported in Table I for the batch runs on Cerro 
Bolivar ores which average 1.13. Thus the constant 
k to be used for continuous runs can be estimated 
from batch run data, and vice versa. The quantity 
W equals pL, where p is fluidized bed density in 
pounds iron content per cu ft of fluidized bed, and 
L is the fluidized bed depth. Eq. [10] can be re- 
written: 


pLk+F 


The effect of bed depth in continuous operation can 
be determined directly from this equation. 


[11] 


DISCUSSION 


The literature indicates that at 800°C or higher, 
larger lumps of ore show reduction times which are 
proportional to diameter,)»*»? while reduction times 
become independent of diameter for smaller 
lumps.?»9,?° In particles of from 1 to 10 mm in 
diameter, McKewan reports the first type of behav- 
ior, while Von Bogdandy and Riecke report the sec- 
ond. This apparent disagreement may reflect dif- 
ferences in porosity and reactivity of the ores stud- 
ied. In the work reported here, the ore particles 
were all 3 mm or finer, and all showed reduction 
times independent of particle size. This finding was 
made not only on the ores from Sierre Grande, Cerro 
Bolivar, and Segre’ discussed above, but also on 
ores from Michigan and Minnesota. 
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NOMENCLATURE 


B_ Constant in Eq. [1] 

F Feed rate of iron, in lb. atoms iron per sq ft 
per hr 

G _ Mass flow rate of gas on a nitrogen-free basis, 

namely lb. mols (CO + CO, + H,O + H,) per sq 

ft of bed crosssection 

Constant in Eqs. [1] and [2] 

Bed depth, ft - 

See Eq. [8] 

Iron content of bed expressed as lb. atoms per 

sq ft of crosssection 

Atoms oxygen per atom iron in solid 

Atoms oxygen per atom iron in solid feed 

Gas stream composition, (CO, + H,O) / 


k 

L 
n 

W 
x 
Xx 


Nickel Tungsten Powder 


J. H. Brophy, H. W. Hayden, and J. Wulff 


Experimental evidence in recent years shows that 
nickel coated hydrogen reduced tungsten powder can 


be sintered to 98 pct of theoretical density at 1100°C. 


New data indicate that the sintering rate is the same 
for nickel contents ranging from 0.125 wt pct (mon- 


atomic layer) to 5.0 wt pct Ni coated on 0.56u tungsten 


powder. Nickel tungsten made by coreduction from 
oxides sinters ina kinetically similar way, but the 
vate tends to increase with higher nickel contents. 
The activation of sintering can be accomplished with 
a minimum amount of nickel if coated powder is 
used. Transverse rupture strength was found to in- 
crease in specimens containing 0.25 pct Ni as 
density increased during the initial stage of the car- 
rier-phase sintering process. Upon the onset of 
grain growth in the final stage, strength was found 
to decrease. With increasing nickel contents up to 

4 pct, strength increased. Maximum strengths in 
three-point loading were observed at 73,000 psi for 
0.25 pct Ni and 93,000 psi for 5 pct Ni. These were 
comparable to that of massive tungsten recrystal- 
lized in the presence of nickel and tested in the 
same way. The results were sensitive to the mode 
of powder treatment and ductility was negligible in 
all cases. 


The Sintering and Strength of Coated and Co-Reduced 


J.H. BROPHY, Junior Member AIME, H. W. HAYDEN, 
Student Member AIME, and J.WULFF, Member AIME, are 
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spectively, Department of Metallurgy, Massachusetts Insti- 
tute of Technology, Cambridge, Mass. 
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(CO, +H,O + CO, +H,) 
6 Time, hr 
p Bed density, lb. atoms iron per cu ft 
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Tue study and application of sintered bodies of 
nickel and tungsten is not new; however, the analysis 
of the mechanism by which small additions of nickel 
increase the sintering rate of tungsten promises to 
contribute new information regarding sintering the- 
ory in general. Initial experimental evidence was 
presented by the authors showing that nickel-coated 
hydrogen-reduced tungsten powder may be sintered 
to 98 pct of theoretical density at 1100°C in 16 hr.?;? 
Simultaneously, a kinetic analysis of the process 
showed that it took place in two distinct stages. In 
the first stage, nickel evidently served as a carrier 
phase through which tungsten atoms could move. 
This stage was kinetically similar to the “solution- 
precipitation” step postulated when the carrier phase 
is liquid* although in the nickel tungsten case, there 
is no evidence of the existence of a liquid phase 
either in equilibrium phase relationships or in mi- 
crostructures at the temperatures under considera- 
tion. 

In the present work, new data for nickel-coated 
tungsten powder are offered in support of the pro- 
posed mechanism, and a more explicit study of the 
second stage of densification is presented. Concur- 
rently, the sintering kinetics of these coated powders 
are compared to Ni-W powder made by coreduction 
of oxides. In this way the present work can be com- 
pared to earlier results in nickel activated sintering 
of tungsten in which the coreduction process was 
employed.‘ 

The ultimate utility of such an activated sintering 
process will be determined to some extent by the 
mechanical and physical properties of the final prod- 
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Fig. 1—Linear shrinkage of Ni-W powder as a function of 
time and sintering temperature. 


uct. Recent references indicate that such a combina- 
tion as nickel and tungsten has little ductility. The 
present investigation was undertaken to determine 
room temperature transverse rupture strengths for 
sintered Ni-W powder produced in several ways. 


EXPERIMENTAL PROCEDURE 


Three modes of powder manufacture were em- 
ployed. The first of these called for the evaporation 
of a water solution of nickel nitrate upon elemental 
hydrogen reduced tungsten powder having a BET 
average size of 0.56 yw. This powder is referred to 
as “coated”. The second mode was identical to the 
first plus a prereduction step at 800°C in hydrogen 
for one half hour. This type is referred toas “coated, 
prereduced”. The third mode of manufacture per- 
mitted a direct comparison to previous work in this 
field* and involved the coreduction of nickel nitrate 
and tungstic oxide at 800°C in hydrogen. This powder 
is called “co-reduced”. 

Specimens were pressed at either 13.5 or 27 tsi in 
the form of rectangular bars 2 in. by 3/16 in. by 
1/8 in. Green densities and subsequent sintering 
behavior were independent of the pressing pressure. 
Sintering was accomplished in vycor tubes under an 
atmosphere of purified hydrogen. Upon insertion in 
the hot zone, a specimen required about 30 sec to 
reach temperature. This interval has been recog- 
nized in reporting short sintering times. 

Measurements of both linear shrinkage and den- 
sity were recorded in most cases. Densities were 
measured by weight loss in water, followed by wet 
weight in air to indicate open porosity. When linear 
shrinkage was not measured directly, it was com- 
puted from the relation: 


Ly Ps 
where p, and L, are density and length as-pressed, 

and ps is sintered density. 


In the study of second stage densification, data 
scatter suggested that the random occurrence of 


[1] 


1226-VOLUME 221, DECEMBER 1961 


abnormally large pores resulting from pressing 
variations prevented a consistent comparison of 
final densities from specimen to specimen. To min- 
imize the effect of this variation in the explicit study 
of the second stage, several specimens were sintered 
by accumulating time intervals at the sintering tem- 
perature while making density measurements be- 
tween intervals. In this way identical starting condi- 
tions were provided for each isothermal treatment 
and an idea of the scatter in density values due to 
differences in initial porosity could be obtained. 

Sintered bars were surface ground such that their 
sides were flat and parallel and their dimensions 
were measured to + 0.0001 in. These were then 
tested to rupture in the standard three point loading 
manner on an Instron tensile tester at a cross head 
speed of 0.02 in. per min. The load at fracture was 
read in pounds force and this was then transformed 
to pounds per square inch by the equation: 


o = 3PL/2wt? [2] 


where: o is the transverse rupture strength, pounds 
per square inch; P is the load at rupture, pounds 
force; L is the distance of span, inches; w is the 
width of the compact, inches; and? is the height of 
the compact. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Coreduced Powders. The experimental results 
confirm the previously published observation that 
coreduced Ni-W powders may be sintered to high 
density at relatively low temperatures.’ Similarly, 
the early rather rapid densification of the coreduced 
powder resembles that observed in coated powders 
by the present authors.’»? This may be seen in Fig. 1 
which represents the data for 1 pct Ni coreduced 
powder superimposed on curves found valid for 0.25 
and 1 pct Ni coated powder. There is an indication 
in these data that the transition to the second stage 
may occur sooner in the case of the coreduced pow- 
der. Reference again to Fig. 1 shows that at 1100°C 
the points lie below the second stage line from 30 
min on. It has been postulated that the transition to 
the second stage occurred when grain growth started? 
The microstructure of sintered specimens of co- 
reduced powder appear in Figs. 2 and 3. These 
structures indicate that grain growth begins after 
15 min. A significant difference can thus be seen 
between this behavior and that of the nickel-coated 
powder in which grain growth began after 30 min. 
From these it has been concluded that the transition 
to second stage sintering occurs when grain growth 
begins; that the transition occurs sooner in the case 
of coreduced powder than in coated powder. It is 
also possible that the rate of second stage sintering 
may be related to the rate of grain growth, nickel 
content and location, and original particle size. 

Effect of Nickel Content. In making a comparison 
between powders prepared by the two different proc- 
esses, it was anticipated that the nickel might be 
more homogenously distributed within the particles 
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Se 


1100°C, X500. (CuSO4, NH4OH etch). Enlarged approxi- 
mately 4 pct for reproduction. 


of coreduced powder than in the coated powder. If 
this were the case, the effectiveness of a given 
amount of nickel as an activating agent might be 
greater in the case of coated powder. A comparison 
of this sort is possible by considering the amount of 
shrinkage after sintering 1 hr at 1000°C as a function 
of nickel content. These results are shown in Fig. 4. 
The sharp change in the coated powder was previ- 
ously interpreted to indicate a phase boundary re- 
action rate controlled process, since the break oc- 
curred at a calculated monatomic layer of nickel on 
the 0.56 uw powder and the process was essentially 
insensitive to added amounts of nickel above 0.125 
pet.4»? In the present investigation this has been 
extended to 5 pct Ni on coated powder with essential- 
ly the same result. However, in the coreduced pow- 
der, greater amounts of densification are possible 
with greater amounts of nickel after sintering for 

1 hr at 1000°C. It is not clear that this demonstrates 
a fundamentally different rate controlling mechanism, 
but it is evident that there is greater variance in the 
coreduction process than in the coating process. In 
view of this, the coated powder offers a somewhat 
more dependable material for kinetic analysis al- 
though both types are capable of producing sintered 
products of comparable densities after comparable 
heat treatments. 

Second Stage of Sintering. Following the onset of 
grain growth, the nickel activated sintering process 
no longer follows the AL/L, ~ ti/2 relationship. 
Direct observations indicate that this change in 
sintering kinetics takes place at a density near 92 
pet of theoretical, which corresponds to linear 
shrinkage of approximately 0.175. If it is assumed 
that during the initial stage of sintering circular 
flats are developed between adjacent particles 
packed in a simple cubic array, it is possible to 
calculate the density and linear shrinkage at which 
interparticle flats first impinge upon one another. 
This calculation yields a density of 96 pct and 
shrinkage of 0.180 for uniform sized particles. In 
view of the range of particle sizes, variations in 
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Fig. 3—Coreduced 1 pct Ni-W powder sintered 4 hr at 
1100°C, X500. (CuSO4, NH4OH etch). Enlarged approxi- 
mately 4 pct for reproduction. 


packing, and nonspherical particle shape, the cal- 
culated end of the first stage at 96 pct is in reason- 
able agreement with the observed end at 92 pct. 
Although the postulated first stage sintering model 
cannot lead to greater densities than 92 pct, the ex- 
perimental data show that densification continues 
beyond 92 pct at a much lower rate. This second 
stage does not lend itself so conveniently to a model 
analysis, largely due to the uncertainties introduced 
by grain growth and increased sensitivity to the ex- 
istence of abnormally large pores late in the process. 
To minimize the latter variable, the density was 
measured on the same specimen at intervals during 
the sintering treatments. In this manner, two speci- 
mens were sintered at 1100°C and one at 1050°C for 
times up to 16 hr. These results, together with the 
1100°C conventional treatments, are summarized in 
Fig. 5. Density difference from theoretical at 19.25 
g per cc has been used as the dependent variable to 
focus attention on remaining porosity. The logarith- 
mic plotting axes are solely for convenience, but 
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Fig. 4—Linear shrinkage of Ni-W powders sintered 1 hr at 
1000°C as a function of nickel content. 
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Fig. 5—Second stage densification of coated 0.25 pct Nickel 
Tungsten. 
clearly show that densification continues during 
longer sintering treatments. The similarity in shape 
of the curves in Fig. 5 is characteristic of the sec- 
ond stage densification. The difference in intercept 
of these curves reflects random variations from 
specimen to specimen resulting from differences in 
green compacts. 

Strength of Sintered Compacts. According to the 
theory of carrier phase sintering proposed earlier +»? 
it is possible to develop a systematic basis for plot- 
ting strength results for the first stage of sintering. 
This region has been typified by densities less than 
92 pct of theoretical and by structures free of grain 
growth. 

If it is assumed that the bond between sintered 
particles is the weakest point in a sintered compact, 
and it is further assumed that the bond has a constant 
strength per unit bond area, the apparent strength is 
then related to the bond strength by the relation: 


a 
[3] 
where: o, is the apparent strength; og is the bond 
strength; A is the cross sectional area of the com- 
pact, and a is the total bond area in the cross sec- 
tion. 

Continuing with the proposed model, it was 
postulated that a flat surface of radius x is generated 
between two spherical particles of radius ry. Ifh is 
one half the center to center shrinkage at any time 
during sintering, then the radius of the flat surface 
is expressed by: 


%? = 2hr 


This relation implies that the surface is bounded 
only by a small circle of the truncated spheres. For 
the case that this flat surface also includes material 
which has been removed at the contact points and 
has then been redeposited on the surface of the 
spheres, the radius of the flat surface would corre- 
spond to the relation: 


x2 ~ Snr 


[4] 


[5] 
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Fig. 6—Transverse rupture strength of 0.25 pct Ni-W. 
Since the normal green densities were near 50 pct, 
it has been assumed that in a compact of” particles 
of radius 7, the initial packing arrangement corre- 
sponds to simple cubic packing. The volume of the 
compact is then: 


V = = 


where L is the length of the compact. The cross 
sectional area of the compact would be: 


A =L? =n*h4yr [7] 


If the compact shrinks a distance 2n!4h in each of 
the orthogonal directions, then the sintered cross 
sectional area of the compact would be: 


A =n?A4(r -h)? [8] 


The total bond area in this cross section would be 
the total area of circular interparticle contacts: 


a = x2 = rh [9] 


Taking the ratio of Eqs. [9] and [8] it can be seen 
that: 
a/A = (4nh/r) /4(1 - [h/r])? [10] 


Since h/r = AL/L,, combining Eq. [10] with Eq. 
[3] results in: 


[6] 


[11] 


Strictly speaking, this analysis applies only to 
the first stage of sintering defined previously.'»? 
In the second stage of sintering, grain growth as 
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Fig. 7—0.25 pct Ni-W sintered 8 hr, 1100°C, copper am- 
monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction. 


well as porosity affects strength and the results are 
not so predictable. 

The transverse rupture strengths of compacts 
containing 0.25 pct Ni are plotted against AL/L, in 
Fig. 6. The strengths of coated and coreduced pow- 
ders are generally scattered and lower than those 
observed for coated prereduced powder. This may be 
due to the possibility of unreduced oxides being trapped 
within the structure of compacts prepared from 
coated and coreduced powders. Also, in the initial 
few seconds of sintering when nickel nitrate and any 
remaining tungstic oxide are reduced, the gaseous 
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Fig. 9—Transverse rupture strength as a function of nickel 
content. 
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Fig. 8—0.25 pct Ni-W sintered 16 hr, 1100°C, copper am- 
monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction. 


products might possibly create pits and blowholes 
which do not close during the remainder of the 
sintering treatment. 

The results for the coated prereduced powder 
seem to follow quite consistently up to the point at 
which grain growth begins. The curve plotted for 
these points was calculated from the relationship 
predicted in Eq. [11]. As can be seen, the results 
agree quite well with the predicted theory. From 
the curve in Fig. 6, a theoretical bond strength of 
approximately 83,000 psi can be calculated using 
Eq. [11]. This would correspond to the maximum 
strength which could be attained in a fully dense 
compact of tungsten with the addition of 0.25 pct Ni 
if grain growth could be impeded. 

Photomicrographs are presented in Figs. 7 and 8 
of samples containing 0.25 pct Ni in which grain 
growth has been observed. The sintering treatments, 
densities, and strengths are presented together with 
grain size for these samples in Table I. From these 
data it can be seen that both density and grain size, 
as measured by a chord analysis, are effective in 


Fig. 10—1 pct Ni-W sintered 16 hr, 1000°C, copper am- 


monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction 
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Table |. Transverse Rupture Strength of Sintered Nickel Tungsten 


Pet Temp Time AL/L, Density TRS Grain Size 
Ni °C Min gm perce psi mm 
Coated 
0.25 green 0 9.56 2,500 
0.25 950 60 0.0533 12.44 21,000 
1000 15 0.0515 11.63 21,800 
30 0.1037 14.35 27,600 
960 0.1875 18.50 50, 100 
1050 15 0.0926 13.85 37,600 
1100 5 0.0786 12.76 25,900 
30 1670 17.68 33,600 
60 0.1758 18.17 35,100 
240 0.1822 18.52 54,600 
Coated Prereduced 
0.25 1000 60 0.1037 14.35 35,200 
240 0.1592 18.47 58,100 
960 0.1725 18.84 72,600 0.019 
1440 0.1844 18.75 54,800 0.022 
1050 5 0.0659 13.10 25,000 
10 0.0879 13.64 36,300 
60 0.1652 47,51 69,300 
240 0.1761 18.68 60,100 0.009 
0.25 1100 5 0.0745 12.77 23,300 
10 0.0926 14.05 37,100 
480 0.1848 18.95 50,300 0.016 
960 0.1919 18.99 55,300 0.035 
1.0 1100 30 =0.1353 15.62 60,000 
60 1600 17.77 74,600 
960 1875 18.94 74,800 
2.0 1000 30 .0751 12,84 46,600 
60 .0997 13.61 51,900 
3.0 1000 30 .0770 12.70 52,100 
60 -0980 13.56 68,300 
1100 960 .1962 18.48 90,200 
4.0 1000 30 0840 12.78 61,800 
60 1073 13.89 75,300 
5.0 1000 30 .0818 12.52 63,300 
60 .0983 13.30 71,300 
1100 960 -1970 18.01 93,000 
Coreduced 
0.25 1000 60 0.1305 15.97 30,000 
60 0.1458 16.72 31,300 
960 .1580 17.70 51,200 
0.25 1100 30 -084 14.45 34,300 
240 -10 13.08 17,700 
240 1205 14.92 24,700 
2.0 1000 60 1652 17.09 54,800 
3.0 1000 60 1678 16.79 56,800 


determining the strength. These results are quite 
consistent with those of Kreider ® who has allowed 
small amounts of nickel to diffuse into massive 
tungsten at 1350°C for several hours. He has found 


that with increasing grain size, the strengths of such 
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1-5 Ni-W 16 copper am- 
monium sulfate etch, X500. Enlarged approximately 4 pct 
for reproduction. 


specimens decreased from approximately 75,000 psi 
to approximately 46,000 psi. 

It is shown in Fig. 9 that the strength in the first 
stage of sintering (30 and 60 min at 1000°C) in- 
creases with increasing nickel content up to a com- 
position of 4 or 5 pct, after which the strength seems 
to level off or possibly decrease with further addi- 
tions of nickel. 

It can be seen from these results that strength 
during the second stage of sintering also increases 
with increasing nickel content. Photomicrographs 
of those samples containing 1 and 5 pct Ni which 
were sintered for 16 hr at 1100°C are presented in 
Figs. 10 and 11. Comparing these with Fig. 8, it can 
be seen that grain size is significantly less with in- 
creasing nickel. The net result is that stronger 
sintered bodies are produced with higher nickel con- 
tents presumably due to the grain refining effect of 
the nickel. 

It should be observed, however, that lower nickel 
content is potentially more useful for high tempera- 
ture applications. The commonly available Ni-W 
equilibrium diagram” shows that liquid phase could 
be expected at temperatures above 1495°C for 
greater than 0.3 pct Ni. On this basis, sintered 
bodies with less than 0.3 pct Ni might be expected to 
exist as solids to higher temperatures. Furthermore, 
if subsequent nickel removal is desirable, the low 
nickel content represents a more favorable starting 
material. 


CONCLUSIONS 


Continued work on the nickel activated sintering 
of tungsten has shown that the process is sensitive 
to the mode of powder preparation. Coreduced pow- 
der is capable of comparable sintered density, and 
the course of sintering is kinetically similar to that 
of coated powders considered previously. The dif- 
ference that exists centers on the effect of nickel 
content. This particular phase of earlier nickel 
tungsten work has been extended to higher composi- 
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tions. The new results confirm the conclusion that 

coated Ni-W sinters at a rate independent of nickel 
content, while coreduced powders sinter at a some- 
what higher rate with larger amounts of nickel. 

Evidently, tungsten sintering can be activated with 
a minimum amount of nickel if the coating process 
rather than the coreduction process is used. 

New data confirm that after the initial rapid stage 
of sintering, densification continues, but at a slower 
rate. The mechanism for this is not yet clearly de- 
fined. 

Mode of powder preparation is significant in de- 
termining the strength of sintered compacts of tung- 
sten with additions of nickel. In particular, it has 
been found that the strengths of those compacts pre- 
pared with powder which had been coated and pre- 
reduced prior to pressing were in general higher and 
more consistent than those which had not been so pre- 
reduced and those which were coreduced. 

The strengths of compacts prepared with prere- 
duced powder increase with linear shrinkage and 
density up to the point where grain growth begins. 
This behavior follows a relation predicted from the 
model which has been used to describe the nickel- 
activated sintering of tungsten, previously. 

After grain growth begins, strength is determined 
by both density and grain size. It has been found that 
after grain growth has been appreciable, there is a 
significant decrease in strength. 


Increasing nickel content up to 4 or 5 pct contrib- 
utes to higher strength in the first stage of sintering, 
and by presumably acting as an impediment to grain 
growth also contributes to significantly higher 
strengths in the second stage of sintering. 

The strength of nickel-activated sintered tungsten, 
even though less than full density, is comparable to 
massive tungsten having a similar grain size after 
recrystallization with nickel. 
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Thermal Expansion of Titanium and Some Ti-O Alloys 


R. J. Wasilewski 


Axial expansion has been determined by X-ray 
diffraction up to 600° to 760°C in @ titanium and 
four high-oxygen alloys. 

Expansion data cannot be fitted to the usual quad- 
ratic expression and anomalies observed are be- 
lieved indicative of the changes in the bonding con- 
figuration of the valence electrons. Furthermore, 
there is significant disagreement between data ob- 
tained on polycrystalline and single crystal powder 
specimens. The major disagreement occurs within 
the temperature range (~470°C) where both mechan- 
ical and electrical properties also show markedly 
anomalous behavior. 


Turs work forms part of an investigation of physi- 
cal properties of pure titanium and its “solid solu- 
tion” alloys with oxygen and nitrogen. In view of the 
anomalies observed in both the electrical resistivity’ 
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and the susceptibility behavior? it was decided ac- 
curately to determine the thermal expansion behav- 
ior of the pure and alloyed a titanium. 


PREVIOUS WORK 


The axial expansion coefficients reported for pure 
titanium are listed below. As can be seen, there is 
a marked discrepancy between the axial expansion 
and the experimentally determined coefficients on 
polycrystalline material. Thus, if we take the most 
recently reported axial expansivities*»* we obtain 


@ = 1/3 (2a, + a) = 10.4 10°° per °C for the tem- 
perature interval of 25° to 700°C. The experimental 
value reported for polycrystalline metal is, however, 
of the order of 9.7 X 107° per °C.” 


EXPERIMENTAL 


I) Pure Titanium. High purity titanium powder of 
-325 mesh was used throughout most of this work. 
The only significant impurities present were the 
interstitials, oxygen and nitrogen, which analyzed 
respectively 650 and 80 ppm. The purity of the ma- 
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Table |. Published Axial Thermal Expansion Coefficients 


in Pure Titanium 


Temperature 


Range, °C Specimen Reference 
25°-200° 11.0 8.8 powder Brocklehurst ° 

10.0 11.45 rod Medoff & Cadoff * 

400° 10.0 11.60 rod 
10.2 11.03 rod Berry and Raynor * 

9.5+0.5 10.65+0.7 rod 

°.700° 9.83 11.71 rod 

11.03 13.40 powder 7 

9.5 10.65 rod 

900°-1070° 12 (B-Ti) 


terial is indicated by the low hardness (108 BHN, 
500 kg load) of test buttons melted from the powder. 
Powder specimens were sealed in double, evacuated 
silica capillaries and mounted in a Unicam high tem- 
perature diffraction camera (19 cm diam). Cobalt K 
a radiation was used throughout in order to obtain 
convenient high-angle reflections. A filter (Fe,O, 
in plastic) was placed between the specimen and the 
film, thus serving both to filter out the 8 radiation, 
and to reduce the background intensity. The long 
exposure times required by the use of a double silica 
capillary (20 hr) required careful temperature con- 
trol, generally to + 2°C during any single run. The 
wave lengths used were CoK a, = 1.78890, and 
CoK a, = 1.78504A. The camera was calibrated 
using a platinum standard.® The values of the two 
parameters were obtained by a least squares solu- 
tion using sin? values for the reflections (2023), 
(2131), and (1124) at all temperatures, and also for 
the (2132) reflection at the highest temperatures in- 
vestigated. The errors are estimated not to exceed 
+ 0.0005A and+ 0.0007A for thea andc param- 
eters respectively, hence the axial ratio values ob- 
tained are also accurate to + 0.0007. The relative 
precision, as indicated by the reproducibility of the 
parameter values, was very appreciably higher. 
The results obtained are shown in Fig. 1. Several 
powder specimens were used, and measurements 
were taken at a) increasing, b) decreasing, and 
c) random temperatures on different specimens. 
Significant differences are observed between the 
varying heating sequences, though similarly heated 
specimens give highly reproducible results. The 
data shown are only those for which the lattice ex- 
pansion, as determined after the completion of the, 
high temperature exposures, did not exceed 0.001A 
and 0.003A ina andc parameters respectively, 
corresponding to an interstitial pick-up of the order 
of oxygen adsorbed on the surface of the powder, 
thus indicating no significant contamination by SiO.* 
The following features of the thermal expansion 
curve are evident: 
1) Measurements taken at decreasing tempera- 
tures are in fair agreement with the recent data *-5 
(dashed lines), though somewhat higher curvature 


1232-VOLUME 221, DECEMBER 1961 


1.589 / 
ee 
pe 4.72 
1.588- 
e 

° 

as 

go 
S85, fo 
® 
4 
od 7 
- 2.96 ff 7 
e 
/ 
MEDOFF AND CADOFF (3) 
PRESENT WORK a 
c/a 
l L l l l 


300 400 500 600 700 

T,°c 
Fig. 1—Thermal expansion of titanium between 25° and 
730°C. Dashed curves calculated from equations of ref. 3. 


100 200 


was obtained in the c parameter expansion. Similar 
results were also obtained in check experiments 
with a wire specimen, and a random temperature se- 
quence. 

2) An appreciable scatter is observed in the tem- 
perature range of 400° to 500°C for all the powder 
specimens. 

3) Powders investigated at increasing tempera- 
tures show anomalously high expansion in the a 
parameter at temperatures below some 500°C with 
a maximum at about 430°C. This is not reproducible 
on cooling once the powder has been heated above 
500 °C. 

The average axial expansivities observed for a 
number of temperature ranges are listed below, 
together with the values obtained* by the usual 


*Dilatometric measurements obtained courtesy J. S.“Clark on annealed 
polycrystalline rod. 


dilatometric method. The divergence between the 
calculated mean expansivity and the experimentally 
observed values is very marked. That between the 
axial expansivities of a powder and a thin rod sam- 
ple is shown in Fig. 2. 

II) Titanium Oxygen Alloys. The effect of oxygen 
addition on the lattice parameters of a titanium was 
first determined at 25°C, and the results are shown 
in Fig. 3. All the alloys investigated were slowly 
(5°C per hr) furnace cooled from 600°C to at least 
250°C. As can be seen, the observed parameter 
variation is in good agreement with that reported 
by Hurlen® except at compositions above Ti,O, 
where significantly lower a parameter values have 


_ been obtained in present work. This is probably due 


to the difference in heat treatment of the samples 
prior to parameter measurement, and it is believed 
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that the present values are closer to equilibrium. 
The parameters of four of the alloys, throughout the 
“solubility” range, were then determined, on -325 
mesh powder specimens, at temperatures up to 
500° to 600°C, the relative axial expansion and alloy 
compositions being shown in Figs. 4 and 5. 


DISCUSSION 


The following thermal expansion anomalies appear 
to have been established in previous and present 
work: 

a) Basal expansion observed on powder specimens 
cannot be fitted to the usual quadratic equation. A 
slope discontinuity was found at 450° + 30°C. 

b) The discrepancy between the mean linear ex- 
pansivity, as measured on polycrystalline material, 
and the averaged axial expansion coefficients. 

c) The discrepancy between the a, values as ob- 
tained on powder and on solid specimens. 

d) The discontinuity of expansion slope along a 
axis in powder Ti, Ti + 11.85 pct O,, and Ti + 16.4 
pet O, alloys. 

e) The apparently inconsistent variation of a, 
and a, with increasing oxygen content. 

As regards (c) above, it is significant that the 
values obtained for a are in fair agreement, thus 
indicating that the effect is a real one, and not caused 
by interstitial contamination, which affects predom- 
inantly the c parameter. 


Table Il. Comparison of Axial Expansivities in Titanium Powder 
and Thin Rod, and Experimental Expansivity of Polycrystalline Rod 


Powder Rod 


25°-125°C 13.6 12.2 10.0 11.8 12.9 10.6 8,58 
125°-225°C 15.0 13.2 10.0 11.9 14.3 10.64 9.40 
225°-325°C 10.8 10.9 9.85 11.5 10.9 10.40 9.80 
325°-425°C 7.8 10.0 9.75 11.5 8.5 10.33 9.98 
425°-525°C 1.0 8.7 9.62 11.58 3.6 10.27 10.11 
525°-625°C 10.5 11.5 9.45 11.62 10.8 10.17 9.50 
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Fig. 3—Lattice parameter variation with oxygen content in 
titanium-oxygen solid solution alloys at 25°C. 


An expansion of the crystal lattice can be expected 
along the direction in which a Brillouin zone overlap 
takes place;?° similarly, due to the interaction be- 
tween the zone boundary and the Fermi surface, lat- 
tice expansion can be expected in directions where 
the latter is close to (but does not touch) the zone 
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Fig. 4—Relative thermal expansion of titanium-oxygen alloys 
containing 11.85 and 16.4 at. pct O. 
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Fig. 5—Relative thermal expansion of titanium-oxygen alloys 
containing 23.9 and 31 at. pct O. 


boundary." Thus the observed trend of a, in the 
essentially unconstrained single crystal powder 
particles may be explained if we postulate an over- 
lap in the a direction either taking place, or disap- 
pearing at approximately 450°C. Zone approach, 
however, demands treatment of the valency electrons 
as free, which does not appear sufficiently justified. 
An alternative possibility may lie in a variation in 
electron bonding. It is reasonable to assume that 
with its largely empty d shell titanium may have a 
number of possible bonding electron configurations. 
The energy difference between some of these levels 
may well be small; and the temperature variation 
may cause the reversal of the relative stability of 
any two alternative bonding configurations. Thus, 
the a = # transformation is presumably due to a 
rearrangement of bonding electrons, the high tem- 
perature structure possessing more isotropic 
character. It is known, however, that changes in the 
bond character can occur without an accompanying 
gross structural transformation. Thus, it has been 
suggested that in spin orientation ordering,” the 
transition ferro+— antiferromagnetic, being of first 
order, is accompanied by a discontinuous lattice 
spacing change. Spin orientation variations involved 
in transitions ferro-para and antiferro-paramagnetic 
are second order, and these are therefore accom- 
panied by a change in slope of the lattice spacing- 
temperature curve. These were investigated on, 
amongst others, the intermetallic compounds MnAs, 
MnSb?? , and CrSb,15»4 all of which show slope dis- 
continuities consistent with a second order change. 
Similarly, the antiferromagnetic-paramagnetic tran- 
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sition in Cr?* is accompanied only by relatively 
minor singularities in thermal expansion, resistivity 
and internal friction. 

It is, therefore, suggested that the expansion 
anomalies (a, c, d above) observed in the basal plane 
expansion may be due to a rearrangement of bonding 
electrons and/or their spins. If the spin orientation 
changes, the effect may be also observable in mag- 
netic susceptibility/temperature plot. Work on mag- 
netic susceptibility of single crystal titanium, now in 
progress, may thus clarify the nature of the change. 

An alternative explanation may involve ordering of 
the interstitial atoms. The expansion curves of the 
alloys (Figs. 4 and 5) show, in fact, slope disconti- 
nuities, which may be attributed to order-disorder 
changes. Thus, the 16.4 at. pct alloy, Fig. 4, shows 
a discontinuity at 420°C, in good agreement with 
order-disorder transformation temperature proposed 
by Wasilewski? but not observed by Hurlen et al.® 
The slope variation in 31 pct alloy, Fig. 5, is far 
less marked at 530°C, where both the above inves- 
tigators suggest an O-D change. 

The total interstitial content of the “pure” titanium 
used in this work is equivalent to 0.2 pct (atomic), and 
is thus well belowthe minimum alloy content at which 
ordering has been observed. Therefore, it is be- 
lieved that ordering-if any-of the interstitial atoms 
is more likely to accompany, rather than cause, the 
observed anomaly. 

The apparently low values of linear expansivity 
observed in polycrystalline metal and the discrep- 
ancy between the averaged axial expansion coeffi- 
cients and the linear expansivity (b) cannot be ex- 
plained solely on the basis of nonrandom orientation, 
since at most temperatures investigated the experi- 
mental value of @ is less than the smaller axial ex- 
pansion coefficient. Therefore, the effect of the 
neighboring grains goes beyond the purely mechani- 
cal constraint and the strain energy accompanying 
anisotropic expansion. This is further indicated by 
the scatter in the a, values obtained on powder 
heated above 500°C prior to measurements at lower 
temperatures. This heat treatment is known to 
cause only negligible densification in the loosely 
packed powder, and thus only slight mechanical con- 
straint by neighboring particles. It appears that the 
formation of metal to metal contacts between parti- 
cles of different orientations significantly affects 
the expansion characteristics of the lattice. 

It may be noted* that structural phase transitions 


*Thanks are due to the referee for this comment. 


have been reported in thin, metallic films,)*-!” the 
appearance of structures other than those observed 
in bulk material being ascribed to the removal of 
bulk constraints. In view of the relatively gross size 
of the individual particles (~ 30), it is doubtful 
whether thin film concepts can be directly applicable. 
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The notch sensitivity of titanium alloys is affected 
by impurity content, microstructure, and heat treat- 
ment, Using notch tensile properties to evaluate 
notch sensitivity, three commercial titanium-base 
alloys were investigated over the temperature range 
of -—320° to 390°F. The alloys studied were Ti-5Al- 
2.5Sn, Ti-6Al-4V, and Ti-2Fe-2Cr-2Mo. Six inter- 
stitial levels were studied for each alloy in four mi- 
crostructural conditions. The a-f8 alloys were stud- 
ied in both the annealed and heat-treated condition. 
All tests were conducted using 1/4-in. diam round 
tensile samples. The notched samples had a 50 pct 
notch with a notch sharpness (a/r) of 53, corres- 
ponding to K, 6.3. Notch sensitivity was increased 
by increased interstitial content, low temperature, 
and acicular-type microstructures. The heat- 
treated, high-interstitial content a- 8 alloys were 
more notch sensitive than the same alloys in the 
annealed condition. In addition, minima in the notch 
tensile-temperature curves were observed at tem- 
peratures near 32°F. These minima became more 
pronounced with increasing interstitial content. 


Tue increaseduse of titanium alloys inhigh strength 
applications at subzero temperatures requires thata 
better under standing of the low-temperature behavior 
of the alloys be obtained. At lowtemperatures, metals 
generally exhibit increased strength with lowered duc- 
tility and toughness. Notch sensitivity and the factors 


which influence it become more important as the strength 


level is increased and the temperature is decreased. 
Some of the factors which affect notch sensitivity in ti- 
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tanium alloys are composition, inter stitial content, mi- 
crostructure, and heat-treatment condition. Inthis pa- 
per, the results of a study of these variables on the 
notch sensitivity of three titanium alloys at temper- 
atures from —320° to 390°F are reported. 

The notch geometry selected for this program was 
chosen to provide a severe test of notch sensitivity. 
The ability of the metal to flow without initiating 
fracture under these severe conditions is reflected 
in the notch-strength values, Since notch strength is, 
in part, determined by the constraint exerted by the 
combined tensile stresses, the behavior of notch 
specimens reflects the properties of the material 
under combined stresses, For example, a material 
with a high notch-unnotch strength ratio may be ex- 
pected to withstand the biaxial stresses encountered 
in a pressure vessel better than a material with a 
low ratio of notch-unnotch strengths. This implies 
that maximum strength alone isnota sufficient crite- 
rion for applications of this type. It further may be 
concluded that the various conditions that promote poor 
notch behavior also will affect adversely the per- 
formance of materials under combined stresses, In 
the alloys studied, these included low temperatures, 
high interstitial levels, and transformed microstruc- 
tures. 


EXPERIMENTAL PROCEDURES 


Three alloys, Ti-5Al-2.5Sn, Ti-6Al-4V, and 
Ti-2 Fe-2Cr-2Mo, were purchased from commercial 
producers as 2-in.-diam rod stock, Oxygen and ni- 
trogen were added to these alloys by remelting to 
obtain a variety of interstitial contents as shown in 
Table I. In order to compensate for the much more 
potent strengthening effect of nitrogen compared 
with oxygen, an oxygen equivalent content is used to 
describe the total oxygen plus nitrogen contents 
studied. It has been suggested previously’ that nitro- 
gen is approximately twice as effective in strength- 
ening as oxygen, and carbon, to the extent it is in so- 
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Table |. Compositions of Titanium Alloys Used in this Investigation 


Alloy Base Analyzed Composition, pct 
No. Composition* Oxygen Nitrogen Hydrogen Oxygen Equivalent** 
11 SAI-2.5Sn 0.138 0.010 0.0020 0.158 
14 SAI-2.5Sn 0.134 0.038 0.0100 0.210 
12 SAl-2.5Sn 0.250 0.013 0.0067 0.276 
16 SAI-2.5Sn 0.254 0.033 0.0059 0.320 
13 5AI-2.5Sn 0.300 0.013 0.0080 0.326 
15 SAI-2.5Sn 0.370 0.037 0.0059 0.444 
21 6Al-4V 0.120 0.010 0.0173 0.140 
24 6Al-4V 0.144 0.031 0.0035 0.206 
22 6Al-4V 0.260 0.013 0.0040 0.286 
25 6Al-4V 0.290 0.027 0.0050 0.344 
26 6Al-4V 0.300 0.030 0.0068 0.360 
23 6Al-4V 0.350 0.013 0.0060 0.376 
31 2Fe-2Cr-2Mo 0.253 0.015 0.0058 0. 283 
34 2Fe-2Cr2Mo 0.255 0.033 0.0039 0.321 
32 2Fe-2Cr-2Mo 0.365 0.016 0.0028 0.397 
35  2Fe-2Cr-2Mo 0.370 0.034 0.0057 0.438 
33. 2Fe-2Cr-2™Mo 0.405 0.016 0.0059 0.437 
36 2Fe-2Cr-2Mo 0.374 0.036 0.0026 0.446 


* Analyzed composition of bases: 


Ti-5Al-2.5Sn: 5.15 pct Al-2.34 pct Sn (0.055 pct C). 
Ti-6Al-4V: 6.29 pct Al-3.90 pct V (0.014 pct C). 
Ti-2Fe-2Cr-2Mo: 2.13 pct Fe-1.95 pct Cr-1.98 pct Mo (0.033 C). 


** Oxygen equivalent = pct O + 2x pct N. 


lution, has approximately the same strengthening ef- 
fect. However, since the carbon was not varied, and 
the amount in solution was indeterminate, it was not 
included in the oxygen equivalent in the present 
work, Although this approximation may not be pre- 
cise, it does provide a means for comparing the ef- 
fects of combinations of oxygen and nitrogen on 
properties of titanium alloys. 

The arc-melted ingots, approximately 10 lb. each, 
were fabricated by forging to 3/4-in.sq bars, rolling 
these bars to 5/8-in.-diam round, and finally swag- 
ing to 1/2-in.-diam rods. Specimens cut from these 


rods were heat treated according to the schedule 
given in Table II to obtain the microstructural con- 
ditions indicated, Fabrication temperatures for the 
alloys are also given in this table. These heat treat- 
ments were designed to provide a comparison of 
equiaxed annealed structures with acicular annealed 
structure and heat-treated equiaxed structures with 
heat-treated acicular structures. 

Standard 1-in.-gage length, 0.25-in.-diam round 
specimens were used for the unnotched tensile tests. 
The notched specimens had a 60-deg, 50 pct notch 
with a root radius of 0.002 in. resulting in a high 
notch sharpness (a/r = 53) corresponding to a stress 
concentration factor (K;) of 6.3. The unnotched 
specimens were tested at a uniform crosshead speed 
of 0.01 in. per min while the notched specimens 
were tested at a crosshead speed of 0.005 in. per 
min. Maximum and fracture loads were recorded 
for all specimens. A failure at maximum load is 
indicative of low ductility and may be used as a cri- 
terion of notch sensitivity. 


RESULTS 


The Base Materials. Fig. 1 shows the effects of 
temperature on the notch and unnotch tensile 
strengths of the three alloys in the equiaxed annealed 
condition. Both the Ti-5Al-2.5Sn and the Ti-6Al-4V 
alloys show no notch sensitivity at temperatures 
down to —320°F. However, the Ti-2 Fe-2Cr-2Mo 
alloy shows a definite loss in strength in the notched 
condition at —320°F. Also, there is a tendency 
toward a minimum in the notch tensile strength of 
Ti-6Al-4V at about 30°F. Ductility (as measured by 
reduction in area of unnotched samples) of Ti-5Al- 
2.5Sn decreases slightly with decreasing temper- 
ature while the ductilities of Ti-6Al-4V and 
Ti-2 Fe-2Cr-2Mo drop much more rapidly, particu- 
larly at low temperatures. 

When titanium alloys are heated into the 8 field 
prior to annealing, the a phase formed has an acic- 


Table Il. Fabrication Temperatures and Heat Treatments used in this Study 


Treatment Ti-5Al-2,5Sn Ti-6Al-4V Ti-2Fe-2Cr-2Mo 
Forging temperature, °F 2010 1740 1600 
Rolling temperature, °F 1700 1540 1400 
Swaging temperature, °F 1600 1540 1400 


Equiaxed annealed* 50 hr at 1470°F, furnace cooled. 


Acicular annealed** 1/2 hr at 2100°F, furnace cooled. 


Equiaxed, heat treated = 


Acicular, heat treated - 


2 hr at 1290°F, air cooled. 


1 hr at 1900°F, furnace cooled to 
1290°F, held 2 hr, and air cooled. 


1 hr at 1740°F, water quenched, 
aged 24 hr at 1000°F, air cooled. 


1 hr at 1900°F, furnace cooled to 
1740°F, held 1 hr, water quenched, 1470°F, held 1 hr, water quenched, 


and aged 24 hr at 1000°F. 


24 hr at 1200°F, air cooled. 


1 hr at 1650°F, furnace cooled to 
1200°F, held 24 hr, and air cooled. 


1 hr at 1470°F, water quenched, 
aged 24 hr at 900°F, air cooled. 


1 hr at 1650°F, furnace cooled to 


and aged 24 hr at 900°F. 


*Annealed to have an equiaxed « or a-8 microstructure. 


**Annealed to have an acicular (transformed 8) « phase in the microstructure. 
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Fig. 1—Effect of temperature on the notch and unnotch ten- 

_ sile strength of three titanium alloys in the equiaxed an- 

nealed condition. 


ular shape. The effects of temperature on the notch 
and unnotch tensile strengths of the three alloys in 
this condition are shown in Fig. 2. Unnotch strengths 
are very similar to those for the equiaxed annealed 
condition with tensile ducilities being lower as 
would be expected with the acicular structure. In 
the notch tests, the Ti-5Al-2.5Sn alloy shows no 
notch sensitivity, the minimum in the Ti-6Al-4V 
notch strength curve is more pronounced, and the 
notch strength of Ti-2Fe-2Cr-2Mo at —320°F is 
considerably lower in the acicular condition. 

Effects of Heat Treatment. The effects of heat 
treatment on the unnotch and notch tensile strengths 
of the two a-8 alloys for both the equiaxed and acic- 
ular microstructural condition are shown in Fig 3. 
As for the annealed condition, the unnotch tensile 
strength of Ti-6Al-4V is about the same for the 
equiaxed and acicular conditions. However, the heat- 
treated acicular condition for Ti-2 Fe-2Cr-2Mo has 
somewhat higher strength than the equiaxed condition. 
The decrease in tensile strength of the acicular 
Ti-2Fe-2Cr-2Mo below —100°F is indicative of 


320 
Solution treated | hr at |____- Solution treated | hour at ___| 
\ 1740 F, water quenched and 1470 F, water quenched and 
aged 24 hr at 1000 F aged 24 hr at 900 F. 
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Fig. 3—Effect of temperature on the unnotch and notch ten- 
sile strength of heat-treated Ti-6Al-4V and Ti-2Fe-2Cr- 
2Mo. 
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Fig. 2—Effect of temperature on the unnotch and notch ten- 
sile strengths of three titanium alloys in the acicular an- 
nealed condition. 


brittle behavior. Ductility is very low for both al- 
loys in the acicular condition with the Ti-2 Fe-2Cr- 
2Mo alloy having nil ductility below —100°F. 

Notch strength of heat-treated Ti-6Al-4V shows 
a drop to a minimum at about —100°F in both the 
equiaxed and acicular conditions with some recov- 
ery at lower temperatures. In the acicular condi- 
tion, the notch strength ts lower than the unnotch 
strength at temperatures below about —60°F. A 
similar, but much more pronounced behavior is 
noted for the Ti-2 Fe-2Cr-2Mo alloy. In the acic- 
ular condition, the minimum occurs at about 30°F, 
while the notch-unnotch ratio is unity at about 
140° F. 

It is apparent that Ti-6Al-4V and Ti-2Fe-2Cr- 
2Mo are more notch sensitive in the acicular condi- 
tion than in the equiaxed condition. Also, heat treat- 
ing to a higher strength level increases notch sensi- 
tivity. Ti-2Fe-2Cr-2Mo is more notch sensitive 
than Ti-6Al-4V. 

The minima which occur in the notch strength- 
temperature curves are very similar to the ductil- 
ity minima which occur in slow-strain rate tests on 
high-hydrogen content a-f titanium alloys. 
Schwartzberg, Williams, and Jaffee? show that, in 
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Fig. 4—Effect of interstitial content on the unnotch and notch 
tensile strength of heat-treated Ti-5Al-2.5Sn in the a an- 
nealed condition. 
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Fig. 5—Effect of temperature on the tensile strength of an- 
nealed (equiaxed a) Ti-5Al-2.5Sn at various interstitial 
levels. 


the temperature range —100° to +100°F, the Ti-2Fe- 
2Cr-2Mo alloy containing 375 ppm hydrogen has 
very low ductility, but at lower or higher tempera- 
tures the alloy is very ductile. Removing the hydro- 
gen or increasing the strain rate restored ductility 
in the alloy. This similarity suggested that hydro- 
gen may be affecting notch sensitivity in this tem- 
perature range. Therefore, several samples were 
vacuum annealed, reducing the hydrogen content 
from 58 to 20 ppm. The results of notch tests on 
these specimens, included in Fig. 3, show an in- 
crease in notch strength in the vicinity of the mini- 
mum, but the dip in the curve still remains. On the 
basis of these limited data, it is not possible to con- 
clude that this is solely an effect of hydrogen, al- 
though hydrogen seems to be involved. As will be 
shown later, increasing the oxygen and nitrogen con- 
tents of the alloys also cause pronounced minima in 
the notch-tensile-strength curves in this tempera- 
ture range. 

Effects of Interstitial Content. The effects of in- 
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Fig. 7—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-6Al-4V, annealed and heat treated (equi- 
axed structure) at two interstitial levels. 
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Fig. 6—Effect of temperature on the tensile strength of 8 an- 


nealed (acicular) Ti-5Al-2.5Sn at various interstitial levels. 


creasing interstitial content on the notch properties 
of a-annealed Ti-5Al-2.5Sn are shown in Fig. 4. 
Unnotch tensile strength is increased slightly as the 
interstitial content is increased from an oxygen 
equivalent* of 0.16 to 0.45 pct. Ductility remains 


* 
Oxygen equivalent is oxygen content plus 2x nitrogen content. See 
Table I for specific analyses. 


high at all testing temperatures except -320°F 
where ductility decreases with increasing intersti- 
tial content. In the notch condition, embrittlement, 
as evidenced by a drop in notch strength, appears to 
occur at the same interstitial level (>0.33 pct) over 
the temperature range 80° to —100°F. At —320°F 
embrittlement occurs above an oxygen equivalent of 
0.21 pct. Only at 390°F does the notch strength in- 
crease with increasing interstitial content up to 
0.45 pct O equivalent. More complete data showing 
the effect of temperature on the unnotch and notch 
strengths of a-annealed Ti-5Al-2.5Sn are given in 
Fig. 5. The minima in the notch-strength curves 
that were observed previously for the a-£ alloys 
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Fig. 8—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-6Al-4V, annealed and heat treated (aci- 
cular structure) at two interstitial levels. 
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Fig. 9—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-2Fe-2Cr-2Mo, annealed and heat treated 
(equiaxed structure) at two interstitial levels. 


also occur in this alloy, becoming more pronounced 
with increasing interstitial content. At —320°F, 
notch embrittlement occurs at interstitial contents 
above 0.21 pct O equivalent. The data for B-annealed 
(acicular structure) Ti-5Al-2.5Sn are shown in Fig. 
6. Unnotch strength is about the same as the equi- 
axed annealed condition with ductility being signifi- 
cantly lower. In notch tests, the minima are more 
pronounced and the low-temperature embrittlement 
is more severe for the acicular structure. Exami- 
nation of the minima in the notch-strength curves of 
Figs. 5 and6 illustrates one shortcoming in the use 
of the oxygen equivalent concept. Two different 
combinations of interstitials give an oxygen equiva- 
lent of about 0.32 pct, yet the combination with the 
higher nitrogen level shows a more pronounced 
strength minimum. 

Similar plots for the Ti-6Al-4V and Ti-2Fe-2Cr- 
2Mo alloys are shown in Figs. 7 through 10. In these 
plots, only the lowest and highest interstitial con- 
tent alloys are shown so that both the annealed and 
heat-treated conditions could be included. In the 
equiaxed conditions, the unnotch strength of Ti-6Al- 
4V, Fig. 7, is increased by increasing interstitial 
content and heat treatment. Ductility is decreased 
at low temperatures by increasing interstitial con- 
tent. A sharp drop in ductility of the high intersti- 
tial content material occurs in both the annealed and 
heat-treated conditions below room temperature in- 
dicative of a transition behavior. In the notch condi- 
tion, the minima become more pronounced and notch 
strength is less with increasing interstitial content. 
In the acicular condition, Fig. 8, the unnotch ductil- 
ity is lower and the notch sensitivity is greater than 
in the equiaxed condition. In both conditions, the 
heat-treated samples are more sensitive to notches 
than the annealed samples. 

The effects of interstitial content, heat treatment, 
and microstructure are much more pronounced on 
the properties of Ti-2Fe-2Cr-2Mo than on Ti-6Al- 
4V or Ti-5Al-2.5Sn. Even unnotch, heat-treated, 
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Fig. 10—Effect of temperature on the notch and unnotch ten- 
sile strength of Ti-2Fe-2Cr-2Mo, annealed and heat treated 
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high-interstitial content Ti-2 Fe-2Cr-2Mo becomes 
brittle at cryogenic temperatures. In the notch tests, 
severe embrittlement is encountered in the heat- 
treated condition at 0.45 pct O equivalent at alé tem- 
peratures below room temperature. Changing the 
microstructure from equiaxed to acicular results in 
more severe embrittlement, both for notched and un- 
notched specimens. 


DISCUSSION 


Notch sensitivity of the titanium alloys investi- 
gated is influenced by testing temperature, micro- 
structural condition, heat-treatment condition, alloy 
composition, and interstitial content. 

Using the criterion that a notch-unnotch ratio of 
unity is evidence of a transition from notch insensi- 
tivity to notch sensitivity, the graphs of Fig. 11 il- 
lustrate the effects of interstitial content, micro- 
structure, heat treatment, and alloy composition on = 
this transition temperature. These data show that 
the equiaxed annealed condition for all three alloys 
can tolerate a higher interstitial content than the 
other conditions, and that the following factors in- 
crease notch sensitivity: 

1) Increasing interstitial content. 

2) Changing microstructure from equiaxed to 
acicular. 

3) Increasing strength level by heat treatment for 
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Fig. 11—Effect of interstitial content on the transition 
temperature of three titanium alloys. (Transition tempera- 
ture defined as temperature where notch/unnotch ratio is 


unity.) 
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the high-interstitial content, a-£ alloys. 

Thus, it is apparent that the most notch sensitive 
condition is the heat-treated, acicular condition with 
a high interstitial content. 
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A Study of Fibrous Tungsten 


John F. Peck and David A. Thomas 


Fibrous microstructures and their development 
have been studied by metallography and by hardness 
and quantitative metallographic measurements. 
Thin, curved grains were observed in transverse 
sections of commercial tungsten wire and were de- 
veloped in laboratory-drawn iron wire at reductions 
greater than about 70 pct. The unusual grain shapes 
are attributed to the nonuniform mode of deforma- 
tion of the grains associated with the characteristic 
[110] preferred orientation that develops in bcc met- 
als during drawing. Transverse sections of heavily 
swaged iron wire showed a ‘‘spiral nebula’’ struc- 
ture that appears to result from the elliptical shape 
of the cross section of the swaging dies and their 
rotary motion. Hardness and quantitative metallo- 
graphic results show unusual trends that parallel 
the changes in microstructure. Other phenomena 
are considered in light of the results, including the 
strength of fine wires of bcc metals, ‘‘cylindrical’’ 
textures, and the ductility of fibrous tungsten. 


Tue microstructure of tungsten wire in a longi- 
tudinal section shows grains highly elongated in the 
working direction, giving the appearance of a bundle 
of parallel fibers, Fig. 1(@). Wires of tungsten and 
other bcc metals show a pronounced preferred ori- 
entation in which a [110] direction is parallel to the 
wire axis.’ The microstructure and texture of tung- 
sten develop during warm working (working above 
room temperature but below the recrystallization 
temperature) into wire by swaging and drawing. 
Fibrous tungsten so produced has limited but useful 
room-temperature ductility, whereas annealed 
tungsten is brittle at room temperature. 

During an investigation of the effect of recovery 
annealing on the substructure of commerical 0.030 
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and Iron 


in. diam tungsten wire, it was found that transverse 
sections of the as-received material showed thin, 
curved grains, Fig. 1(b), instead of the expected 
equiaxed grains. The fact that Figs. 1(a) and (bd) 
show different sections of the same material at the 
same magnification is at first disconcerting, because 
the long dimension of the curved grains in the trans- 
verse section is several times the average fiber 
width in the longitudinal section. However, a longi- 
tudinal section cuts most of the curved grains across 
their narrow dimension, giving the appearance of a 
multitude of narrow fibers. On the other hand, the 
plane of a longitudinal section occasionally includes 
a long dimension of a curved grain, resulting in a 
broad “fiber”, such as A in Fig. 1(a). 


EXPERIMENTS AND RESULTS 


To investigate the origin of fibrous microstruc- 
tures and particularly the unusual transverse-sec- 
tion structure of tungsten, rods of iron (also bcc) 
were drawn and swaged in the laboratory.« One rod 
of annealed Ferrovac E was drawn in six steps toa 
total reduction in area of 87 pct (0.10 to 0.036 in. 
diam), and a second rod was swaged to the same re- 
duction, using approximately the same reduction 
steps. 

Longitudinal and transverse sections of the swaged 
and drawn iron wires are shown in Fig. 2, for re- 
ductions in area of 39, 73, and 87 pct. A fibrous 
microstructure in longitudinal section is first evi- 
dent at 73 pct reduction, and it is further developed 
at 87 pct reduction. The grains in transverse section 
remain equiaxed until about 73 pct reduction, when 
they become somewhat elongated and curved. At 
87 pct reduction, the drawn wire shows thin, curved 
grains in the transverse section, similar to those 
observed in tungsten. 

The transverse sections of the iron wires swaged 
83 and 87 pct reduction in area show the striking 
“spiral nebula” structure in Fig. 2(d). This struc- 
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ture was also observed in copper? and in an Fe-Ni 
alloy,® both of which are fcc. A greater amount of 
deformation occurs at the center than at the edge 
of the wires. 

Deformation bands become prominent at large 
reductions in longitudinal sections. Fig. 3 shows 
both deformation band boundaries and grain bound- 
aries in a longitudinal section of drawn iron wire, 
at 60 pct reduction in area. The sharp boundaries 
are grain boundaries, and the others are deforma- 
tion band boundaries. Deformation bands were 
evident metallographically at reductions of 60 pct or 
more, and their boundaries became sharper and 
more distinct with increasing reduction. At reduc- 
tions of 83 pct or more, the boundaries were suf- 
ficiently sharp and parallel to the boundaries of the 
fibered grains that they were often difficult to dis- 
tinguish from grain boundaries. 

Quantitative metallographic measurements were 
made by counting the number of grain boundary 
intercepts per unit length (N/L) on traverses normal 
to the wire axis across longitudinal sections. The 
results are compared in Fig. 4 with the “ideal” curve 
expected if the grains undergo the same change in 
shape as the macroscopic change in shape of the 
wire. In the ideal case, 


N/L = (N/L), (D,/D) = (N/L)y 


where (N/L), is the number of intercepts per unit 
length in the annealed wire of diameter D,, D is the 
diameter after reduction, and A, and A are the initial 
and reduced crossectional areas, respectively. Above 
about 73 pct reduction in area, both the drawn and 
swaged wires have much larger values of N/L than 
expected. The deviation results from the inclusion 

of deformation-band boundaries in the grain count 
and from the nonequiaxed transverse shape of the 
grains at large reductions. 

Hardness vs percent reduction in area in the drawn 
and swaged iron wires is given in Fig. 5, and it is 
clear that the drawn material is appreciably harder 
than the swaged material. The hardness values are 
the average of microhardness traverses across 
longitudinal or transverse sections. The hardness 
was generally not uniform across a section, usually 
being higher in the interior than near the surface. 
The spiral nebula structure at 87 pct reduction 
exhibited the greatest extremes in hardness, ranging 
from about 125 near the surface to almost 180 in 
the middle. 

Both the swaged and drawn wires in Fig. 5 show 
an unusual increasing rate of hardening above a re- 
duction in area of about 70 pct, an effect that is also 
evident when the reduction is plotted on a true strain 
basis. The hardness of cold-worked metals usually 
increases at a decreasing rate for all reductions, 
as illustrated for drawn wires of a fcc Au-Ag alloy* 
in Fig. 6. However, data similar to those in Fig. 5 
exist for other bcc metals, such as low-carbon 
steels® and swaged tantalum,® the latter being in- 
cluded in Fig. 6. 
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(d) 
Fig. 1—Microstructure of 0.030 in. tungsten wire. (a) lon- 
gitudinal section, (0) transverse section. Etched in HF, 
HNO;, HCl (1:1:1). X2000. Enlarged approximately 2 
pet for reproduction. 


DISCUSSION 


The thin, curved grains in transverse sections of 
tungsten wire, Fig. 1(b), and heavily drawn iron 
wire, Fig. 2(d), are attributed to the nonuniform 
mode of deformation of the grains, associated with 
the strong [110] texture developed in wires of 
bec metals.* The [110] fiber texture becomes 


*The authors thank Prof. W. F. Hosford for this important suggestion. 


sharper with increasing reduction, until eventu- 
ally the ideally oriented grain has its <111> slip 
directions disposed about the wire axis as in Fig. 
7. Slip directions A and B lie in the (110) plane, 
which is perpendicular to the wire axis, and thus 
cannot contribute to extension of the grain along the 
wire axis as further drawing is carried out. Slip 
directions C and D lie in the (110) plane, which is 
parallel to the wire axis, and are 35 deg 16 min 
from the wire axis. These slip directions alone can 
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contribute to extension of the grain along [110]. 
Slip in directions C and D results in extension of the 
grain and in lateral contraction in the (110) plane 
only, just as in the plastic extension of a [110] 
oriented, bcc single crystal. The grain thus thins 
in the [001] direction and tends to become elliptical 
in cross section. It is apparent that, in a polycrystal- 
line aggregate with a strong [110] texture, the 
grains can not maintain continuity with their neigh- 
bors if they undergo thinning in [001] alone, be- 
toed - cause the grains tend to be random in orientation 
> > ~x about their common [110] axis, and the major axes 

— of the ellipses are therefore not parallel. Intergran- 
stresses undoubtedly force activity on slip di- 
1 - rections A and B and enable the thinned grains to 
curve and conform to their neighbors. The thinned 
grains do not always succeed in conforming to each 
_<m other, as shown by the localized intergranular 

(2) as annealed cracks in the wire reduced 87 pct by drawing, 

Fig. 2—Microstructures of drawn and swaged iron wire. Fig. 2(d). 
Etched in nital. X150. Reduced approximately 3 pct for Since the grains in a transverse section at 39 pct 
reproduction. reduction, Fig. 2(b), are equiaxed, it seems probable 
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Fig. 2 (b)—39 pct reduction in area 
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Fig. 2 (d)—87 pct reduction in area 
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Fig. 2 (d) (cont’d) 


that the [110] texture is insufficiently developed at 
that reduction to lead to the above effect. At 73 pct 
reduction, thinning of the grains was noticeable, in- 
dicating sufficient texture development. The theory 
described above suggests that the long dimension of 
the thinned grains in transverse section would not 
change appreciably after thinning begins. Thus the 
long dimension should be approximately equal to the 
grain diameter d just as thinning begins, say at 
about 60 pet reduction, when d =d, (A/A,)*/? = 

0.63 d,. Figs. 2(c) and 2(d) show that the long di- 
mension of the grains remains about the same for 
73 and 87 pct reduction and that it is somewhat less 
than the average grain diameter in the annealed ma- 
terial, Fig. 2(a), as expected. The theory further 
suggests that the grains in fcc metals would remain 
equiaxed, because the duplex [100] and [111] wire 
textures that occur? have four-fold or three-fold 
symmetry of active <110> slip directions about the 


Fig. 3—Grain boundaries and a deformation band in iron 
wire, drawn to a 60 pct reduction in area. Etched in nital. 
X1000. Enlarged approximately 24 pct for reproduction. 
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wire axis, and the grains could thus undergo the 
same change in shape as the overall shape change of 
the wire. Fig. 8 shows that the grains remain equi- 
axed in copper wire drawn to an 84 pct reduction in 
area, as expected. 

The unexpected increased rate of hardening above 
about 70 pct reduction, Fig. 5, may be rationalized 
on the basis of the intersection of active slip sys- 
tems. Slip directions A and B, Fig. 7, are forced to 
operate as the thinned grains curve to maintain 
continuity with their neighbors. Slip in the principal 
directions C and D then becomes more difficult be- 
cause of the additional intersecting slip, and in- 
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Fig. 4—Average number of grain boundary intercepts per 
mm (N/L) vs reduction in area for drawn and swaged iron 
rod. Also calculated ‘‘ideal’’ values of N/L. 
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Fig. 5—Average Vickers hardness vs reduction in area for 
drawn and swaged iron wire. 


creased work hardening occurs. In terms of disloca- 
tions, motion of dislocations is made more difficult 
because of the increased dislocation interactions as 
dislocations move to produce slip in directions A 
and B as well as in C and D. In the fcc case (Au-Ag 
alloy in Fig. 6), the usual levelling off of hardness 
occurs at high reductions in area, consistent with 
the slip direction symmetry and the maintenance of 
equiaxed grains. The increased hardening rate at 
high reductions is probably general for bcc metals, 


B 


A 


(110) 


Cc 


Fig. 7—Relation of {110} planes and <111> directions 
A, B, C, and D to the wire axis in a perfect <110> wire 
texture. 
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Fig. 6—Hardness vs reduction in area for swaged electron 
beam melted and arc melted tantalum,® and a drawn Au-Ag 
alloy.’ 


as suggested by its occurrence in tantalum® and 
steel.® It seems likely that the exceptionally high 
strengths of fine tungsten wire and music wire (the 
latter being drawn from a fine pearlite struc- 
ture) result, at least in part, from the increased 
rate of hardening at high reductions. On the other 
hand, an increased rate of hardening would not be 
expected for heavily rolled sheet, because the 
(100) [011] rolling texture of bcc metals orients 
the grains such that slip directions of the types C 
and D, Fig. 7, produce the same elongation and 
thinning of the grains as is produced by the overall 
shape change in rolling. 

Leber” has demonstrated that a “cylindrical” 
texture exists in bcc wires at intermediate stages 


Fig. 8—Transverse section of copper wire, drawn to an 
84 pct reduction in area. Etched in ammonium hydroxide- 
hydrogen peroxide. X500. Enlarged approximately 4 pct 
for reproduction. 
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Fig. 9—(a) Cross section of swaging dies when the dies 
are completely closed. The elliptical shape of the die 
cavity is exaggerated. (b) Cross section of swaging dies 
at the start of the stroke following that depicted in (a). 


of reduction. In the cylindrical texture, {100} planes 
of the grains tend to be parallel to the wire surface, 
so that complete randomness about the [110] wire 
axis does not exist. Further reduction leads gradu- 
ally to almost complete randomness about [110] or, 
in other words, to the conventional fiber texture. 
The present work suggests that the transition to 
randomness about [110] may be related to the 
microstructure development in transverse section. 
In particular, the curving of thinned grains above 
about 60 pct reduction in drawing of iron wire must 
increase randomness about [110] and could be the 
principal factor in achieving a true fiber texture. 
The unusual spiral nebula structure of Fig. 2(d) 
could be due to the elliptically shaped cross section 
of the swaging dies. Each time the dies close, the 
metal will be deformed to an approximately ellipti- 
cal cross section as shown in Fig. 9(a). The next 
stroke of the dies will occur after the dies rotate 
about 60 deg relative to the swaged rod, if the rod 
is not allowed to rotate. The dies will first strike 
the metal at points that are not directly opposite 
each other, shown in Fig. 9(b). The resulting force 
couple, along with the rotary motion of the dies, 
tends to produce tangential flow, leading to a spiral 
structure. Flow is more pronounced in the center 
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because of the constraint offered by friction at the 
die-rod interface, just as in compression between 
plates. This is consistent with the highly deformed 
grains in the center of Fig. 2(d) and with the higher 
hardness observed at the center of the swaged rod. 

The ductile-to-brittle transition temperature of 
polycrystalline tungsten is reduced as a fibrous 
microstructure develops during working.® At the 
same time, the brittle fracture mode passes from 
intergranular in annealed tungsten to at least par- 
tially transgranular (across the fibers) in fibrous 
tungsten, since there is very little grain boundary 
area normal to the wire axis. The pointed grain 
ends and the consequent lack of grain boundary area 
normal to the wire axis are evident in drawn iron 
wire at 60 pct reduction in area, Fig. 3. Thus 
tungsten wires fracture in a mode somewhat anal- 
ogous to that of tungsten single crystals, as modified 
by the presence of grain boundaries, cold work, and 
so forth, and the transition temperature is lower 
than that of annealed polycrystalline tungsten. 
Smithells® has cited the case of a tungsten bicrystal 
wire, with the boundary parallel to the wire axis. 
The wire was ductile at room temperature, showing 
that a grain boundary parallel to the wire axis is 
not fatal and, furthermore, that plastically deformed 
grains are not essential to obtain a reduced transi- 
tion temperature. 


CONCLUSIONS 


1) The thin, curved grains observed in transverse 
sections of heavily drawn tungsten and iron wires 
are attributed to the nonuniform mode of deforma- 
tion of the grains associated with the characteristic 
[110] preferred orientation that develops in bcc 
metals during drawing. 

2) The spiral nebula structure in transverse sec- 
tions of heavily swaged iron wire appears to result 
from the elliptical shape of the cross section of the 
Swaging dies and the rotary motion of the dies. 

3) Hardness and quantitative metallographic 
measurements on drawn and swaged iron wire show 
unusual trends that parallel the development of the 
fibrous microstructure and the unusual transverse 
section microstructures. 

4) Other phenomena, such as the strength of fine 
wires of bcc metals, cylindrical wire textures, and 
the ductility of fibrous tungsten, may be affected by 
the presence of fibrous microstructures and their 
development. 
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E. A. Gulbransen and K. F. Andrew 


Weight loss measurements were made using a 
sensitive microbalance operating in a high vacuum 
system, The Langmuir equation was used to cal- 
culate the vapor pressures of the several metals 
and alloys. Aluminum lowered the vapor pressure 
of iron ina 5.4 Al-94.6 Fe alloy, and of iron and 
chromium ina 4,8 Al-21.5 Cr-73.7 Fe alloy. The 
influence of oxide films formed on the alloys on the 
effective vapor pressures of the alloys was also 
studied, These studies were used to aid in the in- 
terpretation of the high temperature oxidation of 
alloys based on iron, chromium, and aluminum, 


Recent studies on the oxidation of chromium?’ 
and the heat resistant alloy 5 Al-22 Cr-73 Fe? 
showed transitions in the rate of oxidation at 900° 
and 1050°C respectively. The transition for chrom- 
ium occurred at a temperature where the rate of 
evaporation of chromium from oxide-free surfaces 
equalled the rate of chromium atoms reacting with 
oxygen. 

This paper presents new vapor pressure studies 
on iron, chromium, and the specially prepared alloys 
5.4 Al-94.6 Fe, 21.9 Cr-78.1 Fe, and 4.8 Al-21.5 Cr- 
73.7 Fe. The ternary alloy is similar in basic com- 
position to the patented heat-resistant commercial 
alloy known as Kanthal. The binary alloys were 
studied to show the individual effects of aluminum 
on the vapor pressure of iron and of iron on the va- 
por pressure of chromium. 

The purpose of the proposed studies was to test 
the influence of metal volatility on the oxidation be- 
havior of heat-resistant alloys based on iron, 
chromium, and aluminum. Since oxide films formed 
on the metal may limit metal transfer to the surface, 
the influence of oxide films on metal volatility was 
also studied. 


LITERATURE 


A) Vapor Pressure. The vapor pressure of iron 
has been studied by Jones, Langmuir, and Mackay,* 


Dornte and Norton,* Edwards, Johnston, and Ditmars,° 
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and McCabe, Hudson, and Paxton.® Stull and Sinke’ 
have calculated a heat of sublimation at 298°K of 
99.83 kcal per g atom. 

The vapor pressure of chromium has been reported 
by Bauer and Brunner,® Speiser, Johnston, and 
Blackburn,® Gulbransen and Andrew,?° Vintaikin," 
McCabe, Hudson, and Paxton,® and Kubaschewski 
and Heymer.’? 

Good agreement was obtained except for the early 
work of Bauer and Brunner.® Stull and Sinke’ cal- 
culate a heat of sublimation at 298°K of 95.0 kcal 
per g atom. 

Vapor pressure measurements on aluminum have 
been made by Brewer and Searcy,’* Bauer and 
Brunner ,® and Farkas. Stull and Sinke,’ giving 
Brewer and Searcy’s?* data the most weight, derive 
a heat of sublimation of 77.5 kcal per g atom at 
298° K. 

B) Method. Two methods’® are used for measur - 
ing the vapor pressure of metals: 1) The Langmuir 
free evaporation method, and 2) the Knudsen effusion 
method. In the Langmuir method, used in the pres- 
ent work, the vapor pressure of the metal P is given 


by the equation: 
-1l/z 
) [1] 


p=t M 
a dt 
Here M is the molecular weight of the vapor species. 
T is the absolute temperature. (dw/dt) is the rate 
of sublimation in g per sq cm per sec and a is the 
condensation coefficient. @ is a measure of the ex- 
ficiency of condensation of molecules striking the 
metal surface from the vapor. If condensation re- 
sults from each collision a is unity. This coefficient 
has been found to be unity,®» 1° for metals. These re- 
sults establish the general validity of the Langmuir 
free evaporation method as applied to metals. 


EXPERIMENTAL 


A) Vacuum Microbalance Method. A modification 
of the Langmuir free evaporation method was used. 
Strip specimens were suspended from a sensitive 
microbalance operating inside of a high vacuum 
system. For alloys, microbalance methods’? must 
be used on large area samples at relatively low 
temperatures to minimize composition changes. The 
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Table |. Analyses of Fe-Al, Fe-Cr, and Fe-Cr-Al Alloys (Wt. Pct) 


Fe - Al Fe - Cr Fe - Cr- Al 
Al 5.4 - 4.83 
Cr - 21.9 21,5 
Mn <0.002 <0.002 < 0.002 
P 0.0006 0.0038 <0.0005 
S 0.009 0.0051 0.0047 
c 0.006 0.013 0.0012 
Fe bal. bal. bal. 


precaution of using relatively low temperatures is 
based on the fact that the temperature coefficient of 
evaporation is much higher than the temperature 
coefficient of diffusion. At these relatively low tem- 
peratures the rate of evaporation is low and diffusion 
processes in the alloy act to remove surface com- 
position changes due to the selective evaporation of 
one element. 

Weight loss measurements were made at a series 
of temperatures for 30 to 60 min time periods. 
Readings were made on some specimens every 5 
min. For tests on oxide-free surfaces of pure met- 
als and alloys the rate of weight loss at any given 
temperature was constant. Measurements were 
made on an ascending series of temperatures fol- 
lowed by a series of descending temperatures to as- 
sure equilibrium values and to test for composition 
changes on the weight loss. A single specimen was 
used for the series of measurements. Agreement 
in the weight loss values on the heating and cooling 
series of measurements substantiates the premise 


that surface composition changes were not occurring. 


For iron and chromium, samples of 0.76 sq cm 
area were used; while for the alloys, samples of 
about 4.00 sq cm were used. For alloy specimens 
where composition changes could occur the total 
weight loss during a series of measurements was 
about 0.3 pct of the sample weight. 

B) Apparatus. The samples were suspended by a 
2 mil tungsten wire in a quartz or mullite furnace 
tube which was sealed to the all pyrex glass vacuum 
system.'® A furnace was placed around the furnace 
tube for the evaporation experiments. A Pt-Pt 10 
pct Rh thermocouple was used to measure and con- 
trol the temperature. This thermocouple was cali- 
brated against a NBS standard thermocouple. Tests 
with thermocouples attached to the specimen showed 
the furnace temperature to be within + 2°C of the 
specimen temperature. A high sensitivity recorder - 
controller was used to control the furnace tube tem- 
perature to + 1.5°C. 

A high-quality vacuum system was used to prevent 
contamination of the specimen with oxide films and 
adsorbed gases. A liquid nitrogen trap was used be- 
tween the pumping system and the microbalance and 
furnace tube. With the furnace tube at 1000°C a leak 
rate’ of 2.5 x 10-® mm of Hg-liters per sec was 
measured. If the gas were all oxygen 4.2 x 107"! g 
of O per sec would be entering the system. This is 
equivalent to the formation of a mono-layer of oxy- 
gen on a 4.00 sq cm surface in 84 min. 


1248-VOLUME 221, DECEMBER 1961 


Table Il. Rates of Evaporation and Vapor Pressure of Iron 


i Rate -log P AHS 
°K g/cm’/Sec x 10° Atm kcal/Mole 
1298 5.88 9.20 100.0 
1298 4.60 9.30 100.6 
1313 6.83 9.13 100.7 
1323 9.53 8.89 100.0 
1328 11.4 8.90 100.4 
1343 17.0 8.73 100.5 
1348 14.8 8.79 101.2 
1358 24.0 8.57 100.6 
1373 33.4 8.43 100.8 
1373 33.7 8.42 100.8 
1398 67.4 8.12 100.6 
1423 96.9 7.96 101.2 
1373 46.1 8.29 99.9 
1343 19.9 8.66 100.1 
1313 8.74 9.02 100.1 


Mean 100.5 + 0.4 kcal per mole 


The microbalance” had a sensitivity of 0.85 ug 
per 0.001 cm deflection for the 4.00 sq cm samples 
and 0.91 wg per 0.001 cm deflection for the 0.76 sq 
cm samples. 

C) Samples. 1) Chromium. The chromium was 
vacuum cast high-purity electrolytic chromium. 
Spectrographic analyses showed traces of tin and 
lead and minute traces of silicon. The presence of 
copper, silver, and iron were suspected but not 
established. Chemical analyses showed 0.04 pct C. 

2) Iron, The analysis of the zone-melted high- 
purity iron was: 

Ni, 0.0012; Cu, 0.0002; Al, 0.0015; Si, 0.001; 

Mg, < 0.0005; Cr, < 0.0005; B, < 0.0005; 

Co, 0.0001; C, 0.001; O, 0.0017; S, 0.0009; 

N, < 0.0002; H, < 0.00002.19 

3) Alloys of Fe-Al, Fe-Cr, and Fe-Cr-Al, 
High-purity iron, chromium, and aluminum were 
used in vacuum melting these alloys. Table I shows 
the analyses of the three alloys. 

D) Sample Preparation. The samples were pre- 
pared by abrading from 1/0 polishing paper through 
4/0 polishing paper under purified kerosene and then 
cleaned chemically. 


RESULTS 


A) Vapor Pressure Studies. 1) Jvon. Weight loss 
measurements were made at 8 temperatures between 
1025° and 1150°C for 30 or 60 min time periods on 
specimens of 0.76 sq cm area. Table II shows a sum- 
mary of the weight-loss data, the calculated values 
of the vapor pressures, and the calculated values of 
the heats of evaporation of iron, AH>. Fig. 1 shows 
a log P vs (1/T) plot of our data and the data of 
Edwards, Johnston, and Ditmars.® Our data shows 
slightly lower values for the vapor pressures than 
those of the earlier workers.®? ® 

For the calculations of AH; the thermodynamic 
functions of solid and gaseous iron were evaluated 
from those given by Stull and Sinke.”. A mean value 
of 100.5 + 0.4 kcal per mole was obtained for AH>. 
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Fig. 1—Vapor pressure of iron. 


Edwards, Johnston, and Ditmars® obtained a value 
of 99.21 kcal per mole. 

2) Chromium, Weight-loss measurements were 
made at 5 temperatures between 1000° and 1100°C on 
samples having surface areas of about 0.77 sq cm. 
Table III shows the weight-loss data and the vapor 
pressure calculations while Fig. 2 shows a log P vs 
(1/T) plot of the results. The present data are 
lower than the data of earlier workers.®-!? The cal- 
culated values for the heats of evaporation of chro- 
mium, AH; are shown also in Table III. A mean 
value of 95.4 + 0.2 kcal per mole was found for AH> 
using the thermodynamic functions for solid and 
gaseous chromium evaluated from the tables of Stull 
and Sinke” This value is higher than the value of 
93.5 +0.2 kcal per mole given by Speiser, Johnston, 
and Blackburn® and the value of 93.9 + 0.18 kcal per 
mole obtained in our earlier work.'° 

3) 5.4 Al-94.6 Fe Alloy, Measurements were 
made at 7 temperatures between 1010° and 1100°C on 
a sample having a surface area of 4.27 sq cm. Good 
agreement was found for values obtained on the heat- 
ing and cooling cycles. Fig. 3 shows the results, 
curve C, together with those for pure iron, curve A. 
The atomic weight of iron was used for M in the 
Langmuir equation to calculate the vapor pressures. 
Since the evaporating vapors were largely iron, the 
error introduced by using the atomic weight of iron 
was not large. Curve C of Fig. 3 shows the vapor 
pressures of the alloy were only 35 pct of those for 
pure iron. 

The composition of the vapors was determined by 


Table Ill. Rates of Evaporation and Vapor Pressure of Chromium 


Rate -log P AHS 
°K g/cm’?/Sec x 10° Atm kcal/Mole 


1273 1,168 8.89 95.8 
1298 2.57 8.54 95.6 
1323 5.075 8.24 95.5 
1348 9.86 7.95 95.5 
1373 20.1 7.63 95.3 
1348 10.7 7.91 95.3 
1323 5.37 8.21 95.4 
1298 2.94 8.48 95.2 
1273 1,52 8.78 95.2 


Mean 95.4 + 0.2 kcal per mole 
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Fig. 2—Vapor pressure of chromium. 
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heating a sample of the alloy in a high vacuum sys- 
tem designed to collect the evaporated metal vapors. 
A 0.55 mg sample of the condensed vapors collected 
on heating the alloy sample for 2 hr at 1027°C ana- 
lyzed 10 + 1 wt pct Al and 90 wt pct Fe. 

The small loss of aluminum from this alloy was 
unexpected since the vapor pressure of aluminum 
over liquid aluminum at 1027°C was 4.8 X 10°’ atm.” 
Our results at 1027°C show a total vapor pressure of 
1.82 x 10°” atm. 

4) 21.9 Cr-78.1 Fe Alloy, Measurements were 
made at 5 temperatures between 920° and 1040°C on 
both heating and cooling cycles using a sample of 
4.01 sq cm area. Fig. 3, curve E, shows the results. 
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Fig. 3—Comparison of vapor pressures of iron and chro- 
mium and alloys containing Fe-Al-Cr. 
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Fig. 4—5.4 Al-Fe alloy, effect of oxide film. 


The atomic weight of chromium was used for Min 
the Langmuir equation since chromium has a vapor 
pressure of about 15 times that for iron. Composition 
studies on the vapors were not made since the alloy 
showed nearly ideal behavior. 

5) 4.8 Al-21.5 Cr-73.7 Fe Alloy, Measurements 
were made at 5 temperatures between 920°and 
1040°C using a sample of 4.01 sq cm area. Good 
agreement was found for the values obtained on the 
heating and cooling cycles. Since chromium was the 
major component in the vapors the atomic weight of 
chromium was used for Min the Langmuir equation. 
Since the atomic weights of chromium and iron dif- 
fer by only a few percent, the error introduced in 
using the atomic weight of chromium was not large. 
The calculated average vapor pressure curve lies 
close to that for pure iron. The addition of aluminum 
to the 21.9 Cr-78.1 Fe alloy lowered the vapor pres- 
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sure of the alloy compared to the Cr-Fe alloy. 

The composition of the vapors was determined by 
collecting and analyzing the vapors on heating the 
alloy for 2 hr at 1050°to 1100°C. The deposit had 
the following analyses in wt pct: Fe, 26 + 1; 

Al, 12 + 1; and Cr 62 + 1. At 1027°C the vapor pres- 
sure of the alloy was 5.37X 10° atm. This may be 
compared to a value of 5.37 10" * atm for pure iron 
and a value of 3.24 10°-°atmfor pure chromium at 
1027°C. 

B) Effect of Oxide Films. The results of section 
A have shown that aluminum has a very beneficial 
effect in lowering the vapor pressure of chromium 
and iron of oxide free surfaces. This effect may be 
of considerable importance in the high-temperature 
heat-resistant properties. However, most alloys in 
oxidizing atmospheres have oxide films on the sur- 
face. The presence of an oxide film adds a barrier 
to the loss of metal by evaporation. The effective - 
ness of this barrier may be affected by the oxide 
thickness and by the nature and composition of the 
oxide layer. 

1,) 5.4 Al-94.6 Fe Alloy, The effects of two oxide 
films were studied. The first sample was oxidized 
at 800°C for 2 hr in oxygen at 0.1 atm and had a film 
thickness corresponding to a weight gain of 17 ug 
per sq cm. The second had a film thickness of 80 ug 
per sq cm and was prepared by oxidizing at 950°C for 
65 min in oxygen at 0.1 atm. 

Weight loss measurements were made at 4 tem- 
peratures between 1025° and 1100°C. However, the 
reproducibility of the measurements on the heating 
and cooling cycles was not as good as for the studies 
on clean metals. Fig. 4 shows the calculated effective 
vapor pressures based on the atomic weight of iron. 
The calculated vapor pressures are termed effective 
vapor pressures since the pressures are nonequilib- 
rium values. The thin oxide film had only a small 
effect on the calculated effective vapor pressures 
while the thick oxide film had a large effect. 

2) 21.9 Cr-78,1 Fe Alloy. The effects of two oxide 
films were studied. One sample oxidized at 800°C and 
0.1 atm of O, for 65 min had a film thickness cor - 
responding to a weight gain of 18.5 ug per sq cm. 

A second sample had a film thickness corresponding 
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to a weight gain of 79.0 ug per sq cm. This sample 
was oxidized at 950°C and 0.1 atm for 100 min. 

Fig. 5 shows the calculated effective vapor pres- 
sures based on chromium evaporating from the sur- 
face. Curve A is for the oxide free alloy while curve 
B shows the effect of 79.0 yg per sq cm oxide film. 
The effective vapor pressures of the alloy having the 
18.5 yg per sq cm oxide film showed results identical 
with curve B. For this alloy the presence of an oxide 
film, even when rather thick, has only a minor effect 
on the effective vapor pressure of the alloy. 

3) 4.8 Al-21,5 Cr-73.7 Fe Alloy, Only one oxide 
film was studied. The alloy was oxidized at 950°C 
and 0.1 atm O for 12 min to give an oxide film of 
26 ug per sq cm wt gain. Weight-loss measurements 
were made at 4 temperatures. Fig. 6 shows the cal- 
culated effective vapor pressures based on chromium 
evaporating from the alloy and the vapor pressure 
data for the oxide free alloy. Fig. 6 shows that even 
a thin oxide film greatly reduces the effective vapor 
pressure of the alloy. 


ACTIVITY CALCULATIONS 


A) 5.4 Al-94.6 Fe Alloy. The activities A qj (attoy) 
and Age (alloy)can be calculated knowing the composi- 
tions of the vapors, N 4; and Nge, in mole fractions, 
the vapor pressure of the alloy, P(alloy), and the 
vapor pressures of the pure metals, Pa; (jj) and 
P Fe (solid) by uSing the equations 


[2] 
P alloy) Nay (vapors) 
Pat (liq) 


_ P(alloy) 
Are (alloy) =~ Fe (vapors) 


and Ay) (alloy) = 


[3] 


Pre (solid) 


At 1027°C the vapor pressure of the alloy was 
1.82 x 107° atm. The vapor pressure of aluminum 
over liquid aluminum is taken as 4.8 x 10-7 atm,’ 
while the vapor pressure of iron at 1027°C is taken 
as 5.37 x 10-!° atm from the data of Table II. Values 
of 7.0 x 107° for Aq) (attoy) and 0.28 for A Fe (alloy) 
are obtained from Eqs.2and3. These values com- 
pare to mole fractions of 0.11 for aluminum and 
0.89 for iron in the alloy. 

The low activity of aluminum in the Al-Fe may 
result from a strong bonding of the 3d electrons 
from iron with the 3s and 3p electrons of aluminum. 
This result is in agreement with the trend in values 
given by Chipman and Floridas “for aluminum in 
liquid Al-Fe alloys. Aluminum also lowers the 
activity of iron in Fe-Al alloys. 

The 5.4 Al-Fe alloy is in the solid solution region 
of the phase diagram. Aluminum increases the lat- 
tice parameter from 2.866A for pure iron to 2.881A 
for the 5.4 pct alloy.2-% 

B) 4.8 Al-21.5 Cr-73.7 Fe Alloy. The activities 
A Al (alloy) » AFe (alloy) » ANd Ac, (atioy) can be calculated 
using the equations and method of the previous sec- 
tion. At 1027°C the vapor pressure of the alloy was 
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5.37 x 10-!° atm while the values for pure iron and 
pure chromium were taken as 5.37 x 107?° atm and 
3.24 x 10-° atm respectively. 

From the chemical analyses of the vapors and the 
above data we calculate a value of 2.36 x 10-* for 


A i (alloy) » @ value of 0.094 for A,, (alloy) » anda 
value of 0.221 for Are (alloy). The corresponding 
mole fractions were 0.0931 for aluminum, 0.216 for 
chromium, and 0.690 for iron. 

The low activity of aluminum in this alloy is sim- 
ilar to that observed for the 5.4 Al-94.6 Fe alloy. 

A strong bonding probably exists between the 3d 
electrons of iron and chromium with the 3s and 3p 
electrons of aluminum. Aluminum has a low activity 
in the alloy so its normally high vapor pressure in 
the liquid state was not found. The major effect of 
the aluminum is the lowering of the activity of 
chromium and iron. 

C) 21.9 Cr-78.1 Fe Alloy. McCabe, Hudson, and 
Paxton® have found that the solid solution of chro- 
mium in iron is nearly ideal. Vintaiken™ has found, 
in contrast, that solid solutions of chromium and 
iron show strong positive deviations from ideal be- 
havior. Our measurements can be used to test the 
nature of the solid solutions of iron and chromium. 
Assuming ideal behavior, we calculate the vapor 
pressure of the alloy at 1025°C from the chemical 
analyses of the alloy and the vapor pressures of 
iron and chromium to be 1.14 x 10-® atm. The ex- 
perimental value was 1.10 x 107° atm. This alloy 
is nearly ideal. Kubaschewski and Heymer?? have 
confirmed this “near ideal” behavior in a very 
recent paper. 


DISCUSSION 


The addition of 5.4 wt pct of Al to iron lowers the 
vapor pressure of iron far below that expected from 
ideal behavior. Thus, the activity of iron in the al- 
loy was 0.28 while the mole fraction was 0.89. Alu- 
minum was found to have the same effect on the ac- 
tivities of both iron and chromium in the ternary 
alloy 4.8 Al-21.5 Cr-73.7 Fe alloy. 

This effect of aluminum on the vapor pressures of 
aluminum and iron supports the earlier conclusions 
of Gulbransen and Andrew’? on the role of metal 
volatility in the oxidation of pure chromium and a 
high heat-resistant alloy based on aluminum, chro- 
mium, and iron. We feel now that these conclusions 
can be extended in the following way: consider high 
heat-resistant alloys which form an adherent oxide 
film which is neither soluble in the metal nor vola- 
tile. Above some specific temperature the vapor 
pressure of one of the elements is so high that it 
short circuits normal diffusion processes. If this 
temperature can be raised by alloying certain metals 
such as aluminum then the useful temperature range 
may be extended. Aluminum appears to function in 
this manner in the 4.8 Al-21.5 Cr-73.7 Fe alloy. 

Aluminum has other effects in the ternary alloy 
4.8 Al-21.5 Cr-73.7 Fe. On oxidation of this alloy 
a-Al,O, was formed in the oxide scale. The amount 
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of a-Al,O, increases with the temperature of oxida- 
tion.2* The oxide film formed at 950°C on both the 
5.4 Al-94.6 Fe alloy and the 4.8 Al-21.5 Cr-73.7 Fe 
alloy lowered the rate of evaporation of chromium 
and iron by a factor of ten at 1050°C. These results 
are supported by some vacuum weight-loss tests on 
bright and oxidized samples of Kanthal.** Oxidized 
samples evaporated at a much slower rate than 
bright samples. 

We conclude that the formation of a-Al,O, in the 
oxide film on both Fe-Al and Fe-Cr-Al alloys has 
a major influence on metal transfer through the 
oxide film. 

Aluminum may also act to improve the adherence 
of the oxide scale. This effect has been discussed in 
an earlier paper.! 


SUMMARY 


The vapor pressures of pure iron and chromium 
and the alloys 5.4 Al-94.6 Fe, 21.9 Cr-78.1 Fe, and 
4.8 Al-21.5 Cr-73.7 Fe were determined by the 
Langmuir free evaporation method. A sensitive 
microbalance was used operating in a high vacuum 
system. Specimens of 4 sq cm area were used for 
the alloys. These conditions made possible the study 
of alloys under temperature conditions where com- 
position changes were small. 

Vapor pressure studies on pure iron and pure 
chromium gave values lower than those previously 
observed. A mean value of 100.5 + 0.4 kcal per mole 
was found for the heat of evaporation for pure iron 
and a value of 95.4 + 0.2 kcal per mole for the heat 
of evaporation of pure chromium. 

Vapor pressure studies on a 5.4 wt pct Al-Fe alloy 
showed the vapor pressure of iron was lowered to 
35 pct of that for pure iron. The activity of aluminum 
relative to liquid aluminum was 7 x 1075. 

Vapor pressure studies on the 21.9 Cr-78.1 Fe 
alloy showed nearly ideal behavior while studies on 
the 4.8 Al-21.5 Cr-73.7 Fe alloy showed strong de- 
viations from ideal behavior. The aluminum lowered 


1252—-VOLUME 221, DECEMBER 1961 


the vapor pressure of both iron and chromium. 

The effect of oxide films on the evaporation process 
was studied on three alloys. Oxide films on the 21.9 
Cr-78.1 Fe alloy had only a small effect on the rate 
of evaporation of metal atoms from the alloy. Oxide 
films formed on the 5.4 Al-94.6 Fe alloy and the 
4.8 Al-21.5 Cr-73.7 Fe alloy greatly reduced metal 
transfer to the evaporating surface. 

It was concluded that aluminum has a beneficial 
effect in certain high-temperature heat-resistant 
alloys. This effect is associated with the lowering 
of the effective vapor pressures of chromium and 
iron. This has the effect of raising the tempera- 
ture at which the vapor pressure of chromium short 
circuits normal diffusion processes. 
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The Phase Structure of Inconel 718 and 702 Alloys 


M. Kaufman and A. E. Palty 


The phase structure and aging characteristics of 
two nickel-base alloys, Inconel 718* and 702,* were 


*International Nickel Co., Huntington Division, Huntington, W. Va. 


investigated. Wrought and cast Inconel 718 showed 
Ni3Cb as the major hardening phase, as well as 


Fe2Ti, and (Ti, Cb) (C, The NisCb struc- 


ture was positively identified. Inconel 702 had Ni3Al 
as the major hardening phase, as well as Cr7C3- 
Cr23 Ce and Ti(C, N). For both alloys, the variation 
of the phase amounts with temperature was deter- 
mined. 


Tue value of phase structure and aging rate in- 
formation in the utilization of alloys has been well 
established. As part of a continuing program, the 
results obtained on two nickel-base alloys, Inconel 
718 and Inconel 702, are presented here. 

Inconel 718 is a relatively new alloy considered 
for application in both sheet and cast form. Its 
novelty lies in the use of high columbium + tantalum 
levels in a Ni-Cr-Fe base. No previous work on this 
type of alloy has been reported in the literature. 

Inconel 702 is being used now as an oxidation-re- 
sistant sheet alldy. Occasional fabrication problems 
spurred work on its basic structural behavior. The 
composition of 702 is essentially nichrome plus 
aluminum and titanium for strengthening and added 
oxidation resistance. This puts it in the basic class 
of other nickel-base alloys which have already been 
studied. 

The two alloys will be treated separately. 


INCONEL 718 


Phase Study Methods. The phases present after 
the various conditions investigated were determined 
by X-ray diffraction analysis of two different elec- 
trolytically extracted residues and microscopic 
examination. The extraction methods, using 10 pct 
HCl in alcohol and 10 pct H, PO, in water and the 
X-ray technique have been described previously.’ 

The effect of temperature on the phase behavior 
was studied on sheet material using the following 
heat treatments: 

2250°F, 2 hr, ice brine quench + 1300°F, 100 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 1400°F, 100 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 1500°F, 100 hr, 
water quench 


M. KAUFMAN and A. E. PALTY, member AIME, are with 
the Thomson Engineering Laboratory of the General Electric 
Co., West Lynn, Mass. 

Manuscript submitted March 20, 1961. IMD 
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2250°F, 2 hr, ice brine quench +1700°F, 48 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 1850°F, 24 hr, 
water quench 

2250°F, 2 hr, ice brine quench + 2000°F, 6 hr, 
water quench 

The high solution temperature was an attempt to 
dissolve as many phases as possible without causing 
melting. Aging exposures were made longer than 
normal heat treating times in order to approach 
equilibrium conditions more closely. Cast material 
was examined only in the as-cast condition and with 
the normal heat treatment (1700°F, 1 hr, air cool + 
1325°F, 16 hr, air cool). 

Materials. The full phase study was performed on 
sheet specimens approximately 1/2 in. by 2 in. by 
1/16 in. The cast pieces were cut from the gating 
system of a vacuum-cast test piece. An all weld- 
metal specimen was made by running many weld 
beads on the sheet using filler made from the sheared 
edges of the sheet. All external contamination was 
removed by belt-sanding followed by an electro- 
polishing treatment. 

The typical composition of wrought Inco 718 is as 
follows: 


Ti Al G@b+Ta Cr Mo 
0.05 10 0.7 53 19.0 3.0 
B N M Si Fe 
0.006 0.03 53 0.2 0.3 Bal 


The alloy is air-melted. Cast Inco 718 may have 
higher molybdenum. 

Due to the expectation of finding a Ni-Cb phase 
(Ni, Cb) for which no X-ray diffraction pattern was 
available in the ASTM Index, a special 5 lb heat to 
the stoichiometric composition of this intermetallic 


% 2 4 
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Fig. 1—NigCb ingot section. 
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Table |. X-Ray Diffraction Pattem for Ni, Cb 


hkl calc A from B Cu,Ti obs film A film- est obs goniometer At goniometer 

100 5.106 - 

001 4.556 5 

010 4.251 | 

101 3.399 5 3.403 2 ( 

110 3.267 5 3.262 10 

011 3.108 5 

111 2.655 5 : 

200 2.553 2. 568 4 

002 2.278 10 2.267 VVVW 2.265 18 

201 2.227 2:222 VVW 2.229 35 

210 2.189 

020 2.126 40 2.116 M 2.124 100 . 

102 2.079 2.073 az ] 

012 2.008 60 1.9963 W 2.001 75 } 

211 1.973 100 1.9683 W 1.973 75 ( 

120 1.962 1.950 5 

021 1.926 I 

112 1.869 I 

121 1.803 1.804 2 I 

300 1.702 1 

202 1.700 

220 1.634 f 

212 1.578 5 ] 

022 1.554 5 1.549 5 ] 
221 1.538 20 1.5371 VVVW 1;537 

003 1.519 

122 1.487 5 I 

030 1.417 ( 

203 1.305 20 1.2995 Vw 1.303 i7 

400 1.277 10 1.2776 VVW 1,282 8 

213 1.248 5 1.2316 VVVW 

032 1.203 10 1.1999 1.198 

231 1.195 20 

004 1.139 5 1.1313 VVVW 1,132 4 q 

223 1.112 20 1.1094 VW BG 14 

420 1.094 10 1.0949 vw 1.095 11 

412 1.078 30 1.0766 VVWw 1.079 5 

040 1.063 1.0605 VVVW 1.061 5 


* “d" values calculated on the basis of structure and parameters as listed in Reference 2. The indexing is based on the orthorhombic struc- 
ture to agree with the 6 Cu,Ti pattern in the ASTM card file. 8 Cu,Ti is isomorphous with Ni,Cb, and its listed intensities were used as a guide. 


Parameters for Ni,Cb from Reference 2 are: a, = 5.106 A 
b, = 4.251A 
cy 4.556 A 


** Film values for ‘‘d” are uncorrected and, consequently, should appear somewhat smaller than actual values at large d’s and approach true 
values at low d’s. 


t Goniometer settings (Norelco unit using filtered Co radiation at 39 kvp, 10 ma, gas filled proportional counter and pulse height analyzer). 
Scanning Speed 1 deg per min 
Divergent Beam Slit — 1 deg 
Receiving Beam Slit — % deg 


Scatter Beam Slit 1 deg 
Scale Factor - 8 
Multiplier - 1 
Time Constant - 4sec 
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Table II. Phases in Inconel 718 


Sheet* Casting 
1300°F 1400°F 1500°F 1700°F 1850°F 2000°F All-Weld 1700°F, lhr, AC 

Phase 100 hr 100 hr 100 hr 48 hr 24 hr 6 hr Metal Spec As-Cast +1325°F, 16 hr, AC 
Ni,Cb VW WM M M Vw ? Vw Vw W 
Fe{Ti,Cb) WwW W W WM WM WM WM W WwW 
(Ti, CbX(C,N) Ww WwW W WwW WwW WM Ww 
Cr,C, vw W oO oO 
Hardness, R - 39.4 35.6 22.9 8.6 1.9 -1.4 20 30 37 


S = Strong, M = Medium, W = Weak, V = Very. Hardness converted from R3on. 
* all sheet specimens solution treated 2250°F, 2 hr, ice brine quenched, and water quenched after indicated aging treatment. 


compound was obtained from the Metallurgical The phases present in the various conditions in- 
Products Department, General Electric Co. The vestigated and the corresponding specimen hardness 
Ni, Cb vacuum-cast ingot was used for an X-ray are included in Table Il. The four phases found were 
comparison in the as-cast condition. Ni,Cb, Fe, (Ti, Cb), (Ti, Cb)(C, N), and Cr,C,. The 

Phase Studies. The Ni,Cb standard results are possible presence of nitrogen due to air melting 
presented in Table I. Parameter values from makes it difficult to pinpoint the (Ti, Cb)(C, N) com- 
Hansen” were used to calculate a pattern, and ap- position by measurements of lattice parameters. 
proximate intensities were obtained by comparison Micrographs for each of the conditions are shown 
with the ASTM card for 6 Cu,Ti, which is isomorphous in Figs. 2-10. From inspection of the phase results, 
with Ni,Cb. The spacings and intensities from the micros, and hardness measurements, the following 
film and the goniometer trace show a satisfactory conclusions can be drawn: 


match with the calculated values. No extraneous 
lines were found. A photomicrograph, Fig. 1, shows 
the presence of small particles, probably of colum- 
bium carbo-nitrides. The larger interdendritic 
phase may be excess nickel. The diffraction lines 1700°F: solutioned below 1850°F 

of nickel would coincide with some of the Ni,Cb ; ; 

lines and, therefore, would be hidden. Fe,(Ti,Cb): | Massive grain boundary phase present 


Ni,Cb: Major strengthening phase. Precipi- 
tates in extremely fine form at 1300° 
F; coarser at 1400°F; agglomerates 


Fig. 2—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1300°F, 100 Fig. 3—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1400°F, 100 
hr, WQ. hr, WQ. 
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Table Ill. Aging Rate Results for Inconel 718 


Hardness, R ty 
Cumulative Time Aging Temperature 
at Temperature 1300°F 1400°F 1550°F 
As-solutioned** 3.2 3.2 3.2 
3 min 4.4 0.1 4.4 
6 min a1 6.4 8.2 
25 min 13:2 27.7 26.5 
1 3/4 hr 21.8 36.5 24.7 
41/2hr 2.8 38.8 22.9 
20 hr 39.4 38.8 20.4 
69 hr 19.4 
92 hr 40.3 38.6 
259 hr 40.8 37.6 
475 hr 21.9 
511 hr 42.1 
592 hr 36.0 
809 hr 21.0 
1006 hr 39.5 


* Hardness converted from R 3on- 
** All specimens solution treated 1900°F for 2 hr, water quenched. 


in all conditions. Tends to agglomer- 
ate and spheroidize at 1850° and 


2000°F. 
(Ti,Cb)(C,N): Angular, dispersed particles. Rela- 
tively unaffected by temperatures up Fig. 4—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1500°F, 100 
to 2250°F. hr, WQ. 
Cr, C,: Probably grain-boundary carbide, present in weld metal or cast speci- 
eee associated with Fe,(Ti,Cb). Dissolves mens. High temperature solution 


between 1500° and 1700°F. Was not (2250°F) may aid in its formation. 


™ 
4 


Fig. 5—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1700°F, 48 hr, Fig. 6—Inco 718 sheet, 2250°F, 2 hr, IBQ + 1850°F, 24 hr, 
Wa. WwaQ. 
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Fig. 7—Inco 718 sheet, 2250°F, 2 hr, IBQ + 2000°F, 6 hr, 
WQ. 


A pictorial summary of the phase behavior is 
shown in Fig. 11. 


Aging Rate Study. Specimens used for the aging 


Fig. 9—Inco 718, cast + 1700°F, 1 hr, AC + 1325°F, 16 hr, 
AC, 
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Fig. 8—Inco 718, as-cast. 


rate study were essentially the same as those used 
for the sheet phase study. A solution treatment of 
1900°F, 2 hr, water quenched was chosen. Hardness 
was brought down to ~ R,3, which is near the mini- 
mum attainable; see phase study hardnesses, Table 
II. Aging was done at 1300°, 1400°, and 1550°F in 
air. Specimens were placed in the furnace for the 
required intervals, removed and water quenched, 
measured, and replaced for the next interval. 
Hardness results (R,. converted from R,,,) are 
listed in Table III. Considering the heating rates, 
the actual times at aging temperatures are not the 
total times in Table III. Correcting for heating 
rates according to the data in Reference 3, the actual 
time at aging temperatures (over 1300°F) can be 


re 
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Fig. 10—Inco 718, all weld-metal specimen. oe oe 
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Fig. 11—Behavior of phases in Inconel 718. 


calculated. The aging results are plotted on this 
basis in Fig. 12. Initial aging is considerably 
slower than found in nickel-base [Ni,(Al,Ti)] hard- 
ened alloys,®** considering the low starting hard- 
ness. Overaging occurs rapidly at 1550°F (after 

1/2 hr) and the maximum hardness is under 27 R,. 
At 1400°F, overaging can be noted after about 14 hr, 
with a maximum hardness of 39 R,. Even at 1300°F, 
overaging takes place after 500 to 600 hr. A maxi- 
mum hardness of R,, 42 was obtained at 1300°F. 
Aging after the 1700°F temperature usually used for 
solution treatment would probably give somewhat 
different results, but this alloy would seem to be 
limited to long-time applications at a maximum of 
1300°F. 

Discussion of Inconel 718 Results. The major 
hardening phase is Ni,Cb. The structure of this 
intermetallic compound is not such as to be coherent 
with the matrix. Hardening occurs somewhat more 
slowly than in Ni, (Al, Ti) precipitating alloys, but 


Table IV. Inconel 702 Composition Variation 


Source of Cc Al Ti Cr 
Heat Number Analysis Pct Pct Pet Pet 
nominal 0.08 a2 0.6 15.5 
1702 Vendor 0.04 3.61 0.52 15.59 
G.E.- AAT 0.054 3.44 0.49 15.98 
1797 Vendor 0.07 3.29 0.74 15.65 
G.E. - AAT 0.078 3.42 0.56 16.12 
1869 Vendor 0.06 3.40 0.60 15.48 
G.E. - AAT 0.075 3.18 0.53 15.98 
8359 Vendor 0.05 3.35 0.62 16.19 
G.E. - AAT 0.058 3.14 0.48 16.20 
8373 Vendor 0.03 3.63 0.60 15.66 
G.E.- AAT 0.044 332 0.39 14.80 
8376 Vendor 0.03 3.57 0.59 15.00 
G.E. - AAT 0.05 3.04 0.51 16.02 
*8428 Vendor 0.05 3.07 0.86 16.03 
G.E. - AAT 0.05 3.28 0.70 14.50 


* Heat used in phase study. 
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Fig. 12—Aging at 1300°, 1400° and 1550°F for Inco 718. 


because of the lack of coherency, overaging occurs 
more quickly. Solution strengthening, however, is 
fairly effective. 

Development of fair amounts of Fe,Ti at the grain 
boundaries with long exposures will lead to decreased 
ductility. High temperature solution treatments ap- 
pear to promote this, and consequently should be 
avoided. Possible Cr,C, grain boundary carbide 
formation under the same conditions is also un- 
desirable. 


INCONEL 702 


Phase Study Methods. The same techniques were 
used as with Inco 718. The heat treatments were 
as follows: 


2200°F, 2 hr, ice brine quench + no age 

2200°F, 2 hr, ice brine quench + 1300°F, 100 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1400°F, 100 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1550°F, 48 hr, 
water quench 

2200°F, 2 hr, ice brine quench + 1800°F, 24 hr, 
water quench 

2200°F, 2 hr, ice brine quench +1975°F, 8 hr, 
water quench 

2200°F, 2 hr, ice brine quench +2100°F, 4 hr, 
water quench 


Table V. Phases in Inconel 702 Sheet 


Aging Treatment * 
1300°F 1400°F 1550°F 1800°F 1975°F 2100°F 


No Age 100hr 100hr 48hr 24hr 8 hr 4hr ; 
Ni,Al vw** MS MS 
Cr,C, ? ? ? 
Ti(C,N) ? W vw Vw Vw M WM 
Hardness, 
R, “6 28.0 27.8 77 416 4.3 


S = Strong, M = Medium, W = Weak, V = Very. 
Hardness converted from R3on- 
*All specimens solution treated 2200°F, 2 hr, I.B.Q., and water 
quenched after indicated aging treatment. 
**Fine particles. 4 
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Fig. 13—Inco 702 sheet, 2200°F, 2 hr, IBQ. Fig. 14—Inco 702 sheet, 2200°F, 2 hr, IBQ + 1300°F, 100 
hr, WQ. 
Materials. The nominal composition of Inco 702 
is as follows: | Because differences in the behavior of different 
Cc wel Al cr Fe Ni heats of Inco 702 sheet were observed, a survey of 
0.08 0.6 3.2 15.5 1.0 max Balance the normally encountered variation in chemical 


Table VI. Aging Data for Inconel 702 


a — Heat Nos - No Intermediate Age Heat Nos. - 1550°F, 4 hr, AC - Intermediate Age 

Hr °F 1702 1797 1869 8359 8373 8376 842 1702 1997 1869 8359 8373 8376 8428 
0 - 16.6 7.8 6.2 -4.8 4.8 13.2 8.2 20.9 42.5 23.0 15.0 15.2 20.5 18.9 
1 1300 19.5 23.0 19.5 122 13.2 17.0 18.9 27.0 29.4 23.5 19.5 20.5 22.5 26.5 
4 20.9 23.5 26.4 bY 17:2 21.4 22.1 2h 32.0 29.4 20.1 yb 24.9 30.4 
16 24.8 27.8 24.1 20.7 20.9 22.9 26.4 30.0 29.4 28.0 23.0 Ws 24.9 24.1 
100 28.5 30.3 30.3 23.5 24.1 yo | 27.9 27.4. 30.8 30.0 22.7 24.5 28.9 30.3 
1 1400 21.0 24.8 23.7 13.6 17.2 20.1 22:5 24.5 27 27.0 19.5 22.5 = 27.0 
; 4 24.5 26.8 ZF 19.1 19.0 21.1 23.7 28.4 28.4 24.1 21.9 21.1 23.8 24.5 
f 16 24.8 28.5 28.0 20.1 21.9 23.5 25.8 26.0 27.0 27.0 19.5 23.8 24.0 26.1 
i 100 26.4 27.0 28.0 21.9 21.9 22.9 26.4 25.0 25.4 27.0 21.4 225 22.1 25.5 
% 1500 20.9 24.8 25k 14.2 15.6 19.1 Zouk 2h1 23.5 19.9 14.2 16.5 21.5 18.9 
: 1 20.5 25.8 26.1 11.6 18.1 17.6 24.4 22.9 25.0 24.8 14.2 18.0 19.9 22.9 
d 4 23.9 25.5 24.8 14.6 - ~ 20.5 24.5 22.9 24.1 14.6 - - 22.1 
16 20.1 19.1 23.9 12.0 13.0 18.9 19.1 24.5 21:5 22.1 15.2 17.1 16.0 20.1 
; % 1600 17.0 21.9 18.0 6.2 1&2 16.0 14.2 18.1 18.5 18.0 a2 13.0 14.2 16.9 
4 1 19.5 20. 1 17.6 8.1 9.1 12.6 16.5 18.1 16.9 12.0 23 7.2 12.0 16.0 

¢ 4 18.1 18.0 4.5 18.1 15.2 5.8 - 


t 16 17.0 15.6 12.6 33 6.8 9.3 12.6 14.6 16.0 11.6 BA 10.7 11.1 16.6 


Thickness, in. 0.028 0.020 0.028 0.018 0.018 0.026 0.048 0.028 0.020 0.028 0.018 0.018 0.026 0.048 


All specimens initially solution treated 1975°F, 1/2 hr, air cooled. Specimens air cooled after aging treatment. 


All hardness in R,, converted from Rw 
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Fig. 102 2200° F, + 1400° F, 100 


hr, WQ. 
composition was undertaken. The compositions of 
seven heats typical of the normal variation are 

listed in Table IV. Both Vendor and General Electric 
analyses are reported. In some cases, there were 


Fig. 1 Inco 702 sheet, 2200°F, BQ + 1800°F, 24 
hr, WQ. 
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Fig. 16—Inco 702 sheet, 2200°F, 2 hr, IBQ + 1550°F, 48 


hr, WQ. 
considerable discrepancies in the analyses, e.g., 
Heat 8376 in Al content. This is, undoubtedly, due 

to sampling techniques used in normal mill practice. 
Heat-to-heat range of carbon was 0.03 to 0.076 pct, 


Fig. 18—Inco 702 sheet, 2200°F, 2 hr, IBQ + 1975°F, 8 


hr, WQ. 
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Fig. 19—Inco 702 sheet, 2200°F, 2 hr, IBQ + 2100°F, 4 
hr, WQ. 


that of aluminum 3.04 to 3.63 pct, and that of titan- 
ium 0.39 to 0.86 pct. These variations in hardening 
elements can cause significant differences in prop- 
erties. 

The seven heats listed in Table IV were used in 
the aging studies discussed further on, and Heat 
Y8428 was used in the phase studies. 

Phase Studies. Four phases were found in Inco 
702. These were Ni,Al, Cr,C,, Cr,,C,, and Ti(C,N) 
with the latter phase nitrogen-rich. Table V shows 
the action of the phases and the hardness after heat 
treatment. Figs. 13 to 19 are the corresponding 
photomicrographs. The following observations of 
phase behavior can be made: 


Major strengthening phase. 
Precipitates as fine particles at 
1300°F, coarser at 1400° to 
1800°F. Solution temperature 
between 1800° and 1975°F, 
probably closer to 1800°F. 


Probably grain boundary car- 
bides. Precipitate at least as 
low as 1300°F. Solution tem- 
perature between 1800° and 
1975°F, probably closer to 
1800°F. 


Relatively nitrogen-rich car- 
bide; angular particles distri- 
buted throughout structure. 
Probably would dissolve slightly 
over 2200°F. 


Ni, Al: 


Cr,C, and C,: 


Ti(C,N): 
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Fig. 20—Behavior of phases in Inconel 702. 


As with Inco 718, a pictorial summary is shown in 
Fig. 20. 

The behavior of the Ni,Al phase is as expected, 
considering the similarity of this alloy to some of 
the basic compositions investigated by Taylor and 
Floyd in the Ni-Cr-Al system’ and Nordheim and 
Grant in the Ni-Cr-Ti-Al system.® The solution 
temperature (near 1800°F) agrees with that predic- 
table from Reference 5, and is lower than that found 
in the more complex nickel-base alloys such as U500* 
and René 41 types.* The absence of molybdenum 
leads to formation of Cr,C, and Cr,,C, rather than 
M,,C, or M, C. The latter have higher solution 
temperatures. Air melting has permitted nitrogen 
pick-up, and results in a nitrogen containing Ti(C,N), 
which generally has lower solution temperatures 
than TiC. All the preceding phase differences 
would tend to produce lower strengths at elevated 
temperatures, but better oxidation resistance. 

Aging Rate Study. The specimens used were 1/2 
in. by 2 in. rectangular pieces cut from the thickness 
of sheet available. Thicknesses ranged from 0.018 
to 0.048 in. and are listed in Table VI along with the 
aging results. In order to obtain aging results that 
would aid directly in evaluating the shop problems, 
the solution treatment used was the same as nor- 
mally applied (1975°F, 1/2 hr, air cooled), and the 
specimens were always air-cooled from the aging 
temperatures. This would permit some aging during 
the air cool, and thus hardnesses are higher than 
would be encountered with water quenching. One set 
of specimens was given an intermediate age of 
1550°F, 4 hr, air cool, before aging. The intermedi- 
ate age had been suggested as an aid toward improv- 
ing weldability by coarsening the carbides (Cr,C, 
and Cr,, C, ) so that they would not precipitate at 
grain boundaries during welding. The response to 
aging after this intermediate age was in question. 

Aging data at 1300°, 1400°, 1500°, and 1600°F for 
the seven heats with and without the intermediate 
age are provided in Table VI. Solutioned hardnesses 
varied from -4.8 to 16.6 R, (converted from R,,n). 
Hardnesses after the intermediate age varied from 
15.0 to 23.0 R,, and maximum hardnesses from 
23.5 to 30.8 R,. The wide range in hardness, espe- 
cially as-solutioned, could lead to considerable dif- 
ferences in forming and working behavior. Even 
after aging, a significant range of hardness persists. 
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Differences in measured carbon, aluminum and 
titanium contents do not satisfactorily explain the 
wide hardness ranges. The presence of varying un- 
determined amounts of nitrogen has been suggested 
as a possible reason. 

Overaging occurs near 100 hr at 1400°F, 16 hr at 
1500°F, and 1 hr at 1600°F. Maximum hardnesses 
decrease with increasing aging temperature in the 
normal manner, and are quite low at 1600°F. The 
hardness of Inco 702 is lower than many other 
nickel-base alloys containing the same total amounts 
of aluminum + titanium. As mentioned in the phase 
study section, the absence of molybdenum leads to 
lower dissolving carbides and less solution harden- 
ing. Low titanium contents in the Ni,(Al,Ti) type 
phase also results in less effective hardening. 
Other elements which would raise hardness, such 
as cobalt, columbium, tungsten, and so forth, are 
absent. On the other hand, the lack of hardening 
elements permits attaining the low hardnesses re- 
quired for easy forming. 

Discussion of Inconel 702 Results. Inconel 702 
is a nickel-base alloy hardened by precipitation of 
Ni,Al, as in many other alloys. Due to low titanium 
content, and the absence of molybdenum, tungsten, 
columbium, or other hardeners, low maximum 
hardnesses are the result (near R,30). Low solution 
treated hardness permits relatively easy forming. 
Large variations in hardness from heat to heat ex- 
ist and cannot be explained by variation in the 
measured C, Al, Ti, or Cr contents. It has been 
suggested that nitrogen, which is not usually meas- 
ured, is responsible for the differences noted. There 
is a possibility of embrittlement after exposure to 
1300° to 1400°F temperatures by carbide precipita- 
tion. Operation at 1600°F or over will cause ag- 


glomeration or solution of the carbides, and should 
eliminate any embrittlement problem. 
Conclusions. 
1) The phases found in Inconel 718, and their 
solution temperatures are: 


Ni,Cb 1700° to 1850°F (hardening phase) 

Fe,(Ti, Cb) > 2000°F (grain boundary 
phase) 

cr, C, 1500°to 1700°F (grain boundary 
phase) 

(Ti, Cb)(C,N) > 2250°F (distributed 
particles) 


2) Aging of Inconel 718 is somewhat slower than 
in Ni,(Al, Ti) hardened alloys. Overaging occurs at 


1400°F after 14 hr. 
3) The phases found in Inconel 702, and their 


solution temperatures are: 


Ni,Al 1800° to 1975°F (hardening phase) 
Cr7Cs 1800° to 1975° F (grain boundary 
phases) 
Ti(C,N) > 2200°F (distributed 
particles) 


4) Chemistry can vary considerably in Inconel 
702, as can hardening response. Overaging occurs 
after 100 hr at 1400°F. 
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Corrections to Volume 221, No. 5 


An Analysis of Powder Compaction Phenomena by R. W. Heckel 


Page 1002 


The last part of Eq. [3] should be + 7 a 


Page 1006 


Count 7 lines down from Eq. [15]. Fraction should be 1/V20, 
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Technical Notes 


The Growth of Cobalt Crystals 
for Deformation Studies 


K. G. Davis and E. Teghtsoonian 


Tue preparation of cobalt crystals offers prob- 
lems: on cooling through 400°C a phase transforma- 
tion takes place whereby the structure changes from 
face-centered cubic tothe low temperature close- 
packed hexagonal form. There are a few references 
in the literature which describe the preparation of 
cobalt crystals for magnetic work!»? where melt- 
solidification methods were used. Reasons will be 
given why such methods were found unsuitable for 
our purposes. 

The following techniques were tried: 


1) Solid state methods. Any mechanical shaping 
of tensile specimens would lead to uncertainty with 
regard to residual strains. With this in mind, fol- 
lowing Kaya,* strain-anneal and grain growth tech- 
niques were extensively investigated. In no case 
were useful single crystals obtained. The transfor- 
mation boundaries, which are crystallographically 
similar to twin boundaries, are probably extremely 
stable and inhibit the grain growth. 

2) Growth from the melt. Normal melt-solidifi- 
cation methods were tried, using recrystallised 
alumina crucibles, and also a “soft mold” tech- 
nique * in which cobalt rod was packed in alumina 
powder. Trouble was encountered with gas evolution 
on solidification of the melt, giving porosity. Some 
adhesion of cobalt to the alumina also took place. 
Only a small proportion of the runs gave single crys- 
tals. 

3) Zone-refining. Much the best results have 
been obtained using an electron-beam floating zone 
refiner. The refiner, based on a design by Calverly 
et al.® had a single-turn tungsten filament. It was 
operated at 600 v with an emission current around 
45 ma. Commercial cobalt rod 1/8 in. in diam was 
given one pass at a rate of zone travel normally 
25 cm per hr, under a vacuum approximately 10-5mm 
of Hg. Over 50 pct of the runs gave long sections of 
single crystal. Crystals up to 20 cm long with good 
uniformity of cross section and straightness have 
been grown in this way. Increase in the length of the 
molten zone resulted in higher single-crystal yields, 
but control of zone stability was reduced. Sub- 
boundaries in the zoned crystals were few, and Laue 
X-ray spots were sharp. The success of the method 
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¢ 25 cm. per hr. 
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2110 


le) 
Fig. 1—Axes of the zoned cobalt crystals. 


is believed to lie in two factors, namely i) the absence 
of crucible restraints during the transformation, and 
ii) extreme axiality of heat flow during cooling. 

The axes of the zoned crystals were clustered 
around the [1010] pole, the pole of the basal plane 
being at least 60 deg from the specimen axis. Crys- 
tals grown at lower rates of zone travel showed the 
same orientation range, Fig. 1. This orientation is 
similar to that for other hexagonal metals grown 
from the melt, which is a little surprising when the 
mode of formation of the hexagonal phase is con- 
sidered. The preferred orientation is probably 
caused by anisotropy of heat conduction, z.e., that 
crystal which can most effectively conduct heat away 
from the transformation interface will be favored. 
Fig. 2 shows the area on a standard cubic stereo- 
gram in which there are no poles more than 60 deg 
from one of the four <111> directions. This area 


Fig. 2—Standard cubic stereogram, showing «reas (shaded) 
containing no pole more than 60 deg from one of the <111> 


poles (A). 
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being small, a preferred orientation in the cubic 
phase is not necessary to give the observed hexag- 
onal orientations. 

Crystals 5 to 10 cm long grown in the manner de- 
scribed have been tested in tension. They show ex- 
tensions up to 350 pct resolved shear strain with 
low work hardening. Details of these tests will be 
published. 

This work received financial support from the 
Canadian Defence Research Board and in the form 
of an International Nickel Co. Fellowship. 
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Control of Oxygen in Copper 
During Refining 


William F. Harris and Joseph Easha, Jr. 


For many years basic control of refinery opera- 
tions depended on visual observation of small chill 
specimens poured at various intervals during proc- 
essing. The “set” of these samples was related to 
the physical and chemical properties of the metal. 
Since the “set” is dependent on many factors other 
than oxygen content, this method, while giving a 
general indication of the condition of the copper, 
does not accurately measure the oxygen content. 

For the last 3 years a modified vacuum fusion 
procedure which enables the operator to determine 
the oxygen content of the copper within 15 min of 
sampling has been in use at the Westinghouse Copper 
Mill. For use with this apparatus a sampling tech- 
nique has been developed which gives oxygen values 
representative of the oxygen content of the wire bar. 
The sampling technique is based on a statistical 
study, which compared the oxygen content of the 
laboratory sample of copper poured at the same time 
a wire bar was being poured, with the oxygen content 
of the wire bar. 

The apparatus used for the determination of oxygen 
in copper is shown in Fig. 1 and is essentially the 
same as previously described’ but with one impor- 
tant modification. A very porous fritted glass disc 
has been inserted in the tubing between the manom- 
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Fig. 1—Fusion apparatus 


eter and 40/50 ground glass joint. The fritted disc 
retains the copper vapor and copper particles in the 
furnace section and prevents contamination of the 
mercury in the manometer. Without the disc the 
manometer became difficult to read after a few 
weeks of operation. 

In earlier work! it had been established that the 
simplified vacuum fusion apparatus used at the Cop- 
per Mill gave essentially the same results as a con- 
vential vacuum fusion apparatus. However, for this 
study it was necessary to determine the difference, 
if any, between the oxygen content of the wire bar 
and the oxygen content of the small chill sample 
used for the oxygen analysis. This correlation was 
established by taking a chill sample at the same time 
wire bars were being poured. The wire bar being 
poured at the time the chill sample was taken was 
marked and removed for further analysis. 

The copper is sampled at various times during re- 
fining and cast into laboratory size samples with the 
mold shown in Fig. 2. The mold is made of cold 
rolled steel and is 2 in. high and 2 1/2 in. in diam. 
The large upper portion of the cast sample is used 
for measurement of the conductivity of the copper, 
The lower portion which is a rod about 1/4 in. diam 
by 3/4 in. long is used for determination of the oxy - 
gen content. This portion of the sample weighs 
about 5 g which is approximately the size sample 
used for the analysis. The only preparation neces - 


Fig. 2—Sample mold 
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we, The Effect of Grain Boundary 
Migration on Creep Ductility 


P. W. Davies and B. Wilshire 


GA, I T has been shown that grain-boundary migration 
during high-temperature creep can reduce or even 
TD) prevent the formatidn of intercrystalline voids, giv- 


ing a considerable increase in ductility.’ A similar 
observation has been made in a recent investigation 
GIS, of the creep properties of various grades of nickel 

\ and nickel alloys. The results can be illustrated by 
the observations made on: 

a) Pure vacuum-cast nickel (99.993 pct Ni) 

b) Impure vacuum-cast nickel (99.97 pct Ni) 

c) Pure nickel containing internal voids (produced 


Fig. 3—Sampling of wire bar 


Table | by a process of sintering).? 
d) A substitutional solid solution alloy of pure 
re Oe nickel containing 1.16 pct Sn. 
Wire Bar 1 Wire Bar 2 Wire Bar 3 All the materials were given a high-temperature 
° 
Chill Sample aan aie pane anneal (>850 C) to produce a stable grain size of 7 
to 10 grains per linear mm. The apparatus and tech- 
Center Section, top 0.026 0.047 0.044 niques used to obtain the present results have been 
center 0.038 0.051 0.045 described elsewhere.” 
bott 0.035 0.050 0.046 
— In this series, grain growth was observed only in 
End Section, top rep 0.057 0.025 the highest-purity, vacuum-cast metal. Thus we may 
center .034 0.042 0.041 
Pern 0.034 paps pop consider that in the other materials grain-boundary 


migration was prevented by either preexisting voids 
or solute atoms. 

The effect of migration on the creep ductility of the 
above materials can be seen from Fig. 1, which 


sary before analysis is a physical cleaning to re- 
move the oxidized surface of the sample. 

Fig. 3 shows the method by which the wire bar 
was sampled. Two cross sections were cut from 
each bar selected, one from the center and the other ISF- * 
from a position near one end of the bar. Each cross ’ 
section was sampled by cutting three plugs, one each 
from the top, center, and bottom of the cross sec- 
tion. The samples removed from each wire bar 
were then compared to the results obtained from the 
chill sample. 

Table I compares the values obtained from the 
chill samples to those obtained from the various sec- 
tions of the wire bars. Statistically there is no dif- 
ference in oxygen content between the samples taken 
at varying positions in the wire bar. 

It can be seen however that the oxygen content of 
the samples taken from the top of the wire bar varies 
more widely than that taken from the other positions. 
This is to be expected because of the variation in 
zone refining effects caused by the early freezing of | 1 I | | 
the surface of the wire bar. In general, the relation- 2 4 6 8 To) 
ship between the oxygen contents of the laboratory STRESS t.p.s.i. 
chill sample and the samples taken from the wire 
bar is very good. This study has shown statistically Fig. 1—The variation with stress of the total elongation at 
that within the precision of the method there is no fracture for specimens tested at 600°C. 
significant difference between the oxygen content of 3 
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Fig. 2—The elongation up to the onset of the tertiary stage 
of creep as a function of stress at 600°C. 


gives results for tests carried out at 600°C. It is 
evident that at all stresses high total elongations are 
obtained with the pure vacuum-cast nickel and low 
elongations with material containing solute atoms. 
However, the sintered metal appears to have a duc- 
tility transition range. 

To determine where most of the elongation occur - 
red, the extension taking place in the different re- 
gions of the creep curve were investigated. Fig. 2 
shows that there is no significant difference in the 
elongations obtained up to the onset of tertiary creep 
when the different metals are compared at a given 
stress over a range of stresses. Thus the deforma- 
tion in the tertiary stage, obtained from a comparison 
of Figs. 1 and 2, must be responsible for the large 
variation in the total elongations at fracture. 

Metallographic examination of the fractured spe- 
cimens showed that poor ductility was always ac- 
companied by a high incidence of intergranular 
cracking, whilst very little cracking occurred in 
the specimens exhibiting high elongations. The grain 
growth observed in the vacuum-cast high-purity nic- 
kel, gave rise in the extreme case (lowest stress) 
to a single crystal across the section of the speci- 
men and a characteristic wedge type fracture. 

At low stresses the sintered metal had as higha 
crack incidence as the alloy or impure metal, but at 
high stresses very little cracking took place. How- 
ever, the sintered specimens exhibiting this high 
ductility were completely recrystallized in the necked 
region. Thus the absence of ductile fractures at high 
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stresses in the impure nickel and the alloy may be 
due to the effect of solute atoms on the recrystalliza- 
tion properties of the base metal. In these materials 
recrystallization was only infrequently observed in 
localized regions on the fracture surface. 

From these results, it is clear that whenever re- 
covery processes in the region of the grain bound- 
aries cannot take place, low ductilities and a high 
crack incidence will result. When either complete 
recrystallization in the necking region or grain- 
boundary migration can occur, ductile fractures are 
obtained with little or no intercrystalline cracking. 

The authors would like to thank the International 
Nickel Co. (Mond) Ltd., for the supply of materials. 


1C. W. Chen and E. S. Machlin: Trans. Met. Soc. AIME, 1960, vol. 218, p. 177. 
2P. W. Davies and J. P. Dennison: J. /nst, Metals, 1959-60, vol. 88, p. 471. 


The Quasibinary System PbTe-Bi 
R. P. O'Shea, J. A. Donovan, and E. A. Peretti 


As part of a program to investigate phase relation- 
ships in ternary systems containing semiconducting 
elements and compounds, an X-ray survey of alloys 
in the system Pb-Te-Bi was carried out which re- 
vealed that the pair PbTe-Bi probably formed a 
quasibinary system. This portion of the ternary 
was examined fully by thermal analysis, X-ray, and 
microscopic procedures. 

More than twenty-five alloys were made by melt- 
ing together the proper combinations of the elements 
in quartz tubes at a temperature of 1000°C. The 
compositions which were high in PbTe content were 
prepared in evacuated, sealed, quartz tubes, allowed 
to freeze in vacuum, and then transferred to cru- 
cibles for thermal analysis. The bismuth-rich al- 
loys were made directly in the crucibles under a 
protective gas cover. The starting elements were 
obtained from the American Smelting and Refining 
Co. and had a purity greater than 99.99 pct. 

Cooling curves were made with about 50 g of al- 
loy in graphite crucibles which were placed ina 
covered quartz container in which a protective at- 
mosphere of helium or nitrogen was maintained. 
The thermocouple protection tube was made of mul- 
lite and served as a stirring rod when connected to 
a reciprocating stirring motor. Temperatures were 
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Fig. 1—The quasibinary system PbTe-Bi. 


measured with calibrated platinum-rhodium and 
chromel-alumel thermocouples at cooling rates of 
0.5° to 3°C per min and were recorded graphically 
on a Minneapolis - Honeywell extended range re- 
corder. 

Conventional polishing procedures gave satisfac- 
tory results in preparing specimens for microscopic 
examination. Etching was done with solutions of 
concentrated nitric acid and water (1:1) between 
polishing steps, and the final etchant was an aqueous 
solution of potassium iodide, iodine and hydrochloric 
acid. 

Debye-Scherrer patterns were taken of the alloys, 
under cobalt K-q@ radiation. 

The phase diagram is shown in Fig. 1. The mutual 
solid solubilities of bismuth and PbTe are very lim- 
ited, and a eutectic is formed at 1.5 wt pct Bi, 

98.5 pct PbTe which melts at 266°C. 

We wish to thank the National Science Foundation 

for a grant which made this work possible. 
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Kinetics of the Iron Oxide 
Reduction Steps 


A. J. Wilhelem and G. R. St. Pierre 


In connection with the reduction of hematite or 
magnetite to metallic iron, it appeared desirable to 
study the rate of reduction of each oxide to the next 
lower oxide under conditions which excluded all 
other condensed phases. For this purpose, pellets 
of Fe,0,, Fe,O,, and “FeO” were prepared. A gas 
train for the preparation of Ar-H2-H2O mixtures 
was employed to establish a continuous flow of a 
controlled atmosphere over a pellet suspended on a 
balance. In this manner the following individual re- 
duction steps could be studied: 


3Fe,0, +H, = 2 Fe,0O, + H,O [1] 
Fe,0O, + H, = 3“FeO” + H,O [2] 
“FeO” + H, = Fe+H,O [3] 


For example, pellets of hematite were reduced solely 
to magnetite by adjusting the gas atmosphere such 
that it was oxidizing to wustite. In other words, the 
reaction was complete when the hematite pellet had 
been totally converted to magnetite. The pellets were 
prepared from Baker Chemical ferric oxide. The 
ferric oxide powder was moistened and handrolled. 
Air sintering at 950°C produced Fe,0O, pellets with 
a density of 3.65 g per cm*. The pellets ranged in 
size from 0.6 to 1.2 cm diam. The magnetite and 
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Fig. 1—The temperature dependence of the rate of reduc- 
tion of porous wustite pellets. (McKewan’s? data for the 
reduction of dense hematite pellets to iron is shown for 
comparison.) 
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Fig. 2—The effect of product layer thickness on the reduc- 
tion of hematite to magnetite. 


wustite pellets were prepared by controlled reduc- 
tion of the Fe,O, pellets in H, -H,O atmospheres. 
The resulting Fe,O, and “FeO” pellets had the same 
diameter as the starting hematite pellets. The por- 
osities of the pellets were: Fe,O,, 30 pct; Fe,0,, 
31 pct; “FeO”, 42 pct. Pellets of the three oxides 
were reduced to the next lower condensed phase at 
several H,O/H, ratios and temperatures. 

In the case of the reduction of wustite to ivon it 
was found that the weight loss per unit time was 
directly proportional to the apparent interface area 
(the 2/3 power of the volume of the unreacted wustite 
core) and independent of the thickness of the iron 
product layer. The gas flow rate by the specimen 
was sufficiently rapid so that a variation of the flow 
rate produced no change in the rate of reaction. 
McKewan,’»? and Quets, Wadsworth, and Lewis * 
have presented similar results for total reduction of 
Fe,O, and Fe,O, to Fe. Over the temperature 
range from 623° to 1106°C the rate constant defined 


by McKewan,'* 


*The function, f{(R)= todo [1—(1—R)'/*], results from the definite 
integral of 47 from ro to r where A = 477r? and W = mass of unreacted ox- 
ide core. The derivative of f(R) with respect to time is + at If it is found 
that f(R) is directly proportional to the first power of time during the re- 
duction of a pellet, then the constancy of 4 ; iS established. However, 
care must be taken to use the proper definition of R. f(R) is unambiguous 
only when the pellet consists of two phases, the inner core of unreacted 
oxide and the outer shell of a single reduction product. For example, if 
the reduction is from hematite to iron, the layers of magnetite and wustite 
must be of a negligible thickness. For the reduction of wustite to iron, R 
is the observed weight loss divided by the total weight loss to be real- 
ized by the complete conversion of the pellet from wustite to iron. The 
units of {(R) are determined by the product r,d,. If d, is given as the 
density of the unreacted core in g per cm® and ro is given in cm, then the 
units of f(R) are grams of original oxide reduced per square centimeter. 
Je calculate the actual rate of weight loss it is necessary to multiply 
atk by ¢, where dis the mass of oxygen removed from the pellet per unit 


t 
mass of original oxide reduced. For example, 


Reduction 
FeO ~Fe 0.222 
Fe,0,~ FeO 0.0691 
Fe,0,~Fe,0, 0.0335 
Fe,0,~Fe 0.276 
It may be noted that dand R are related by the equation, 
R= = 
ox 


where Mo and M are the original pellet mass and total pellet mass at any 
time, respectively. 
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varied from 0.01 to 0.09 g per sq cm-min. Partially 
reduced pellets were split and examined. In all 
cases a sharp reaction interface delineated the unre- 
acted core from the reaction product. The rate of 
reduction of the oxide core per unit of apparent in- 
terface area, (5a , was found to vary linearly 

A dt 
with the gas variable, - pia ol; where, Py 
and PB; o are the partial pressures of hydrogen and 
water vapor in the gas passed over the specimen 
and K, is the equilibrium constant for reaction [3]. 
The “activation energy” for the reduction process 
was calculated in accordance with the following em- 
pirical relationship: 


1 dw 
1 ——~ 
K* = C-e 


- AH* /RT [5] 
A(Pa, ae 


No attempt has been made to introduce a temperature- 
dependent coefficient in Eq. [5] because of the un- 
certainty of the reaction mechanism. A plot of log 
K' (g of wustite reduced per sq cm-min-atm) vs 
(1/T) is shown in Fig. 1. Although there is consider- 
able scatter at the higher temperatures, it is quite 
clear that a single straight line does not describe 
the data. Between 620° and 720°C, an activation 
energy of about 15,000 cal per mole is indicated; 
however, the activation energy, as calculated in this 
manner, becomes quite small above 750°C. Above 
the a - ytransformation temperature, there is an 
increase in the slope of the curve similar to that ob- 
served by Quets, Wadsworth, and Lewis.* The acti- 
vation energy in the temperature range from 620° to 
720°C is of the same magnitude as that observed by 
McKewan? for much less porous pellets. Although 
the external diameter of the pellets was not observed 
to change during these reductions, the pore size did 
enlarge for reduction experiments above 720°C. It 
is believed that this type of sintering is responsible 
for the variation of the apparent activation energy. 
For the reduction of hematite to magnetite and 
magnetite to wustite it was found that the rate of re- 
duction was dependent upon the thickness of the prod- 
uct layer. The rate of reduction of oxide per unit of 
apparent interface area was not constant. Fig. 2 
shows a typical result (d, is the density of the hema- 
tite core). The two pellets were identical in compo- 
sition and porosity, and differed only in size. It can 
be seen that the rate of weight loss was quite dif- 
ferent at points of identical unreacted core diameter. 
The reactions Fe,0, to Fe,O, and Fe,O, to “FeO” 
are apparently fast enough that gas diffusion through 
pores of the product layer can be important in de- 
termining the rate of reduction in contast to the ob- 
served behavior of the FeO to Fe reaction in small 


pellets. 
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Note on the Pb-Se Phase Diagram 
D. Seidman, |. Cadoff, K. Komarek, and E. Miller 


In the course of a study of the electronic and 
thermodynamic properties of Pb-Se alloys it was 
found necessary to have an accurate knowledge of 
the phase diagram. However, the literature is in 
disagreement as to whether or not a monotectic 
reaction occurs in the lead rich portion of the phase 
diagram. 

Pelabon? reported only a two-phase region con- 
sisting of lead-rich liquid and solid PbSe extending 
from almost pure lead to the compound PbSe, and 
gave the melting point of PbSe as 1065°C. The data 
of Friedrich and Leroux? are in general agreement 
with this type of diagram, with the melting point of 
the compound being 1088°C. However, Nozato and 
Igaki* by inverse rate thermal analysis observed 
a monotectic reaction isotherm existing at 860°C 
with a monotectic composition of 20.5 at. pct Se. 
The miscibility gap in the liquid state extends from 
7.5 to 20.5 at. pct Se. Hansen and Anderko* accepted 
Nozato and Igaki’s phase diagram in the region of 
the lead-rich monotectic. 

To reinvestigate this portion of the phase diagram, 
both thermal analysis and metallographic examina- 
tion of various compositions were performed. The 
thermal analysis apparatus was constructed accord- 
ing to the specifications of the National Bureau of 


Table |. Alloys Investigated for Monotectic Arrest 


Average Average 
Cooling Liquidus 
Rate Temp 
At. Pct Pb °C/Min °€ 

90.00 0.7 825.9 
79.50 0.75 926.0 
75.00 0.85 952.4 
70.00 1.1 969.1 
65.00 1.0 982.1 
59.99 0.8 1006.2 


D. N. SEIDMAN, Student Member AIME, |. CADOFF, 
K. KOMAREK, Members AIME, and E. MILLER, Junior Mem- 
ber AIME, are Graduate Student, Associate Professor, 
Associate Professor, and Assistant Professor, respectively, 
Department of Metallurgy and Materials Sciences, College 
of Engineering, New York University, New York City, N.Y. 

Manuscript submitted June 21, 1961. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


© THIS INVESTIGATION 
too | & NOZATO AND IGAKI 
1000 + 
/ TWO MELTS 
900 F | 
/ 205 
/ 
/ 
/ LIQUID + PbSe 
700 + / 
/ 
600 + ; 
oe 
° 5 10 15 20 25 30 35 40 45 50 
Pb PbSe 


ATOMIC PERCENT SELENIUM 


Fig. 1—The Partial Pb-Se Phase Diagram. 


Standards.* A Pt/Pt-10 pct Rh thermocouple was 
calibrated against the melting point of copper (NBS), 
zinc (NBS), and antimony (A. D. Mackay), the emf 
being measured with a Rubicon Type B potentiome- 
ter sensitive to luv. The absolute accuracy of the 
thermal analysis obtainable with this system is 

+ 0.5°C. 

Starting materials were semiconductor grade 
lead and selenium purchased from the American 
Smelting and Refining Co. Both elements were 
99.999+ pct pure with only trace impurities detected 
upon spectroscopic examination. One hundred g alloys 
were sealed in quartz crucibles with a central 
thermocouple well under a vacuum of less than 1 yp. 
This procedure prevented any composition change 
due to vaporization during the run. Cooling curves 
were obtained on the alloys listed in Table I. Data 
was taken by the direct method at cooling rates 
ranging between 1/2 to 2°C per min. The alloys 
were heated well above the liquidus and shaken 
vigorously to insure homogeneity. 

No evidence of an arrest indicative of the mono- 
tectic reaction was observed, and the two-phase 
region reported by Pelabon? and Friedrich and 
Leroux,? was confirmed in general, although our 
data give higher liquidus temperatures than Fried- 
rich and Leroux. The melting point of stoichiomet- 
ric PbSe determined for two different samples was 
1080.7 + 0.5°C. The results of this investigation are 
compared with Nozato and Igaki’s data in Fig. 1. 

To complement the thermal analysis data, an 86 
at. pct Pb specimen was examined microscopically. 
This composition was in the center of the misci- 
bility gap reported by Nozato and Igaki.* The alloy 
was heated to 1000°C, held for 1/2 hr, and water 
quenched. The specimen was polished using standard 
metallographic techniques for lead. The alloy was 
etched with an acetic-nitric acid etchant® for 10 
min at 45°C. Microscopic examination did not indi- 
cate the existence of two separate layers or solidi- 
fied droplets imbedded in a matrix, as would be ex- 
pected if a miscibility gap were present. The mi- 
crostructure shown in Fig. 2 consists of uniformly 
dispersed, dendritic PbSe in a lead-rich matrix. 
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Fig. 2—14 at. pct Se; X30 under polarized light; lead selenide 
dendrites in a lead matrix; specimen air cooled from 
1000°C. Enlarged approximately 26 pct for reproduction. 


Both the thermal analysis and the metallographic 
study therefore indicate that a monotectic reaction 
isotherm does not exist in the lead-rich portion of 
the lead selenium system. The thermodynamic data 
obtained from the redetermined phase diagram will 
be published shortly. 

The work presented in this paper is based on re- 
search sponsored by Wright Air Development Divi- 
sion, Wright-Patterson Air Force Base, Ohio, on 
Contract No. AF33(616)-3883, J. W. Poynter, project 
engineer. Permission to publish the results is grate- 
fully acknowledged. 
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Increased Martensite Formation 
Temperature in Thin Films 


H. Warlimont 


In recent investigations of the microstructure 
and crystallographic features of martensite by 
electron microscopy,’»?,° thin films (about 50 to 
1000A in thickness) have been used as specimens. 
It was found by W. Pitsch? »? that the lattice rela- 
tionships between the supersaturated fcc matrix 
and the martensite formed in thin films were dif- 
ferent from those observed after transformation in 
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Table 1. Chemical Compositions and Approximate Bulk 
M,—Temperatures of Thin-Film Specimens 


Chemical Composition Bulk - M, 
No. C, Wt Pet Ni, Wt Pct Mn, Wt Pct *¢ 
1 1.15 | -90 
2 - 30.9 ~ -40 
3 - 31.7 - -54 


bulk material. Corresponding differences are to be 
expected in nucleation and in reaction kinetics in 
the formation of martensite in thin films, but have 
not yet been reported. 

In the course of the preparation of thin films of 
iron-base alloys for investigation by electron 
microscopy it was observed that films of alloys, 
whose martensite formation temperature (M,) was 
beiow room temperature, formed martensite during 
the electrochemical thinning process conducted at 
or above room temperature. The chemical compo- 
sitions and approximate bulk M,-temperatures of 
the three materials on which this observation was 
made are listed in Table I. The alloys were vacuum- 
melted from high-purity metals. It can be seen that 
the effect occurred in alloys that contain only sub- 
stitutional components as well as in alloys that con- 
tain carbon as an interstitial solute. 

The appearance of martensite formed in this 
manner is illustrated in Fig. 1, which represents a 
polished film of alloy No. 1 at X10 magnification. 
The martensite plates can be recognized by their 
surface relief effects. In addition, heavily strained 
(“wrinkled”) austenite can be seen near the edges of 
the film where it is thinnest and transformation 
stresses or strains can be accommodated by plastic 
deformation most easily. The nonuniform distribu- 
tion of transformed regions is probably due to the 
varying thickness of the film. These observations 
were common to all materials listed in Table I. 
Because effects of supercooling or straining can 


Fig. 1—Thin film of an Fe-1.15 pct C-5.1 pct Mn alloy. 
Unetched, X10. Enlarged approximately 26 pct for repro- 
duction. 
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be excluded as causes for this martensite formation, 
the most probable explanation is an increase of the 
M,~-temperature by the decrease of the film thick- 
ness. 

According to recent nucleation theory of marten- 
site,** it is to be expected that the strain-energy 
term in calculations of the critical embryo size is 
reduced when the embryo size and specimen thick- 
ness have the same order of magnitude. This would 
result in reducing the required activation free 
energy for nucleation and thus in raising the M, - 
temperature. 

The critical embryo size can be calculated with 
reasonable accuracy,*’® and direct observations of 
martensite embryos® seem to have corroborated 
these calculations. The calculations yield, in ef- 
fect, embryo sizes which have the same order of 
magnitude (e.g., upto 1080A in an Fe-30.7 pct Ni 
Alloy ®) as the film thickness of electron micro- 
scope specimens. 

It may be concluded that the film thickness and 
the M,-temperature are inversely related. Meas- 
urements to establish this relationship quantitative- 
ly are underway in this Laboratory and will be re- 
ported with a more extensive discussion after their 
completion. 


tw. Pitsch: J. Inst. Metals, 1958/1959, vol. 87, p. 444. 
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‘M. Cohen: Trans. Met. Soc. AIME, 1958, vol. 212, p. 171. 

5L, Kaufman and M. Cohen: Progr. in Metal Phys., 1958, vol. 7, p. 165. 
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Effects on Impurity Content of 
Cropping Directionally Frozen Ingots 


Leonard R. Weisberg 


Tue procedure of directional freezing by the 
Bridgman technique? is frequently used in crystal 
preparation. On those occasions where the crystal 
is regrown, it can be advantageous to crop part of 
the ingot before regrowth to achieve purification. 
This note describes some simple, yet interesting, 
observations concerning the effects of cropping an 
ingot between successive freezes. 

First, it is not effective to crop the front end of 
an ingot, whether or not the distribution coefficient, 
k, of the impurities is greater or less than unity. 
This can be shown as follows. The concentration 
C, of an impurity in a directionally frozen ingot 
of length d with a uniform cross section is given by? 


C, =kC, (1 [1] 
where ¥ is the distance along the ingot, and C, is the 
initial concentration per unit length. It is assumed 
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in deriving this equation that diffusion is negligible 
in the solid, is complete in the melt, and that k is 
constant. Consider that a section of the ingot Ad is 
removed from the front end. Then the average im- 
purity concentration in the remaining (d- Ad) sec- 
tion of the ingot can be shown by integration to be 
given by 


c = C, (1 - Ad/d)?™ [2] 


When the ingot is remelted and refrozen, the new 
impurity distribution is given by 


C, = ke[1 -%,/(d - [3] 


where x, is the distance along the refrozen ingot. 
Substituting the value of c into Eq. [3], one finds 


C, = RC, [1 (x, +Ad)/a]*> [4] 


This is identical to Eq. [1] when x = (%, + Ad), 
which represents the original impurity distribution 
in the (d — Ad) section of the ingot after the first 
directional freeze. Therefore, the cropping and re- 
freezing accomplished nothing. This can also be 
seen physically by realizing that the average im- 
purity content in the melt after the first Ad section 
is frozen, is identical to that after the resulting in- 
got has been cropped and remelted. Hence, it is 
assumed in the following sections that only the tail 
end of the ingot is cropped. However, it must be 
realized that for impurities with Rk greater than one, 
the pieces cropped from the tail end are purer, and 
are therefore saved. 

After cropping an amount Ad from the tail end of 
an ingot, the average impurity concentration of im- 
purities in the remaining portion of the ingot is 
given by 


C=C, (1 -f*)/(1 -f) [5] 


where f = Ad/d. For the case of k < 1, the purifica- 
tion is defined as C,/C. It is obvious from Eq. [5] 
that the purification increases as f increases, but 
the increase in purification is not large. For ex- 
ample, if f is doubled from 0.1 to 0.2, the purifica- 
tion increases by only 10 pct for k = 0.5, by only 

24 pct for k = 0.1, and by 32 pct for Rk = 0.01. Much 
smaller values of f than 0.1 are not desirable since 
insufficient purification is achieved. These figures 
indicate that much larger values of f do not lead 

to substantial improvement, especially considering 
that much of the original ingot is lost. Therefore, 
it is generally useful to crop about 1/10 of the ingot 
to achieve purification. 

As compared to doubling the value of f, it is much 
more helpful to remelt, refreeze, and crop the ingot 
twice. Using Eq. [5] reiteratively, and assuming 
f = 0.1, it is found that the purification after this 
process is found to be increased over the purifica- 
tion after a single freeze and cropping by 33 pct for 
k= 0.5, 450 pct for k = 0.1, and 4100 pct for k = 0.01. 
This indicates that considerable purification can be 
obtained by this procedure. However, if purification 
is the main goal, one should resort to zone refining,® 
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which is usually experimentally a much simpler 
procedure. 

In the above case, it was assumed that the quan- 
tity f (or Ad) remained constant even though the ingot 
length changed. The question arises for successive 
freezes if the quantity f should be varied between 
each freeze. To exaggerate the effect, computations 
have been carried out for five freezes and croppings, 
assuming that the total amount cropped is half the 
ingot. Of several computed possibilities, the poorest 
purification was found when the amount cropped is 
small at first and is gradually increased. For ex- 
ample, when f is successively 0.01, 0.04, 0.10, 0.15, 
and 0.20, the purification is 4.0. The greatest purifi- 
cation was found when a constant fraction of the re- 
maining ingot length is cropped, z.e., a purification 
of 4.8 when f is successively 0.13, 0.113, 0.098, 
0.086, and 0.073. However, the small difference in 
the purification between these two cases indicates 
again that the exact amount cropped is not a sensi- 
tive variable. 

When the predominant impurity has ak greater 
than unity, the purification is then G/ c,, where 
c, is the impurity concentration in the cropped 
material, and is given by 


[6] 


It can be seen that the greatest purification occurs 
for the smallest amount that can be cropped. In fact, 
any degree of purification can be achieved for 

k >1by removing a small enough piece, as com- 
pared tok <1, where the maximum purification in 
a single freeze is RC,. Usually, however, an ingot 
will contain impurities with ak both greater and 
less than unity. When the concentration of the for- 
mer cannot be neglected, at least two directional 
freezes and crops are necessary. After the first 
freeze, the cropped piece is saved, which should 
have a reduced concentration of impurities with 

k >1. This cropped piece is then remelted, refro- 
zen, and cropped, which should reduce impurities 
with k <1. However, unless one wishes to crop 
large fractions of the ingot, or repeat the process 
several times, it is found that this procedure does 
not result in substantial total purification. 

In conclusion, if an ingot is to be directionally re- 
frozen, purification can be achieved by cropping the 
tail end of the ingot after the first freeze. No puri- 
fication occurs if the front end of the ingot is 
cropped. Auseful quantity to crop is about 1/10 of the 
initial ingot length. Increasing the amount cropped 
does not substantially increase the purification; 
however, repeating the process of cropping, remelt- 
ing, and refreezing an additional time can result in 
a large increase in purification. While substantial 
purification can be achieved when the dominant im- 
purities all have either ak greater or less than 
unity, when they are present in roughly equal amounts, 
cropping will not appreciably improve the total purity. 

The author is indebted to Drs. B. Abeles, J. Blanc, 
and K. Weiser for helpful advice and encouragement. 
This research was supported by the Electronics 


1272-VOLUME 221, DECEMBER 1961 


Research Directorate, Air Research and Develop- 
ment Command, under Air Force Contract No. 
AF 33(616)-5029. 

'P, W. Bridgman: Proc. Am. Acad. Arts Sci., 1925, vol. 60, pp. 305, 385, 423. 


2w. G. Pfann: J. Metals, 1952, vol. 4, p. 747. 
3w. G. Pfann: Zone Refining, John Wiley and Sons, Inc., New York. 


Activity of SiO, in Slags 
John Chipman 


Tue lecture on “Thermodynamic Properties of 
Blast Furnace Slags”? prepared in 1959 and pub- 
lished two years later required revision in one par- 
ticular before it appeared in print. 

The activity of SiO, was determined through stud- 
ies of the equilibrium: 

SiO, (in slag) + 2C (graphite) = Si (in Fe) 


+2CO (1 atm) 


The ratio ag, /ago, for each experimental tempera- 

ture was found from the heat of formation of cris- 

tobalite, the entropies and heat capacities of the re- { 
actants, by virtue of the third law of thermodynam- } 
ics. 

Discrepancies between several kinds of data led 
to investigations regarding other equilibria involving 
SiO, on the suspicion that there might be an error 
in the third-law value of its free energy. In particu- 
lar the equilibrium: 


SiO, (c) +3C (graphite) = SiC (c) +2CO 


was restudied by Kay and Taylor? who confirmed the 
earlier results of Baird and Taylor *on which their 
SiO, activities depended. The free energy of SiC 
was also rechecked‘ independently. These and 
other® equilibrium measurements led to the conclu- 
sion® that the free energy of SiO, at high tempera- 
tures is in error and requires a correction of about 
-5 kcal. The exact source of the error is uncertain; 7 
it could lie either in the entropy of SiO, or in its q 
heat of formation, but it more probably lies in the q 
latter. i 
Adjustment of this free energy lowers the ratio ‘ 
as /asio, by a factor of approximately 4. Accordingly 
it will be necessary to multiply by this factor all of 
the SiO, activities determined by this method.’»® 
Referring to the lecture cited, this correction should j 
be applied in Figs. 8, 9, 10, 19, and 20. It applies : 
also to the experimental data of Fig. 13, bringing i 
these as well as those on the ternary system into 
good agreement with the work of Taylor and associ- 
ates. At the same time it eliminates the discrepancy 
shown in Fig. 11, lowering both lines until the upper 
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line comes into agreement with the data of Baird and 
Taylor. 

Reported activities of CaO will require multipli- 
cation by 0.5 along the line of saturation with Ca,SiO,, 
Figs. 13, 19, 20, but not at their opposite end. 

Experimental work is in progress which will lead 
to more dependable values for the free energy of 
SiO, at high temperatures and its activity in metal- 
lurgical slags. 


pt Chipman: Thermodynamic Properties of Blast Furnace Slags. Met. Soc. 
AIME Conference. Physical Chemistry of Process Metallurgy, G. R. St. Pierre, 
Ed, p. 27, Interscience Publishers, New York, 1961. 

2p. A. R. Kay and J. Tayler: Trans. Faraday. Soc., 1960, vol. 56, p. 1372. 

3J. D. Baird and J. Taylor: /bid, 1958, vol. 54, p. 526. 

“D. H. Kirkwood and J. Chipman: J. Phys. Chem., 1961, vol. 65, p. 1082 

5H. F. Ramstad and F. D. Richardson, with an appendix by P. J. Bowles: 
eee of Silicon Monoxide, Trans. Met. Soc. AIME, vol. 221, pp. 
1021-29. 

®J. Chipman: J. Am. Chem. Soc., 1961, vol. 83, p. 1762. 

7J. C. Fulton and J. Chipman: A/ME Trans., 1954, vol. 200, p. 1136. 

°F. C. Langenberg, H. Kaplan, and J. Chipman: The Physical Chemistry 
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X-Ray Diffraction Powder Data 
of U, Fe 


G. Katz and A. J. Jacobs 


Many of the studies of intermetallic compounds 
containing uranium were performed during the early 
1940’s under the aegis of the Manhattan Project. 
Subsequently, much of this work was declassified and 
published after 1949. In some instances this early 
work, completed with relatively impure materials, 
represents the only source of X-ray diffraction pow- 
der data available in the literature. In the case of 
the intermetallic compound U, Fe some discrepancies 
in the powder pattern exist in the literature. Since 
this compound has been prepared in this laboratory, 
it is believed that the publication of the indexed 
powder pattern would help clarify the conflict in the 
literature. 

In studies of the U-Fe system, Gordon and Kauf- 
mann? and Grogan and Clews? independently reported 
the intermetallic compound U, Fe in 1950. The crys- 
tal structure was described by Baenziger, Rundle, 
Snow, and Wilson® in 1950. It is isostructural with 
U,Mn, U,Ni, and U,Co and crystallizes in a body- 
centered tetragonal lattice. The lattice constants 
determined by Baenziger eft al. are: 


a = 10.31 + 0.04A, c =5.24+ 0.02A 


giving an X-ray density = 17.7 g cm™$ for 4 mol per 
unit cell. 
The compound used in this study was prepared by 
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melting a stoichiometric mixture of the constituent 
metals in an argon-arc furnace using a nonconsum- 
mable tungsten electrode. Before the argon of 99.98 
pct purity was introduced into the furnace, it was 
passed through CaCl, to remove water vapor and 
afterwards through a stainless steel tube containing 
calcium turnings heated at 600°C for the removal of 
nitrogen and oxygen. The purity of the uranium used 
was better than 99.9 pct and that of the iron was 
99.97 pct. Before and during melting a zirconium 
getter was used to further purify the argon atmos- 


Table 1. Observed and Calculated d-Spacings for U,Fe-Cu KaRadiation 


U ,Fe*** 
Akl dons d obs Tous obs | 
3.150 M 3.157 100 3.15 M 
301 2.873 2.860 W 
2.724 W 2.735 48 
002 2.621 2.612 W-M 2.60 M-W 
321 2.509 2.505 2.50 
420 2.305 2.295 Vw 
411 2.257 2.251 vw 2.25 W 
222 2.127 2.129 M 2.10 Vw 
510 2.022 2.019 Vw 2.02 M-W 
1.935 W-M 1.934 49 
402 1.837 1.833 W 1.83 W 
332 1.782 1.786 VVWw 
600 1.718 
pie 1.717 vvw 1.72 
1.648 M 1.649 47 
611 1.613 1.611 VVW 1.60 W 
323 1.490 1.488 M-S 1.49 M-S 
550 1.458 1.456 WwW 1.46 W 
602 1.437 1.437 W-M 1.43 S) 
622 1.384 1.385 W-M 1.365 S 
004 1.310 1.307 W 1.31 S 
1.274 1.274 M 1.275 M-W 
642 1.255 1.256 W, Br 1.255 18 
1.224 VW, Br 1.233 15 
613 1.217 1.216 VW, Br 1.22 M-W 
831 1.176 1.175 M 1.175 M-S 
910 1.138 1.138 vw 1.135 W 
901 1.119 1.117 W-M 1.1163 13 
504 1.099 1.099 W-M 1.095 W 


842 1.055 1.054 W, Br 1.0523 15 


9535 W 
853 9236 M,VBr 0.924315 


880 0.912 -9123 VVW, Br 
615 0.892 .8907 VVW, Br 


-8106 M, Br 
.7906 M, VBr 
.7748 M, Br 


*§ = strong, M = medium, W = weak, V = very, Br = broad 
*Pattern of H. E. Swanson and R. K. Fuyat: Nat!. Bur. Stand. 
Circular 539, 1953, vol. II, p. 33. 
***Reference 2. 
Cu Ka(A = 1.5418A) 
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phere. The specimen in the form of a 20 g “button” 
was turned over and remelted twice to insure homo- 
geneity. Negligible weight loss was observed after 
melting. 

Difficulty was encountered in grinding fragments 
of the specimen in an agate mortar. The powder 
produced was severely cold worked as evidenced by 
broad and diffuse lines in the powder pattern enabling 
only low angle reflection lines to be observed. Con- 
siderable improvement was effected in the X-ray 
pattern after the U, Fe powder was annealed in a 
sealed silica tube which had been evacuated to 
0.02 4. Hg. The sample was held at 600°C for 24 hr 
and quenched in an ice water bath. The X-ray pow- 
der pattern was obtained with a Straumanis type 
Philips camera of 114.6 mm diam, Although Ni 
filtered Cu K,(A =1. 5418A) radiation was used, no 
objectionable fluorescence was observed. The 
powdered specimen was mounted in a 0.2 mm diam 
glass capillary and sealed before exposure to the 
X-ray beam. 

The powder diffraction data are given in Table I. 
There is excellent agreement between the observed 


and calculated d-spacings based on the unit cell 
dimensions of Baenziger et al. Since the single 
crystal studies of Baenziger et al. were limited to 
(hk 0) and (hk1) data, it was not possible to com- 
pare all the intensities of the powder and single crys- 
tal patterns. However, the strongest reflections of 
both studies, the (321) reflection, agree very well 
when the appropriate multiplicity factor is used. 
Good agreement was also found in a number of other 
reflections of lesser intensity. Despite the precau- 
tions taken in annealing the U, Fe powder, an appre- 
ciable amount of UO, was detected in the powder 
pattern after heat treatment. The powder pattern 
reported by Grogan and Clews is given in Table I. 
Except for the 3.1 5A line, which is the strongest 
line of UO,, their pattern, as far as it goes, com- 
pares favorably with the data from this study. 
Gordon and Kaufmann have reported a diffraction 
powder pattern purported to be U, Fe but it bears 
very little resemblance to the patterns of Table I. 


P- Gordon and A. R. Kaufmann: J. Metals, 1950, vol. 188, p. 182. 
= D. Grogan and C. J. Birkett Clews: J. /nst. Metals, 1950, vol. 77, p. 571. 
5N. C. Baenziger, R. E. Rundle, A. I. Snow, and A. S. Wilson: Acta Cryst., 


1950, vol. 3, p. 34. 


The Effect of Zinc on the Conductivity 
of Copper 


J. W. Borough 


‘Tue electrical conductivity of pure copper is 
markedly decreased by small amounts of impurity in 
solution. The magnitude of this effect has been very 
carefully determined by numerous investigators who 
studied a wide variety of impurity elements. Much 
of this work is summarized in an excellent review by 
Pawlek and Reichel.’ 

The case of zinc impurity in copper is an excep- 
tion to the above in that there has been no well- 
documented study of the effect using high-purity 
starting materials. The values for the effect of zinc 
on conductivity, which are usually taken from unpub- 
lished work by Skowronski,? indicate that zinc in low 
concentration has no effect whatever in lowering the 
conductivity of pure copper. 

This effect, if true, is unusual since it is generally 
known that even in lowest concentration, impurities 
exert an effect on conductivity which is proportional 
to the amount dissolved. It is more reasonable to 
suspect that in the original work on the effect of 
zinc some of the zinc was oxidized out of solution 
during specimen preparation. The following experi- 
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ments were carried out to redetermine the effect of 
zinc on conductivity using high-purity starting ma- 
terials and processing conditions capable of produc- 
ing oxygen-free alloys. 

Materials used in the experiment were ASR 99.999 
pet Cu and Cumingo 99.999 pct Zn. Four 1 lb melts 
were prepared with identical procedure in argon 
atmosphere with crucibles made from Speer No. 580 
graphite. The compositions were 0.0, 0.1, 0.3 and 1.0 
pct Zn. 

Standard No. 14 wire (0.064 in. diam) was made 
from these melts as follows. The 1 pct Zn sample 
was first reduced 94 pct by cold swaging with five 
annealing treatments of 800°C for 10 min in hydrogen 
between swagings, and then reduced 94 pct to the 
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Fig. 1—Percent of I.A.C.S. conductivity as a function of 
percent zinc in solid solution. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


iG 
| 
100 | 
98 
96 
94 
92 
90 
Key 
| 
YW, 
| 
4 
4 


final dimension by cold drawing. The other melts 
were reduced 99 pct by cold swaging and then 50 pct 
to the final dimension by cold drawing without inter- 
mediate heat treatment. 

Three samples from each composition were 
selected and cut to approximately 20 in. for conduc- 
tivity determinations in the cold worked condition. 
Current and voltage measurements were made using 
the four probe technique with a Rubicon High Pre- 
cision Bridge. The samples were then tightly wrapped 
in foil made from 99.999 pct Cu and heat treated 
for 10 min at 500°C in hydrogen. The sample con- 
ductivities were then redetermined in the annealed 
condition. Following the final conductivity measure- 
ments the specimen compositions were verified by 
chemical analysis. 

It is noted by inspection of the plotted data that 
zinc in low concentration has an effect on the conduc- 
tivity of copper which is nearly linear. An approxi- 
mation to the data for the annealed condition is 
given by: 


K =K, - 15.6 (% Zn) 


for zinc content of less than 1.0 pct where K is the 
conductivity of the alloy in per cent of the Interna- 
tional Annealed Copper Standard and K, is the per 
cent conductivity of the unalloyed copper. 

The author is indebted to R. E. Cech for guidance 
and assistance in both the experimental work and 
the writing of this report. 

Electrical measurements were made by L. A. 
Riccardi. 


‘Fk. Pawlek and K. Reichel: Der Einfluss von Beimengungen auf die elek- 
trische Leitfdhigkeit von kupfer. Z. Metallk., 1956, vol. 47, p. 347. 

S. Skowronski: quoted by L. Wyman, Gen. Elec. Rev., 1934, vol. 37, 
p. 120. 


Artifacts in Extraction Replicas 


R. C. Glenn and F. W. Aul 


Exrraction techniques are of particular impor- 
tance in determining size, shape and crystal struc- 
ture of particles smaller than 1000A in steels and 
other alloys. However, artifacts that can arise dur- 
ing the preparation of extraction replicas may lead 
to erroneous conclusions. The purpose of this note 
is to illustrate some of these artifacts and the mis- 
information that can result from their presence. 

An alloy of iron with 0.8 pct Cu was investigated 
in the following conditions: 

1) Solution treated 3 days at 925°C in dry hydrogen 
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Fig. 1—Rod-like 
particles from Fe- 
0.8 pet Cu alloy 
quenched from 925° 
C aged in steps. 
Dry extraction re- 
licas (b) & (c) 
show additional 
copper particles 
precipitated from 
liquid solution dur- 
ing etching. X32, 
000. Reduced ap- 
proximately 39 pct 
for reproduction. 


(c) 1 min etch in 2 pct nital 


and quenched in water. Aged in steps to precipitate 
copper, as follows: heated to 700°C, held 1 day; 
then furnace cooled to 500°C, held 3 days; then fur- 
nace cooled to room temperature. 

2) Solution treated 3 days at 925°C in dry hydrogen 
and furnace cooled to room temperature. 

3) Solution treated 3 days at 925°C or 17 hr at 
1100°C in dry hydrogen to dissolve all copper, then 
quenched in water. 

A normal parlodion dry-extraction technique was 
employed after etching the specimens with “super a 
picral”* or with 2 pct nital. A wet-extraction method a 


*Saturated solution of picric acid in ethyl alcohol, to which a few 
drops of ‘‘Zephiran Chloride’”’ are added. 


was also used in which the parlodion film was sepa- 
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(a) Furnace cooled 
from 925°C 


(6) Quenched from 
925°C 


Fig. 2—Similarity of copper particles precipitated from 
the etching solution during the extraction process. 
Fe-0.8 pct Cu alloy. Wet extraction replicas, 1 min 
super picral etch, X32,000. Reduced approximately 

43 pet for reproduction. 


rated from the specimen by immersion in saturated 
picral. 

In a study of the precipitation of copper from 
solid solution in this alloy, it was noted that “pre- 
cipitates” extracted from furnace-cooled specimens 
appeared in chain-like aggregates of spherical par- 
ticles similar to those described and discussed in a 
previous paper. Further investigation showed that 
particles of the same type were obtained by extrac- 
tion both from quenched and from aged specimens. 
This result was unexpected and it was decided, 
therefore, to compare these particles with precipi- 
tated particles of known shape. It had been shown 
previously»? that copper particles precipitated 
from ferrite at high temperatures or after very slow 
cooling are rod-like, whereas particles formed at 
low temperatures are spherical. A foil was prepared 
from a sample that had been solution treated at 
925°C and furnace cooled in steps. Examination of 
this foil by electron transmission microscopy re- 
vealed the rod-like particles shown in Fig. 1(a). 
Dry extraction replicas were then prepared from 
this material after etching 5 min in super picral or 
1 min in 2 pct nital. Figs. 1(b) and (c) show that 
the rod-like particles were extracted, but that 
spherical particles not apparent in the foil also are 
present. These are more prevalent in the extraction 
from the sample etched with super picral, Fig. 1(0). 

In specimens furnace cooled from 925°C, no evi- 
dence of precipitation was found by transmission 
electron microscopy but particles were obtained by 
extraction, Fig. 2(a). Similar particles were also 
obtained by extraction from specimens quenched 
from 925°C, Fig. 2(b), and even from specimens 
quenched from 1100°C, Fig. 3(5). These particles 
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(@ 30 sec etch 


(b) 4 min etch 


Fig. 3—The effect of etching time on the size of particles 
precipitated from the etching solution. Fe-0.8 pct Cu 
alloy, quenched from 1100°C. Dry extraction replicas, 
super picral etch, X32,000. Reduced approximately 43 pct 
for reproduction. 


were identified as copper by electron diffraction. 
Thus, spherical particles were found in the extrac- 
tion replicas although it is known that all of the cop- 
per was in solid solution in the iron. It is concluded, 
therefore, that the spherical copper particles are 
artifacts precipitated from the etching solution. 

Figs. 3(a@) and (0) show that the number of par- 
ticles precipitated from the etchant in contact with 
the alloy increases with increased etching time. 
Particles were first observed after etching 30 sec 
in super picral; after a 4 min etch they are more 
numerous and some of them appear to have grown 
considerably larger. It is obvious that variations 
in particle size and number can be produced by 
changing the etching time on a specimen which in 
reality contains no precipitate. 

These particles are the result of an electrochemi- 
cal reaction taking place in the etching solution. 
During the etching of Fe-Cu alloys, iron may reduce 
copper ions to metallic copper by the reaction 
Fe + Cutt — Fet* + Cu. 

In an investigation of iron alloyed with 12 pct Au, 
similar artifact particles were extracted, but in 
this instance, the difference in the shape of the par- 
ticles (very thin plates) as seen by direct examina- 
tion of thin foils and those originating from the etch- 
ing solution was so pronounced as to preclude any 
danger of misinterpretation. 

Special care is required in interpreting extraction 
replicas from alloys containing elements that are 
widely separated in the electromotive series (Fe-Cu, 
Fe-Au). The evidence on hand indicates that extrac- 
tion techniques are an important analytical tool, but 
as in the instances discussed, the information thus 
obtained should be verified by other methods. 
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We are indebted to W. C. Leslie and to E. Horn- 
bogen for helpful discussions and for permission to 
report observations made in the course of their 
work, 


1R. L. Rickett and W. C. Leslie: Recrystallization, Structure, and Hardness 
of Low Carbon Steels Containing up to 1% Copper, Trans. ASM, 1958, vol. 51, 


p. 310. 
2&. Hornbogen and R. C. Glenn: A Metallographic Study of Precipitation of 
Copper from Alpha Iron, Trans. Met. Soc. AIME, 1960, vol. 218, p. 1064. 


Activities in Dilute Liquid Solution 
Fe-Si-O 


John Chipman and T. C. M. Pillay 


Tue Si-O equilibrium in liquid iron was investigated 
in some detail by Gokcen and Chipman’ who reported 
equilibrium constants of the following reactions: 


SiO, (s) =Si+ 20; K, =[% Si] x[%0]? [1] 
SiO, (s) + 2H, (g) = Si+ 2H,O (g); 
= [% Si] x (Py 0/P [2] 


(g) + Q= H20(8)} Ks = Py, 
x [% O]) [3] 


In each case the thermodynamic equilibrium con- 
stant K was obtained by extrapolating XK’ to infinite 
dilution. Their results on reaction [1] were con- 
sistent with those of earlier observers, and there 
seems to be little doubt as to the approximate valid- 
ity of the equilibrium product determined. On the 
other hand, the results on reactions [2] and [3] in- 
dicated unusual curvilinear relationships between 
the activity coefficients of silicon and of oxygen and 
the silicon concentration. Since a linear relation is 
observed in all other similar instances, it was con- 
cluded that some source of error had affected the 
gas-metal equilibrium relationships. 

Recently the authors undertook a restudy of these 
equilibria with the view especially to establishing 
the equilibrium constant of reaction [2]. Their ex- 
periments, however, were discontinued before a 
thoroughly satisfactory answer had been obtained and 
consequently have remained unpublished until the 
present time. 

Quite recently Matoba, Gunji, and Kuwana? 
published the results of a very thorough study of 
these equilibria. It is the purpose of the present note 
to compare these three sets of experimental data, a 
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comparison which leads to confirmation of the re- 
sults of Matoba and coworkers. The experimental 
arrangements described by Dutilloy and Chipman 
were employed. A controlled mixture of H,, H,0, 
and argon was led into the induction furnace over the 
surface of the Fe-Si melt contained in a silica cru- 
cible. On account of the slow approach to equilibrium, 
runs were continued for at least 8 hr and, in some 
cases, as much as 12 hr. Samples were taken by 
means of silica tubes at the start and during the final 
4-hr period of each run. Out of twelve runs only 
seven appeared to have approached equilibrium with 
sufficient certainty to be reported here. The results 
of these experiments, all at 1600°C, are shown by 
the triangles in Fig. 1. Equilibrium was approached 
from both oxidizing and reducing conditions and the 
direction of approach is indicated by the shape of 
the triangle. Attempts to extend the study to higher 
silicon concentrations were unsuccessful on account 
of the transfer of silica from the metal bath to the 
upper portions of the crucible by means of a silicon- 
monoxide mechanism. 

Matoba, Gunji, and Kuwana used similar methods 
and approached equilibrium from both sides. Their 
results at three temperatures are shown by the solid 
lines of Fig. 1. A line corresponding to 1600 deg is 
interpolated from their equations and is shown by 
the dotted line. The results of Gokcen and Chipman 
at 1600 deg in the range 0.02 to 2.0 pct Si are also 
shown. At concentrations up to about 0.6 pct Si, 
these investigators approached equilibrium from 
both directions, and their results in this range ap- 
pear to be trustworthy. Above 1 pct Si, however, all 
of their experiments involved oxidation only, as 
shown by a decrease in the silicon content of the 
bath. It now seems certain that they failed to reach 
equilibrium at these higher silicon concentrations 
and that the curvilinear relation shown by their re- 
sults is incorrect. It is evident that their results in 
the lower silicon range are in good agreement with 
those of Matoba and coworkers. In fact, a straight 
line drawn through their results would parallel the 
dotted line and would differ from it by only 0.05 in 
log K. The new data also lie close to that line. It 
may thus be concluded that the three sets of data are 
in good agreement and that the equations proposed 
by Matoba and coworkers for reaction [2] are satis- 
factory. They take the limiting value of log K', at 0 pet 
Si as log K,. The slope of each line gives the value 


e§!, defined as d log f 5; /d [% Si]. Their equations 
follow: 


log K, = -15,640/T + 4.85; AF; = 71,540 - 22.177 


e8; =d log f,,/d [% Si] = 3,910/T - 1.77 


Matoba and coworkers report values for the equi- 
librium constant in reaction [1] which are only 
slightly smaller than those reported by Gokcen and 
Chipman. Compared at 1600 deg the two investiga- 
tions lead to values of 2.3 and 2.8 x 1075 respec- 
tively. It must be recognized that the three equations 
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Fig. 1—Equilibrium in Reaction [2], K’, = [% Si] a 
Lines: Matoba, Gunji and Kuwana. Circles Gokcen and 
Chipman 1600 deg Triangles, present work 1600 deg. 


written are not independent since any one could be 
derived thermodynamically from the other two. Re- 
action [3] has been studied by Floridis and Chipman 4 
whose results are expressed by 


AF, = - 32,200 + 14.637 


When this is combined with the above free-energy 
ee for reaction [2], we find for reaction 
[1]: 


AF°= + 135,940 - 51.437; 
log K, = - 29,700/T + 11.24 


This equation is now to be preferred to either that 
given by Gokcen and Chipman or by Matoba, Gunji, 
and Kuwana. It is in good agreement with the latter 
and gives values for the equilibrium product which 
are compared with experimental values in the table 
below. 

In each investigation’ it was found that the product 
[%Si] x [%O]? is approximately constant up to about 
2 pet Si. This affords a measure of the interaction 
coefficient e$!which, according to this calculation, 
would be negative to half the value for e$}. At 
1600 deg this would be - 0.16. The plot given by 
Matoba and coworkers leads to a value of “= = 
-0,137. The experimental data are not sufficiently 
precise to distinguish between these two closely 
agreeing values. 

Despite the excellent agreement indicated here, 


Table I. Values of the Equilibrium Product a,;-a¢ <10° 


Temperature 1550 1570 1600 1625 1650 1680 


Matoba 1.25 (2.3) 3.65 10.6 
Gokcen 1.05 2.8 7.0 
Calculated 0.9 1.3 2.3 3.8 6.0 10.5 


we must be cautious in accepting such a large devia- 
tion from Henry’s law for silicon in liquid iron. The 
slope in Fig. 1 indicates a value of € + = 

dln y 5;/d Ng; = 36 at 1600°C compared to a value of 
about 4 reported by Chipman, Fulton, Gokcen, and 
Caskey® or a more probable value of about 10 to 12 
from their data. Until this discrepancy is also 
eliminated, we cannot be completely certain of the 
correct slope of the lines in Fig. 1. 


'n. A. Gokcen and J. Chipman: AJME Trans., 1952, vol. 194, p. 171; 1953, 
vol, 197, p. 1017. 

25, Matoba, K. Gunji, and T. Kuwana: Tetsu to Hagané, 1959, vol. 45, p. 
229; Stahl u. Eisen, 1960, vol. 80, p. 299. 

*D. Dutilloy and J. Chipman: Trans. Met. Soc. AIME, 1960, vol. 218, p. 428. 

“T. P. Floridis and J. Chipman: Trans. Met. Soc. AIME, 1958, vol. 212, p. 


549. 
5J. Chipman, J. C. Fulton, N. Gokcen, and G. R. Caskey: Acta Met., 1954, 
vol. 2, p. 439. 


The Formation of Sigma Phase and 
its Effect on the Workability of 
Mo-Re Alloys 


C. Feng and P. Levesque 


Tue addition of rhenium to molybdenum is known 
to produce alloys with good workability... Lawley 
and Maddin found that the critical stress for twin- 
ning in this system was lowered by the addition of 
35 pct* Re, which suggests that twinning may re- 


" Alloy compositions, unless otherwise noted, are given in atomic 
percent. 


place the usual slip operation as the major element 
of deformation. The twinning elements in bcc Mo-Re 
alloys have been reported as the {112} planes and 
the <111> directions.* This note represents the 
continuation of this investigation, in which the au- 
thors found that the occurrence of twinning promotes 
the formation of a bcc tetragonal phase, previously 
identified as o by Greenfield and Beck.* 

Specimens of Mo-35 pct Re alloy, prepared as 
described previously,* were solution annealed at 
2400°C, cooled to room temperature, and plastically 
deformed by compression to induce twinning. After 
subsequent aging for 8 hr at 1300°C, traces of o were 
observed along the grain boundaries and at the inter- 
faces between the twins and the matrix, Fig. 1. With 
increased aging time the o phase grew into larger 
clusters and finally occupied the entire twinned 
area, Fig. 2. Experiments also indicated that if 
twinning did not precede aging, there was no visible 
evidence of o in the microstructure. 


PASCAL LEVESQUE, Member AIME, formerly with The 
Raytheon Co., is President, Electronic Metals and Alloys, 
Inc., Watertown, Mass. CHARLES FENG, formerly with 
The Raytheon Co., is with the Martin Co., Baltimore, Md. 

Manuscript submitted January 12, 1961. IMD 
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Fig. 1—Mo-35 pct Re alloys, aged at 1300°C for 8 hr. 
Magnification, X150; etchant, diluted Murakami reagent. 
Enlarged approximately 12 pct for reproduction. 


Similar experiments were carried out with other 


Mo-Re alloys containing smaller amounts of rhenium. 


It was found that in alloys where the rhenium content 
was 26 pct or lower, no o phase was observed after 
aging, irrespective of the presence of twinning. The 
results are summarized in Table I. The formation 
of o in Mo-Re alloys is thus believed to be bound by 
two conditions: 

1) The alloys must be subjected to twinning or 
other types of plastic deformation. 

2) The rhenium content must be above its solu - 
bility limit in molybdenum. 

Nucleation of o phase along the grain boundaries 
and at the interfaces between the twins and the ma- 
trix demonstrates that the transformation from the 


Magnification, X300; etchant, diluted Murakami reagent. 
Enlarged approximately 12 pct for reproduction. 
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Table I. Transformation in Re-Mo alloys after cold working and aging. 


Occurrence of 


Twinning after Annealing 
Re Compression at Time at o Phase 
Alloys At. Pet Room Temperature 1300°C Formation 
A 2.5 no * 100 no 
B 5.6 no * 100 no 
Cc 12 no * 100 no 
D 18 yes 100 no 
E 26 yes 100 no 
F 35 yes 240 20 pet 


* Deformed at more than 10 pct reduction from original height 


bec to the tetragonal lattice is initiated in a highly 
stressed region. Thermodynamically, twinning as 
well as other forms of plastic deformation may be 
considered as an energy storing process. Upon heat- 
ing, this energy is released and becomes available 
for other purposes, such as recovery and recrystal- 
lization. In the case of Mo-Re alloys, the energy 
stored by twinning is released upon aging and is 
used for the formation of o phase. If such energy is 
unavailable, transformation to o will be inhibited. 

Mechanical tests on the Mo-35 pct Re alloy in- 
dicated that there was a significant drop in ductility 
after the o phase was formed. Originally, when 
cooled to room temperature from its solution treat- 
ment at 2400°C, the alloy was fairly ductile and 
could be deformed more than 50 pct without failure. 
However, the same alloy, after being deformed less 
than 1 pct and aged at 1300°C for 240 hr, was found 
to be brittle and incapable of standing further de- 
formation without failure. Such a loss of ductility 
is connected with the large amount of o present in 
the microstructure, Fig. 2. 

Although twinning in high rhenium alloys may be 
a major element of deformation, it is by far not the 
only element in operation. As mentioned previously,? 
when rhenium content is below 12 pct, no twinning 
was found after a deformation of as much as 30 pct. 
Other types of deformation, such as slip, must be 
taking place in such instances. It is possible that 
the introduction of rhenium atoms into the molyb- 
denum bcc lattice changes the slip system into a 
more favorable one. It is also possible that the ad- 
dition of rhenium may ease the obstruction against 
slip operation which was built up by the interstitial 
elements, such as oxygen, nitrogen, and carbon. 
Both of these possibilities could explain the ductility 
of Mo-Re alloys. The authors feel that in order to 
avoid the danger of o formation which leads to em- 
brittlement of the alloy, the rhenium content should 
be limited between 18 to 26 pct. With proper pre- 
paration and melting techniques, Mo-Re alloys can 
be produced which will be free of o and have good 
workability. 

1G. A. Geach and H. R. Hughes: The Alloy of Rhenium with Molybdenum or 
with Tungsten Having Good High—Temperature Properties. Plansee Proceedings 
1955, p. 245, Pergamon Press Ltd, London, 1956. 

24, Lawley and R. Maddin: J. Metals, 1959, vol. 11, no. 9, p. 591. 


3. Feng: Trans. Met. Soc. AIME, 1960, vol. 218, no. 1, p. 192. 
*P. Greenfield and P. A. Beck: AJME Trans., 1956, vol. 206, p. 265. 
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Steady State Creep in a CuAu,-Alloy 
R. G. Davies 


W EERTMAN’ has shown that the high temperature 
steady state creep rate, €, in lead and indium-base 
alloys obeys an equation of the form 


AH 


where AH is the activation energy, o the applied 
stress, n the stress exponent, and R and T have 
their usual meanings. He observed a variation in 
from 4.5 for pure metals to 3 for concentrated al- 
loys, which he interpreted as due to change in creep 
mechanism from the climb of dislocations in pure 
metals to a micro-creep mechanism in the alloys. 
The Cottrell-Jaswon microcreep mechanism of the 
moving dislocation taking its impurity atmosphere 
with it was considered to be the most likely process, 
although short-range order and the segregation of 
solute atoms to a stacking fault will also give a 
stress exponent of 3. 

Steady state creep has been investigated ina Au - 27 
at. pct Cualloy at temperatures above 1 /2 Ty, where Tyy 
the absolute melting temperature. As the oxidation 
resistance of this alloy is excellent all tests were 
carried out in air with a furnace built to give a tem- 
perature variation of less than +1°C along the 60 mm 
gage length. A lever-arm arrangement applied the 
stress with a load being adjusted between each creep 
test to maintain a constant stress. As each test pro- 
duced less than 0.5 pct creep strain, the variation in 
stress during the test was negligible. The creep 
strain was measured by a transducer at the end of 
one of the alloy-steel grips, with the out of balance 
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Fig. 1—Typical creep curve for gold-27 at. pct Cu alloy. 


R. G. DAVIES, Junior Member AIME, is Lecturer at the In- 
stituto de Fisica, San Carlos de Bariloche, Argentina. 
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Fig. 2—Double logarithmic plot of steady-state creep rate 
at various temperatures for a gold-27 at. pct Cu alloy. 
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potential being finally recorded on a variable speed 
chart recorder. A typical creep curve is shown in 
Fig. 1. 

The results, Fig. 2, confirm that ” is nearer to 3 
than to 4.5; the creep mechanism could be any of 
those given above. The activation energy, 4H, which 
is independent of stress, is consistent with a diffu- 
sion controlled process; the activation energies for 
the self-diffusion of gold and for the diffusion of gold 
into, copper are both ~ 45 kcal per mol.”»§ 

There is now considerable evidence,'»4~? that, when 
the steady state creep is dependent upon diffusion, 
irrespective of the actual creep mechanism, the ac- 
tivation energy is independent of the stress. 

The author would like to acknowledge the financial 
assistance provided by the International Atomic En- 
ergy Agency, Vienna, and the Argentine Atomic En- 
ergy Commission. 
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